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Abstract

Models of the multiple strengthening mechanisms operating concurrently in nickel-based superalloys have been combined to provide predictions of the overall yield strength. Although these are established models, when all of the individual strengthening mechanisms were taken into account, it was found that these models did not compare well in magnitude to experimental data for the yield strength of several commercial alloys, although the trends were well described. To further explore the capability of these models, the role of composition on each of the individual strengthening mechanisms was investigated for the commercial alloy RR1000. Composition was found to have a complex role on the yield strength due to the multifaceted effect of elemental phase partitioning. The methods described may be collectively used to refine alloy composition and microstructure for optimal strength.
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1. Introduction

Polycrystalline Ni-based superalloys are used in many extreme engineering applications where the yield strength is of particular importance, such as gas turbine engines. However, as many different mechanisms contribute to their overall strength, establishing a physically based model for yield strength is complex. Furthermore, the extent of each individual strengthening mechanism is difficult to isolate since they are often affected by the same microstructural features e.g. composition or phase fraction. 

In addition to strengthening of the A1 γ matrix from solid solution and grain boundary hardening, the L12 γʹ precipitates provide substantial increases to the overall yield strength via further solid solution and coherency strengthening. This is in addition to the strength imparted by the anti-phase boundary created by the passage of a dislocation through the ordered structure itself. Multiple size distributions of γʹ are often utilised in polycrystalline superalloys to improve ductility and creep performance [1-3]. The smaller precipitates are typically sheared by dislocations, whilst the largest precipitates are bypassed by Orowan bowing. All of these factors combine to give the high yield strength of Ni-based superalloys. However, different polycrystalline Ni-based superalloys employ different proportions of these strengthening mechanisms, with some favouring high γʹ contents, whilst others rely on the properties of the γ matrix itself.

Whilst the majority of studies have concluded that order strengthening is the most significant mechanism [4, 5], the importance of other strengthening mechanisms is debated. Among these mechanisms, coherency strengthening has been concluded to be negligible in some studies [6], whereas others find it to be the major strengthening mechanism [7-9], and further studies determine that it has an intermediate effect between these two extremes [11-13]. Similarly, the contribution from solid solution strengthening in the γʹ phase has been omitted from some studies [5,14], whilst others have suggested that it is non-negligible [15]. To the authors’ knowledge, the combined effects of strengthening from grain boundary hardening, solid solution strengthening of the γ and γʹ, the coherency strains and the precipitates have not yet been combined together to predict an overall yield strength.

Recently, yield strength modelling has been increasingly exploited in computational alloy design. In such schemes, the composition and microstructures are identified that optimise the properties deemed most important [16, 17]. These schemes seek a balance between the strengthening mechanisms, since some changes augment one strengthening mechanism whilst being detrimental to another. In a similar manner, computational models have been used to predict the mechanical properties arising from a specific microstructure, and subsequently to optimise heat treatments [1][18]. Alternatively, the complex models have been simplified by fitting to equations, which are then used to design superior alloys. For example, data from dislocation simulation models have been used to predict yield strength from microstructural parameters [18]. Similarly, data from the literature has been used to create empirical models, which have been used to optimise mechanical properties [19]. Such studies highlight the potential value of models of yield strength in superalloys, but the different schemes adopted and strengthening mechanisms included suggest that further studies may be useful in identifying the key contributions. 

In this study, the individual strengthening mechanisms of various commercial polycrystalline Ni-based superalloys at room temperature have been determined and combined using models available in the literature. To highlight the roles of composition and microstructure on yield strength, a detailed assessment of the strengthening mechanisms in coarse-grained (CG) RR1000 has been carried out. These data identify the most significant strengthening mechanisms present in Ni-based superalloys at room temperature and give an indication of how they may be tailored through alloy modification. In the design of future alloys, this will allow the microstructure and composition to be optimised for maximum performance. 

2. Method

2.1 Alloys studied

To determine the extent of the multiple concurrent strengthening mechanisms in current Ni-based superalloys at room temperature, 5 commercial polycrystalline Ni-based alloys were studied. The compositions and microstructural parameters of these alloys, used as inputs for the strength models, are detailed in Tables 1 and 2 respectively. For alloy RR1000, both fine-grained (FG) and coarse-grained (CG) variants were considered, as an illustration of the link between microstructure and mechanical properties. 

Table 1 Compositions of commercial alloys studied, in wt.% (and at.% given in brackets).
	Wt.%
(At.%)
	Cr
	Co
	Mo
	W
	Nb
	Al
	Ti
	Ta
	Hf
	Fe
	V
	C
	B
	Zr
	Ni
	Ref.

	IN100
	12.3
(12.9)
	18.3
(17.0)
	3.3
(1.9)
	
	
	4.9
(9.9)
	4.3
(4.9)
	
	
	0.1
(0.098)
	0.7
(0.75)
	0.06
(0.27)
	0.03
(0.10)
	0.05
(0.012)
	Bal.
	[5]

	Rene88DT
	16.0
(17.9)
	13.0
(12.8)
	4.0
(2.4)
	4.0
(1.3)
	0.7
(0.4)
	2.1
(4.5)
	3.7
(4.5)
	
	
	
	
	0.03
(0.15)
	0.015
(0.081)
	0.03
(0.019)
	Bal.
	[20]

	RR1000
	15.0
(16.5)
	18.5
(17.9)
	5.0
(3.0)
	
	
	3.0
(6.3)
	3.6
(4.3)
	2.0
(0.63)
	0.5
(0.16)
	
	
	0.027
(0.13)
	0.015
(0.08)
	0.06
(0.04)
	Bal.
	[20]

	Udimet720
	17.9
(19.3)
	14.7
(14.0)
	3.0
(1.8)
	1.25
(0.38)
	
	2.5
(5.2)
	5.0
(5.9)
	
	
	
	
	0.035
(0.16)
	0.033
(0.17)
	0.03
(0.018)
	Bal.
	[20]

	Waspaloy
	19.5
(21.3)
	13.5
(13.0)
	4.3
(2.5)
	
	
	1.3
(2.7)
	3.0
(3.6)
	
	
	
	
	0.08
(0.38)
	0.006
(0.032)
	
	Bal.
	[20]



Table 2 Microstructural parameters of commercial alloys studied.
	
	Grain Size (μm)
	Primary γʹ Size (nm)
	Secondary γʹ Size (nm)
	Tertiary γʹ Size (nm)
	Primary γʹ Volume Percent
	Secondary γʹ Volume Percent
	Tertiary γʹ Volume Percent
	Total γʹ Volume Percent

	IN100 [5, 21]
	3.1
	1430 
	170 
	12 
	21 
	34
	4.2
	59.2 

	Rene88DT [22, 23, 24]
	60
	-
	100
	20
	0
	36
	6
	42

	FG RR1000 [25] 
	10
	3000
	225
	15
	15
	25
	5
	45

	CG RR1000 [25]
	49
	-
	225
	15
	0
	40
	5
	45

	Udimet720 [26]
	10
	2000
	100
	20
	11.5
	30
	2
	43.5

	Waspaloy [27, 28]
	52
	-
	195
	23.9
	0
	17.9
	4.9
	22.8



To gain further insight into the effect of composition on the extent of the individual strengthening mechanisms present in superalloys, further predictions were made on the alloy RR1000. Calculations were performed whilst varying the bulk composition of RR1000 within the range given in the original patent [25] (Table 3) to determine the different possible yield strengths within this specification, and within a wider range of compositions, indicative of the array of current commercial alloys (Table 3). Compositional variation was achieved by substituting each individual element with Ni. In this way, as a particular element was varied, the concentration of all other elements (except Ni) remained constant at the patented value. The minimum Al content was taken as the minimum content at which ThermoCalc still predicted γʹ phase to be present, with all phases allowed. At lower Al contents, the η phase forms preferentially over the γʹ phase and, as such, this compositional range was deemed irrelevant.

Table 3 Composition range of RR1000 studied in wt.% (the content of Hf, C, B and Zr were kept constant at the patent values). Values in at.% are shown in brackets.
	Element
	Cr
	Co
	Mo
	Al
	Ti
	Ta
	Ni

	Min. wt.% (at.%)
	0
	0
	0
	1.4
(3.1)
	0
	0
	Bal.

	Min. Patent wt.% (at.%)
	14.35
(15.7)
	14
(13.5)
	4.25
(2.5)
	2.85
(6.0)
	3.45
(4.1)
	1.35
(0.4)
	Bal.

	Max. Patent wt.% (at.%)
	15.15
(16.7)
	19
(18.5)
	5.25
(3.1)
	3.15
(6.7)
	4.15
(5.0)
	2.15
(0.7)
	Bal.

	Max. wt.% (at.%)
	30
(32.4)
	24
(23.3)
	6
(3.6)
	6
(12.3)
	6
(7.1)
	4
(1.3)
	Bal.



For each composition within the range, the yield strength and its associated mechanisms were determined using models available in the literature. 

2.2 Thermodynamic Modelling

The ThermoCalc software package with the TCNi7 database was used to predict the equilibrium phase compositions and volume fractions of each alloy. It must be noted that ThermoCalc only provides a single value for the γʹ phase composition, and as such, this composition was used for both the secondary and tertiary distributions of γʹ in the subsequent calculations of yield strength. The equilibrium calculations were carried out with the allowed phases constrained to only γ and γʹ. Although this was therefore not representative of the predicted thermodynamic equilibrium, superalloys are typically produced in the metastable condition. This method was utilised in order to determine the trends with composition in the metastable state and, as such, there were compositional regions included in the present work that may not be typical of current commercial alloys.

The lattice misfit of each alloy was determined using the molar volumes  of the phases predicted by ThermoCalc. These enabled calculation of the lattice parameters (a) of the γ and γʹ phases via


Equation 1
Where  is Avogadro’s number. The lattice misfit () could subsequently be determined by


Equation 2
These input data enabled the yield strength and its multiple underlying mechanisms to be calculated using the models detailed in the following section. Comparison was also made between the yield strength calculated using the predicted equilibrium phase compositions from ThermoCalc, and those determined experimentally from previous studies.

2.3 Yield stress modelling

The overall yield strength () is obtained by summing the individual contributions of each underlying mechanism. These include solid solution strengthening of both the γ and γʹ phases (), precipitation strengthening (), coherency hardening arising from the lattice misfit at the γ/γʹ interface (), grain boundary strengthening (), and the Orowan effect of dislocation bowing around large precipitates ().  In previous studies, this summation has been achieved using numerous exponents, n, between 1 and 2 [5, 13, 14, 29-31] (Equation 3). 


Equation 3
A linear approach (n=1) has been previously found to better fit experimental data [5,14] whilst also minimising the number of fitting factors in the present yield strength model. Alternatively, Ardell [31] used an exponent of 1.8 when precipitates are uniformly sized, but an exponent of 1.4 for alloys exhibiting an extended precipitate size distribution in which both weak- and strong-pair coupling occur simultaneously. In the present study, an exponent of 1 has been used when considering the contribution made by each strengthening mechanism to the overall yield behaviour. This was necessary as other exponents require the strengthening contributions of all mechanisms to be simultaneously known to determine the contribution of each. The effect of different exponents on the overall yield behaviour was considered when all of the contributions were combined towards the end of this study.


2.4 Solid solution strengthening,  

Disparities in atomic size and modulus of solute elements occur in both the γ and γʹ phases, but the latter is commonly disregarded in the literature [5, 14].  In the disordered matrix phase, the degree of solid solution strengthening () may be modelled, as:


Equation 4
here  is the concentration of element i in the matrix [32, 33]. The constants  are dependent on both the atomic size and modulus, and the values, determined from experimental data in the literature [34-37], are reproduced in Table 4. 

Table 4 Solid solution strengthening coefficients for the γ and γʹ phases for each element studied. [32, 34-37]
	Coefficient
	Cr
	Co
	Mo
	W
	Nb
	Al
	Ti
	Ta
	Hf
	Fe
	V
	Zr

	 (MPa/at1/2)
	337
	39.4
	1015
	977
	1183
	225
	775
	1191
	1401
	153
	408
	2359

	 (MPa/at)
	11
	
	41.88
	40
	56
	-
	18.3
	78.33
	159
	20.78
	
	163.7



In the ordered γʹ phase, the effect of the differing propensities for atomic bonding between neighbouring atoms also influences the resultant solid solution strengthening [34]. This is accommodated by varying the exponent in the resulting strength equation [34, 38];


Equation 5
In this case,  is the concentration of element i in the precipitate phase, and the constants  are also given in Table 4. Data could not be found for  for Co and V, however since the content of both elements in the γʹ phase is low, the solid solution strengthening effects of both are considered likely to be negligible and may therefore be disregarded.

To determine the overall effect of solid solution strengthening, the contribution from each element may be summed [39], taking into account the volume fraction of each phase, giving;


Equation 6
for the matrix phase, and


Equation 7
for the precipitate phase, where  and  are the number density of secondary and tertiary γʹ respectively, and  and  are the volume fractions of the γ and γʹ phases respectively.

2.5 Precipitation strengthening, 

The strengthening effect of precipitates in alloy systems is heavily discussed in the literature [5-7, 14, 18, 40-42]. However, classical models of superlattice-structured precipitates, which define the maximum strength as the transition between strong and weak pair coupling (defined for a precipitate size giving maximum strength, ), are insufficient in the case of superalloys. They result in non-physical predictions (a negative yield strength) for very small precipitate sizes, are only valid for low precipitate volume fractions, and are limited at the transition from weak to strong pair coupling, which often coincides with the precipitate size found in Ni-based superalloys [14]. The effect of multimodal precipitate size distributions is also often omitted from classical models [6,7,40-42].

A model that unites the classical regimes of weak and strong pair coupling in order to overcome these limitations [14] is used in the present study to predict the extent of precipitation strengthening. For a bimodal precipitate size distribution, the precipitation strengthening is given by


Equation 8

Where  and  are the number densities of the secondary and tertiary γʹ precipitates respectively, and M is the Taylor factor.  and   are the shear stresses required for a dislocation to cut a secondary and tertiary γʹ precipitate of size r, respectively. These may be calculated using a unified model [14] arising from the force balance between the two dislocations of the pair. The leading and trailing dislocations feel a force balance given by Equations 9 and 10 respectively.


Equation 9

Equation 10
In which  is the anti-phase boundary energy (APBE) of the γʹ precipitates,  is the Burgers vector, l1 is the length of the leading dislocation cutting the precipitate,  and  are defined as the distance between precipitates being cut by the leading and trailing dislocations respectively, and FPair is the dislocation pair force per unit length. These equations may be rearranged to give


Equation 11

Which is calculated for the secondary and tertiary γʹ individually ( and  ). It should be noted that in the original work [14], this equation is incorrect, containing an additional factor of 2.

The shear stress,  is converted to a normal stress by multiplication with the Taylor factor, which is taken as 3. The latter parameter is therefore dependant on the regime of coupling; for strong-pair coupling,  but for weak-pair coupling, l1=2rm . Within the model utilised in the present study, to link these two regimes,  where  is the shear modulus.

The original model in [14] is based upon an average precipitate diameter, where the precipitates are all spherical. However, dislocations travel on slip planes that cut through the precipitates on a 2D plane that does not necessarily contain the equatorial section of the precipitate. The dislocations therefore interact with each individual precipitate via a 2D circular intersection that is likely to be smaller than the full diameter (2r) (Figure 1a). As such, an improvement to the original model can be obtained by using a reduced, effective diameter (2reff), to take into account that the slip plane does not intersect precipitates only at the diameter.  This reduced diameter (2reff) is the average intersection between the slip plane and the precipitate, and is given by the average length of a chord of a spherical precipitate with radius r. 
[image: Macintosh HD:Users:amygoodfellow:Documents:AJG_PhD:Modelling_current:Commercial Alloys - Paper 3 - FINAL x0.6 factor:EffectiveDiameters_3.tiff]
Figure 1: (a) Schematic illustration of a {111} slip plane cutting a number of spherical precipitates of radius, r. The random positioning of each precipitate normal to the slip plane results in a different effective radius, reff, for each precipitate. (b) The average value of 2reff is the average length of the chord bisecting the circular intersection of the precipitate and the slip plane.
The length of a chord cutting a sphere of radius r (Figure 1b) is given by


Equation 12
where θ may be between 0 andπ radians. The average length of reff is given by


Equation 13
Therefore, the precipitate radius used in Equation 11 is modified by a factor of  in the instances where it defines precipitate cutting. In instances where r is used to define values such as volume fraction, the original precipitate radius, r, is still required.

Anti-phase boundary energy (APBE)

A CalPhaD-based approach was used to determine the APBE required in the yield strength models. A full description of this method is provided in [43]. In addition to the γʹ phase composition, the APBE model required values for the enthalpy of the γʹ phase and that of a disordered phase of the same composition. These parameters were determined using ThermoCalc. The APBE could then be calculated using


Equation 14
where ,  and  are the interaction energies for the first, second and third nearest neighbour atoms. 

2.6 Coherency strengthening, 

The extent of coherency strengthening arising from a lattice misfit, , was modelled using the approach described by Reppich [44], which was itself based on previous studies [7, 45, 46];


Equation 15
where  is the average precipitate size, and the constant  is ascribed an average value of 3.7. This shear stress is converted to a normal stress using the Taylor factor, M=3.

It should be noted that ThermoCalc predicts an unconstrained lattice misfit, rather than the constrained value that would be determined experimentally by diffraction based methods. The predicted lattice misfit, and corresponding coherency strengthening effect, is therefore likely to be overpredicted by this method. However, since experimental determination of the lattice misfit was not possible in the present study, the predicted lattice misfits are used to visualise the trends.

The present model for the coherency strength increment may predict a significant coherency strengthening effect. Whilst there is no upper limit set by Equation 15, the extent of coherency strengthening must necessarily be limited by the strength of the γ phase itself, as larger coherency strains cannot be supported by the γ phase, leading to plastic deformation of the γ matrix. Therefore in the present study, the coherency strength () was limited to a maximum equalling the solid solution strength of the matrix phase (). 

2.7 Grain boundary strengthening, 

The role of grain boundary strengthening was studied using the range of grain sizes allowable in the RR1000 patent; from 6 to 45 μm, with the nominal value being 30 μm. 

Grain boundary strengthening is well described by the Hall-Petch equation: , where kHP is a constant (determined to be 750 MPa μm-1/2 for superalloys [14]) and the grain size is given by D. 

2.8 Orowan strengthening, 

Large particles may be bypassed by Orowan looping. The extent of strengthening imparted by this mechanism is commonly given by


Equation 16
where L is the mean precipitate spacing [44].

3. Results and discussion

The calculated contributions from the individual strengthening mechanisms operative in 6 commercial alloys are shown in Figure 2a, with the alloys presented in order of increasing γʹ volume fraction. Evidently, the extent of each strengthening mechanism differs between the commercial alloys. It can be seen that for all of the alloys considered, the most significant mechanism is precipitation strengthening and this tended to decrease as the volume fraction of γʹ increased. Although counterintuitive, this was in fact due to the differing composition of the γʹ phase in these alloys, which therefore affected the APBE (Table 5). Additionally, the γʹ size and ratio of secondary and tertiary γʹ volume fractions affects the resulting yield strength, thereby further complicating the conventional expectation of increasing γʹ volume fraction resulting in increasing yield strength. It is worth noting that the precipitation strengthening effect is dominated by the tertiary γʹ, as this distribution has the highest number density. This explains the similar magnitude of precipitation strengthening in CG and FG RR1000, despite the latter containing a significant amount of primary γʹ.

Table 5 Calculated APBEs for each of the commercial alloys studied.
	Alloy
	APBE (Jm-2)

	IN100
	0.307

	Rene88DT
	0.339

	FG RR1000
	0.322

	CG RR1000
	0.322

	Udimet720
	0.338

	Waspaloy
	0.345



The extent of solid solution strengthening is approximately constant, ~ 200-300 MPa, across all alloys studied. In contrast, hardening through the presence of grain boundaries varies strongly, being largest, ~ 400 MPa, in IN100 (nominal grain size of 3.1 μm) and smallest, ~ 100 MPa, in Rene88DT (nominal grain size of 60 μm). Many alloys are commonly used in both fine- and coarse-grained varieties and it is interesting to note that for RR1000, the fine-grained variant has approximately 100 MPa more strength arising from the smaller grain size. The variation in solid solution strengthening in the fine- and coarse-grained variants arises from differences in the intragranular γʹ volume fraction. Combining these mechanisms linearly results in similar modelled yield strengths for the coarse and fine-grained variants (1330 and 1370 MPa respectively). The role of coherency strengthening also varies significantly, resulting in 300 MPa of strength in Rene88DT, but only 9 MPa in IN100. 

In all alloys, the model predictions when using a linear summation (n=1 in Equation 3) follow the same trends as the experimentally determined yield strengths obtained from the literature [5, 47-50]. However, the models overpredict the yield strength by approximately 300MPa, or more in the cases of Waspaloy and Udimet720. Whilst this discrepancy may arise as a result of one or more sub-models overpredicting the strengthening contribution, this cannot be readily identified in Fig.2. It is important to note that these models were created for each individual strengthening mechanism and, as such, do not quantitatively agree with experiment when all of the individual strengthening mechanisms are taken into account. This is significant, since in reality, each individual strengthening mechanism will have an effect on the overall mechanical properties and therefore all should be considered, and the models corrected as necessary. 

The phase compositions are required as inputs to the yield strength models studied. These may be obtained experimentally, or predicted using ThermoCalc software. These two methods, however, give different results, thereby affecting the calculated yield strength. In alloy CG RR1000 it was found that the Co and Mo partitioning is particularly poorly predicted by ThermoCalc. For example, the Mo content of the γʹ phase was experimentally determined to be 1.66 at.% in the tertiary γʹ, but ThermoCalc predicted 0.4 at.%. An even greater disparity was seen in [51]. Since Mo is a major solid solution strengthener (Table 4), this disparity will have a non-negligible effect on the predicted solid solution strength. Figure 2b shows the yield strength contributions in CG RR1000 obtained using ThermoCalc-predicted equilibrium phase compositions and those using experimentally determined compositions.  Evidently there is no effect on grain size hardening, but the role of coherency and precipitation strengthening vary. In both cases, higher strengths are predicted when ThermoCalc is used to predict phase compositions. The extent of solid solution strengthening does not appear to be significantly affected by using experimental or ThermoCalc phase compositions, as seen in a previous study [52]. Clearly, the accurate determination of phase composition is essential for reliable yield strength modelling. Notably, the yield strength predictions are significantly closer to the experimental yield strength when using the experimentally measured phase compositions, rather than those predicted by ThermoCalc. This is mainly due to differences in the predicted coherency strengthening effect.
[bookmark: _hdoq2u6e8f74]
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Figure 2: (a) The extent of individual strengthening mechanisms at room temperature in a selection of current commercial superalloys, in order of increasing γʹ content. Experimental yield strength values [5, 47-50] are included for comparison to modelled results. (b) Predicted yield strength contributions in CG RR1000 using phase compositions calculated by ThermoCalc compared to those measured experimentally. 
[bookmark: _rwauma8ovy6x][bookmark: _gjdgxs]In order to investigate the role of the exponent in Equation 3 and the method of summing the individual strengthening mechanisms, the yield strengths of the commercial alloys were predicted as a function of the exponent n (Fig.3). The experimentally determined yield strengths for each alloy are shown as markers at the n value that provides the same predicted yield strength. For all alloys, a larger exponent results in decreasing predicted yield strength. Exponents between 1.1 and 1.4 result in the closest fit to experiment, with the exception of Waspaloy, for which an exponent of over 1.6 is required. It is evident that no one value for the exponent in Equation 3 is suitable for all of the alloys studied.  

Whilst these models evidently cannot predict absolute values of strength when all of the individual strengthening mechanisms are taken into account, they may assist in predicting relative changes. They therefore offer the possibility of assessing how compositional and microstructural modifications to an alloy may affect the individual strengthening mechanisms.  This provides insight into the sensitivity of the yield strength to such variations and the extent to which it may be optimised.  In this study, the alloy CG RR100 was used as the base for these analyses. 

[image: Macintosh HD:Users:amygoodfellow:Documents:AJG_PhD:Papers:Paper 3:Resubmission:Fig3.tif]
Figure 3: The predicted yield strength of the commercial alloys determined using different exponents (n) in Equation 3 for the summation of the individual strengthening contributions. Markers show the experimentally determined yield strengths and the exponent required for the model to predict each value.

Effect of grain size

Figure 4 shows the variation in yield strength of RR1000 as a function of grain size. The range of grain sizes specified in the RR1000 patent is also shown and it was found that, within this range, changing the grain size resulted in a change in yield strength of 200 MPa, with the smallest grain sizes resulting in higher strengths. Extrapolating to grain sizes beyond the patent, further strength can be obtained at the smallest grain sizes. However, such grain sizes will inevitably be limited by processing considerations.

[image: Macintosh HD:Users:amygoodfellow:Documents:AJG_PhD:Papers:Paper 3:Fig3.tif]
Figure 4 Variation in grain boundary strengthening in RR1000. The range of grain sizes quoted in the RR1000 patent is indicated by the red lines. 
Effect of compositional modification on individual strengthening mechanisms

In considering the effect of compositional modifications on the yield strength of RR1000, it should be noted that altering the concentration of each individual element affected the partitioning of all other elements between the γ and γʹ phases. These effects are shown in Figures 5a-f, which illustrate the predicted γ phase composition as the concentration of one element is varied above and below that of the nominal patent composition, substituting for nickel. Figures 5a-c show that increasing the concentration of Cr, Co or Mo (the γ-partitioning elements) in the bulk alloy is expected to lead to an approximately linear increase in the content of those elements in the γ phase, as may be expected. In the case of Co or Mo, the concentrations of the remaining elements in the matrix phase remained approximately constant. At zero bulk Cr content, however, the contents of the other γ-partitioning elements decreased concurrently. Altering the bulk content of Cr, Co or Mo did not appreciably affect the concentration of any of the γʹ-partitioning elements in the γ matrix phase.

The effects of these variations in the bulk composition on the solid solution strengthening of the γ phase are shown in Fig. 5g-i. It should be noted that the volume fraction of γʹ phase is not taken into account in Fig.5. Therefore, the values of solid solution strength displayed are the change in the yield strength of the γ phase alone and not that weighted by the volume fraction, which would give . This approach was adopted to highlight the effect of elemental variations on the solid solution strength, decoupled from other effects associated with these compositional changes. Increasing the bulk concentration of each of the γ-partitioning elements (Cr, Co, Mo) resulted in increased solid solution strengthening in the γ phase from that particular element alone. Since the partitioning of other elements was affected, increasing Co resulted in increased solid solution strengthening in the γ phase from Ti and Ta, whereas increasing Cr resulted in decreased solid solution strengthening of these elements, and a small decrease in Al solid solution strengthening. Of the three γ-partitioning elements, Mo had the largest effect on solid solution strengthening in the matrix; a 3.5 at.% increase in bulk Mo content increased the solid solution strengthening by 250 MPa. 

In contrast, altering the bulk concentration of the γʹ-partitioning elements (Al, Ti, Ta) affected the phase partitioning of all elements in the γ phase (Fig. 5d-f). Increasing bulk Al, Ti or Ta content increased the concentration of Cr, Co and Mo in the γ phase, with the Cr increase being particularly pronounced. An Al content of 12 at.% resulted in a Cr content of the γ phase of ~45 at.%. This has important implications for microstructural stability, since increased Cr content in the γ matrix is a strong promoter of the σ phase and severe instability towards the formation of this phase would be expected for an alloy with such a high Al content. 

Increasing the bulk Al, Ti or Ta content increased the solid solution strengthening of the γ phase derived from that particular element. However, in all three cases, the solid solution strengthening effect of the other two γʹ-partitioning elements decreased. The extent of solid solution strengthening of Cr and Mo increased when bulk Al, Ti or Ta content was increased. In contrast, solid solution strengthening from Co remained approximately constant. 

Figure 6 shows the corresponding effect on the γʹ precipitate phase, with Fig.6a-f displaying the phase composition as the bulk composition of each element is individually altered, and Fig.6g-l showing the associated extent of solid solution strengthening. 

Fig.6d and e clearly show that increasing the bulk aluminium content is predicted to give rise to a concurrent decrease in the titanium content of the γʹ phase, and vice versa. This may imply that there is a limiting overall concentration of these elements in the γʹ phase, defining the sublattice occupancy of the ordered L12 structure. However, a possible alternative explanation is that since increasing bulk content of these elements also increases the γʹ volume fraction, the content of the other elements in that phase would reduce (as their bulk content is fixed). Both elements also caused a slight decrease in the Ta content. Increasing Al or Ti content also resulted in an increase of the γ-partitioning elements in the γʹ phase, particularly cobalt. Increased bulk Ti content also reduced the Cr and Mo content of the γʹ phase. The third γʹ-partitioning element, Ta, was seen to reduce the concentration of the γ-partitioning elements in the γʹ phase, and to cause a slight decrease in Ti content.

Varying the concentration of the γ-partitioning elements also affected the γʹ phase composition. Fig.6c shows that increasing bulk Mo content had no effect on the γʹ composition, apart from a slight increase in the Co content. Fig.6b demonstrates that increasing bulk Co content caused the concentration of Co in the γʹ phase to increase significantly, even though this element is classically expected to partition to the matrix phase. Bulk Co content has no effect on the concentration of other elements present in the γʹ phase. Previous studies have found a non-linear partitioning effect of Co, with Co contents above 8 at.% resulting in partitioning to the γ phase, whilst below 8 at.%, partitioning to the γʹ phase [53]. This is in agreement with the present study. Finally, in Fig.6a it is clear that increasing the bulk Cr content had an effect on the concentration of the other γ-partitioning elements in the γʹ phase. Cr increased the Co content of the γʹ phase, but decreased the Mo content. At zero bulk Cr content, the composition of the γʹ phase was higher in the other γ-partitioning elements (Co and Mo), and lower in the γʹ-partitioning elements. 

Fig.6g-l show the corresponding predicted solid solution strength of the γʹ phase. It is seen that Ti had a significant solid solution strengthening effect on the γʹ phase. This may be attributed to its high concentration in the γʹ phase. Additionally, as shown in Table 4, Mo and Ta had the largest solid solution strengthening coefficients in the γʹ phase per volume. Therefore, small changes in Mo or Ta contents lead to significant changes in the solid solution strength of the γʹ phase.

Increasing bulk Cr content resulted in increased solid solution strength of the γʹ phase by Ti and Ta, and to a lesser extent, by Cr itself (Fig.6a). However, this was accompanied by a corresponding decrease in Mo content (~5 at.%), giving rise to a significant drop in solid solution strength, from ~180 MPa to ~10 MPa. Changing the bulk Co or Mo content did not result in significant changes to the predicted solid solution strength of the γʹ phase (Fig.6b and c). 

As the bulk Al content was increased, there was a corresponding decrease in solid solution strength of the γʹ phase. Although Al itself has no role as a solid solution strengthener in this phase, it caused a decrease in Ti content, which does have a strengthening effect (Fig.6j). A higher Al content increased the strengthening derived from the γ-partitioning elements (Cr and Mo), but decreased that of the other γʹ-partitioning elements (Ti and Ta). As previously mentioned, the high Ti content in the γʹ phase gave rise to significant solid solution strength (Fig.6k). However, there was a corresponding decrease in the strengthening effect of Ta, Cr and Mo, except at zero bulk Ti content. At this point the pronounced increase in Cr and Mo contents, and decrease in Ta content, gave rise to relatively significant increases and decrease in the solid solution strengthening from these elements respectively. Finally, Fig.6l clearly shows that increased bulk Ta content caused the solid solution strength of the γʹ phase to increase by up to ~200 MPa over the range of concentrations considered. Notably, the contribution of all other elements remained approximately constant as Ta content was altered.
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Figure 5 Matrix phase composition as the bulk content of (a) Cr, (b) Co, (c) Mo, (d) Al, (e) Ti and (f) Ta are changed. The associated solid solution strength of the matrix phase is shown in (g)-(l) for changing Cr, Co, Mo, Al, Ti and Ta respectively. For each element, the RR1000 patent range is shaded.
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Figure 6 Precipitate phase composition as the bulk content of (a) Cr, (b) Co, (c) Mo, (d) Al, (e) Ti and (f) Ta are changed. The associated solid solution strength of the precipitate phase is shown in (g)-(l) for changing Cr, Co, Mo, Al, Ti and Ta respectively. For each element, the RR1000 patent range is shaded.

[image: Macintosh HD:Users:amygoodfellow:Documents:AJG_PhD:Papers:Paper 3:Fig6.tiff]
Figure 7 The effect of changing the bulk content of individual elements on (a) volume fraction of γʹ, (b) solid solution strengthening in the matrix and (c) solid solution strengthening in the precipitate phases. 

Evidently, each individual element has a contribution to the overall solid solution strength in both the γ and γʹ phases. The overall solid solution strength of the γ and γʹ phases are shown in Fig.7b and c respectively, as a function of changing bulk alloy composition. Each data point on these graphs is the total combination of the individual strengthening increments detailed in Fig.6, but with the associated γʹ volume fraction (shown in Fig.7a) taken into account.

It is seen in Fig.7b that increasing bulk Cr or Mo content increased the solid solution strength of the γ phase and this was approximately linear. In contrast, increased bulk Al content resulted in a linearly decreasing solid solution strength of the matrix, due to the increasing volume fraction of γʹ (and corresponding decrease in volume fraction of γ) (Fig.7a), even though the solid solution strength of the γ itself increased with Al content. Bulk Co content had very little effect on the solid solution strength of the matrix, although the strength was slightly decreased at the highest and lowest Co contents. Bulk Ta content gave rise to the same trend of decreased matrix strength at the highest and lowest Ta contents due to the increasing strength but decreasing volume fraction of the γ phase. Finally, increasing bulk Ti content was seen to result in an approximately linearly decreasing solid solution strength of the matrix phase, except for the case of zero bulk Ti, at which point the solid solution strength was around the same magnitude as that of the alloy with patent composition. 

As shown in Fig.7c, the effect of changing bulk alloy concentration on the solid solution strength of the γʹ phase showed almost inverse trends to that of the matrix. As expected, increased bulk content of the γʹ-partitioning elements resulted in increased solid solution strength of the γʹ phase. However, interestingly, increased bulk Mo content also increased the strength of this phase. The effects of Cr and Co were not linear, resulting in increased solid solution strength of the γʹ phase towards the highest and lowest concentrations. 

The data in Fig.7b and c is simply a summation of the individual solid solution strengthening effects in Fig.5 and 6, weighted by the γʹ volume fraction predicted by ThermoCalc (Fig.7a). In interpreting these results there therefore exists the added complexity of changing γʹ volume fraction. Specifically, increased bulk Al, Ti or Ta content significantly increased the volume fraction of γʹ, leading to large increases in the overall strength of the alloy derived from the solid solution strengthening of this phase, even if the atomic mismatch is relatively small (or meaningless in the case of Al – an essential part of the γʹ structure). In contrast, increasing bulk Cr content decreased the predicted γʹ volume fraction by ~10%, whilst Co and Mo had a negligible effect. As the solid solution strengthening trends from these additions do not follow their associated effects on the γʹ volume fraction, it is clear that the strengthening effects derived from these elements are much more significantly related to the atomic size mismatch. 
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Figure 8 The effect of changing the bulk content of individual elements on (a) precipitation strengthening and (b) APBE.
The effect of changing alloy composition on precipitation strengthening, taking into account γʹ volume fraction, is shown in Figure 8a. Precipitation strengthening is strongly dependant on the APBE and the volume fraction of γʹ, being linearly proportional to the APBE and proportional to the square root of the γʹ volume fraction. For clarity, the effect of changing composition on the APBE is shown in Figs. 8b. 

The most significant precipitation strengthening effect is found by changing Ti content, with a 2.8 at.% increase of the patent Ti content resulting in a ~90 MPa increase in precipitation strength. Reducing the Ti content had a more pronounced effect, with a decrease of 4.3 at.% resulting in a decrease of ~280 MPa in precipitation strength. Ta also had a proportional increase in precipitation strength, whilst Cr had a relatively large negative effect over its larger compositional range, and Mo also decreased precipitation strength. In agreement with the present data (Fig. 8b), it has been previously shown that Ti increases the APBE and resulting precipitation strengthening, whilst increasing contents of Mo and Cr cause a decrease. However, in the same study Ta is seen to reduce the APBE, in contradiction to the present results [43]. Evidently, such high Cr and Mo contents are likely to have undesirable consequences for phase stability. Whilst TCP phases such as σ may not be initially present in the microstructure, upon high temperature exposure as is seen in service, σ may be likely to form, thereby further modifying the phase compositions. 

In contrast, Co and Al contents did not proportionally affect the precipitation strength, with both elements resulting in a maximum strength near the RR1000 patent content; if the bulk content of Co or Al were increased or decreased, there was a resulting decrease in the contribution to the yield strength from precipitation strengthening.

The non-proportional effect of Al on precipitation strength arises from the competition between volume fraction and APBE (Figs. 7a and 8b). Increased Al content decreases APBE since it is an integral part of the L12 γʹ structure, and therefore although it has no direct effect on APBE, it reduces the available space for other elements that occupy the same sublattice in the γʹ structure, thereby reducing the APBE. However, increased Al content also increases the volume fraction of γʹ, thereby increasing precipitation strength. These two effects are in direct opposition, leading to maximum precipitation strength at an intermediate Al content. 

A similar rationale describes the non-linearity of the role of Co, with the effect on precipitation strengthening again being defined by the competition between volume fraction and APBE. However, both of these effects are also non-linear in the case of Co. This arises from the complex phase partitioning behaviour, as discussed earlier. 

The role of Co on APBE is a contentious point. Crudden et al. [43] did not include Co in the total solute concentration, using the rationale that Co has a very similar size and behaves very similarly to Ni, and therefore will not affect the APBE. A separate study [54] has found that increased Co content does increase the hardness of quinary Ni-Co-Al-Ti-Cr alloys, although the specific strengthening mechanism behind this trend was not discussed. A third study on the role of composition on APBE found that Co reduces the APBE, although this effect is not very pronounced [55].

In general, the determination of APBEs experimentally is very difficult. There exist multiple different methods of modelling APBEs, yet due to the experimental issues, it is extremely difficult to determine which models are more accurate. In the present work, the CalPhaD-based approach of Crudden et al. [43] was used. In line with their study and those it is based upon [56], Co was not included as a solute atom in the calculation. In [43], a short-range ordering parameter is also inserted into the model. However, this was not taken into account in the present work, as no data was available to guide the selection of an appropriate value for this parameter. Separately in the study by Crudden et al. [43], the solute concentration was fixed to 0.25, and a DFT-based approach was also tested. All of these methods result in different calculated APBEs. The variation in APBE predicted with these differing approaches is shown in Table 6.

Table 6: Different values for APBE calculated by the different methods detailed in [43].
	Method
	{111} APBE (mJ/m2)

	Co not included in solute concentration1
	322

	All elements included in solute concentration
	179

	Solute concentration = 0.25
	336

	Short-range order factor included
	165

	DFT method
	323


1Method used in the present paper

With such significant differences in the APBEs predicted using the currently accepted methods, obtaining accurate values of APBEs remains challenging. In spite of this apparent disparity, experimentally determining accurate APBEs is equally problematic and subject to significant uncertainty. As such, APBEs for calculations of alloy strength are still most commonly obtained by modelling-based methods. Given the increasing desire to predict alloy properties for optimal alloy design, further research on this topic would be valuable.

Effect of precipitate size and volume fraction
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Figure 9 The contribution to the yield strength of RR1000 derived from precipitate strengthening as a function of precipitate size and volume fraction for the (a) secondary and (b) tertiary γʹ.

In addition to phase composition, the size and volume fraction of the γʹ precipitates play a significant role on the resulting yield strength. The effects of these parameters on the precipitation strength are shown in Fig.9a and b for the secondary and tertiary γʹ respectively. In Fig.9a, the radii of the tertiary γʹ were fixed at 7.5 nm and in Fig.9b, the radii of the secondary γʹ were fixed at 112.5 nm. This enabled the effect of the individual size distributions to be isolated. For both figures, the total γʹ volume fraction was fixed at 45%.

Fig.9a shows that varying the size of the secondary γʹ precipitates had very little effect on the precipitation strength. As the volume fraction of the secondary γʹ was increased, the precipitation strength decreased, primarily as a result of the associated reduction in tertiary γʹ volume fraction. However, this loss of strength was not significant, with an increase in volume fraction of ~30% decreasing precipitation strengthening by ~30 MPa.

In contrast, the role of tertiary γʹ had a much greater effect on precipitation strength. Fig.9b shows that the optimal size for tertiary γʹ precipitates was ~19 nm, which corresponds to the strong-weak transition. Interestingly, the optimum γʹ size increases from ~12nm at a tertiary γʹ volume fraction of 1% to the strong-weak transition size (~19 nm) at 10%. This implies that at lower tertiary γʹ volume fractions, the optimum γʹ size is below the transition, in the weak-pair coupling regime.

Tertiary precipitates larger or smaller than the optimum resulted in decreased precipitation strength. In general, increased volume fraction of tertiary γʹ resulted in increased precipitation strength. However, for sizes below the optimum, there was very little effect of volume fraction. For example, for the smallest tertiary γʹ considered (5 nm), the precipitation strength remained ~700 MPa for all volume fractions between 1 and 10%.

It should be noted that in Fig.9a, the tertiary γʹ were chosen to be of size below the peak of tertiary γʹ strength of Fig.9b. In other words, they are of a size where the yield strength does not vary significantly with tertiary γʹ volume fraction. In contrast, if the tertiary γʹ were of a size corresponding to the peak (~19 nm), a much stronger effect of secondary γʹ size and volume fraction on yield strength would be observed.

Previous studies have found that increased yield strength coincides with increased size of the tertiary γʹ, while the secondary γʹ size remains constant [57]. Similarly, differences of 20% in tertiary γʹ size have been shown to alter the yield strength by over 100 MPa [5]. However, many studies simply do not determine the size of the tertiary γʹ [58], often assuming that it is constant. Jones et al. [59] found that changing Co and Ti content resulted in an increased yield stress of alloy RR1000, and justified this in terms of a 5% increase in volume fraction of the secondary γʹ. However, the size and volume fraction of the tertiary γʹ were not determined. In fact, the approximate size of the tertiary γʹ corresponds to the peak in Fig.9b of the present work, suggesting that the large increase in yield strength could in fact be due to the changing volume fraction of tertiary γʹ. These observations may explain the reported disparity in the relative importance of secondary or tertiary γʹ on overall alloy strength and highlight the importance of fully characterising both distributions if alloy strength is to be understood. 

In the model for precipitation strengthening used in the present study [14], the number density of γʹ precipitates controls the yield strength (Equation 8), and therefore for a fixed total volume fraction, a greater number of smaller precipitates provides a greater strengthening effect. However, extrapolating to the extreme of a unimodal distribution of ~15 nm tertiary γʹ does not necessarily infer the optimal mechanical properties, and has been shown to be detrimental to other alloy properties such as ductility [1].

Effect of compositional modification on overall yield strength

Multiple mechanisms contribute to the strength of superalloys. The compositional dependencies of each of these mechanisms are shown together in Fig.10, along with the overall yield strength, which has been calculated using an exponent, n, of 1 to show the individual mechanisms as well as 1.4 and 1.8, following Ardell [31], and which were seen to more effectively predict overall yield behaviour (Fig.3). Importantly, all of the strengthening contributions have been calculated taking into account the effect of composition on γʹ volume fraction. The maximum yield strengths obtained whilst varying the content of each individual element, were achieved at minimum Cr or Co contents (0 at%), maximum Ta content (~1.3 at.% Ta), and intermediate values of Mo or Ti content (~2.5 and ~4.1 at.% respectively). When varying Al, the maximum yield stress was achieved at both the highest and lowest Al contents, with a minimum yield strength at ~6 at.% Al.

For the γʹ-partitioning elements, the increased γʹ volume fraction acted to either accentuate or diminish the trends for each strengthening mechanism, depending on whether the strength was directly or inversely proportional to the element content. For example, increased Al content caused a decrease in precipitation strengthening due to the significantly decreased APBE (from 0.35 Jm-2 to 0.25 Jm-2), but since the volume fraction of γʹ was increased, the overall trend was not as significantly decreased. In contrast, increased Ti content increased the precipitation strengthening, and the fact that there was also an associated increase in γʹ volume fraction acted to accentuate this increase. The γʹ volume fraction was less dependent on the content of the γ-partitioning elements.

It was found that increasing bulk Co content from 0 to 24 at.% decreased yield strength. This was almost entirely due to the coherency strength, which decreased by ~100 MPa due to a corresponding decrease in the lattice misfit (from 0.36 to 0.27%). Increasing bulk Ta content by 1.3 at.% resulted in a yield strength increase of just ~30 MPa, due to increasing precipitation and solid solution strengthening. Some counterintuitive trends are noticeable in Fig.10, for example the fact that increasing Ta content resulted in decreased coherency strengthening. This is unexpected, since Ta is a large atom which partitions preferentially to the γʹ phase, and therefore should increase the lattice parameter of the γʹ phase faster than that of the γ, leading to increasing (positive) lattice misfit. However, the Ta content increases to a similar extent in both γ and γʹ phases (~1.7 and ~2.6 at.% respectively) whilst it also causes Mo to partition more into the γ phase. The combination of these effects results in the lattice parameter of the γ phase increasing more than that of the γʹ, leading to a decreasing lattice misfit. The other elements studied did not give linear trends due to the non-linear precipitation and coherency strengthening effects. The non-linear precipitation strengthening cases are discussed above in relation to Fig.8. 

A second counterintuitive trend is that Cr was seen to decrease the lattice misfit. Since Cr is a small atom which partitions to the γ phase, it should be expected to decrease the lattice parameter of the γ phase more than that of the γʹ, leading to an increasing (positive) lattice misfit. In fact, Cr modifies the elemental partitioning of Mo (Fig.5a and 6a), further raising the Mo content in the γ and reducing it in the γʹ at high Cr contents. Mo, as a large atom, has a significant effect on lattice parameter, resulting in a decreasing lattice misfit as Cr content is increased. 
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Figure 10 The predicted yield strength of RR1000 and the extent of each individual strengthening mechanism as the content of (a) Cr, (b) Co, (c) Mo, (d) Al, (e) Ti and (f) Ta is changed. The total yield strength is shown as predicted using an exponent, n, of 1, 1.4 and 1.8.

As mentioned above, the extent of coherency strengthening was capped at the maximum solid solution strength of the γ phase, as greater coherency strength would be associated with local stress that could not be supported elastically, causing yield of the matrix. This gave rise to non-linear yield strength variations in the case of changing Cr, Al, Ti or Mo content. For example, Mo is a large atom which tends to partition to the matrix phase (Fig. 5c and 6c), thereby resulting in a decreasing (if positive) lattice misfit. However, Mo additions concurrently increased the solid solution strength of the gamma phase (Fig. 5i). For low Mo additions, the large predicted coherency strength was limited by the solid solution strength of the matrix phase, and as this increased with Mo addition, the benefit that could be derived from coherency strengthening also increased. However, after ~2.5 at.% Mo, the coherency strengthening effect was less than the solid solution strength of the matrix, and was no longer limited in this way. Therefore, the natural tendency of Mo to decrease lattice misfit and the resulting coherency strengthening is visible in Fig. 10c from this point.

The extent of coherency strengthening is dependent on the magnitude of the lattice misfit, irrespective of the sign. The non-linear change in coherency strengthening with bulk Cr content is explained by the fact that the lattice misfit continually decreases on Cr addition. Above the patented composition range, the lattice misfit was found to be negative, whilst at the nominal composition and below, it was positive. The magnitude of the lattice misfit, therefore, does not linearly decrease, but decreases to a minimum at ~8 at.% Cr above the nominal composition, and then increases. The same effect occurs on changing the Al content, with the minimum at ~3 at.% Al above the nominal composition. The highest Ti content alloy also had a negative misfit, explaining the slight gradient change at ~1.7 at.% Ti above the nominal composition. All of the other RR1000 variant alloys had a positive lattice misfit.

The present study has sought to explore the extent to which theoretical predictions for alloy strength may be used to gain insight into the effect of alloying. This has highlighted the importance of elemental partitioning and how this modifies the fraction of equilibrium phases and their compositions. As seen in Fig.2, however, this may not exactly describe the situation in reality. The significant role of Mo on coherency strengthening (Figure 10c) arises from the large atomic size misfit between Mo and Ni atoms, and the fact that Mo is expected to partition almost entirely to the γ matrix phase. However, this has been shown in previous literature to not be the case experimentally [50] and therefore this effect is likely to be less than predicted. A similar effect is seen with Co, but to a much lesser extent, since the atomic size of Co is much closer to that of Ni and it consequently causes less lattice expansion. Therefore, accurate determination of the experimental phase compositions and microstructural features remains essential for reliable modelling of mechanical properties.

The role of temperature

It should be noted that the model used in this study is applicable to room temperature yield. Extension to the high temperatures commonly experienced by Ni-based superalloys in service is theoretically possible by using constants derived from high temperature data in the individual equations of the semi-empirical sub-models. However, it is known that the specific deformation mechanisms occurring and the extent of each, change with temperature, as well as applied stress and strain rate [60]. Empirical descriptions for how some of these mechanisms affect yield behaviour have yet to be established. As such, extension of these models is not trivial and remains important further work. 

Sources of uncertainty in the yield strength model

Whilst the models described in this study have been used to investigate the role of varying composition and microstructural parameters on yield behaviour, it is clear that reliable quantitative prediction remains difficult. Addressing this issue is non-trivial as the complexity of Ni-based superalloys prohibits unambiguous separation of the contributions of each strengthening mechanism. This is due to the fact that compositional or microstructural modifications of alloys inevitably affect more than one strengthening mechanism at a time. Despite this difficulty, it is possible to identify several likely causes of uncertainty in the model as it is currently formulated that may be addressed through future research.

First, the model for coherency strengthening is based on a unimodal, low γʹ volume fraction, which does not apply to most Ni-based superalloys. Additionally, it does not consider the secondary and tertiary γʹ phases as having distinct compositions, which would necessarily result in differing coherency strengthening contributions. Second, the prediction of APBE is not trivial and there exists a real lack of experimental data with which to compare predicted results. As such, the predicted APBE values on which the precipitation model is based are potentially sources of uncertainty. Thirdly, some strengthening mechanisms may overlap, for example the solid solution strengthening effect in the γʹ may be linked to strong-/weak-pair coupling. Finally, as discussed in relation to Fig.3, the method of summation of the individual strengthening mechanisms is debated in the literature. It is shown in Fig.3 that the yield strength mechanisms of different alloys must be summed to different exponents in order to fit experimental data. However, the physical basis for the range of exponents required remains unclear.

Conclusions

The contributions of the individual strengthening mechanisms to the overall yield strength at room temperature of six commercial polycrystalline Ni-based superalloys have been modelled and, when combined together, found to agree well with the trends in experimental data. However, when all of the individual strengthening mechanisms are considered, the magnitude of the yield strength is overpredicted by ~300 MPa when using a linear summation of the individual strengthening mechanisms. Summing the individual mechanisms to an exponent between 1.1 and 1.4 was found to result in predictions closer to the experimental yield strength values, with the necessary exponent dependent on the specific alloy. Precipitation strengthening was found to be the most significant mechanism and decreased with total volume fraction of γʹ due to the combination of multiple factors. The effect of varying alloying element concentration on the various strengthening mechanisms of RR1000 was elucidated, and the content of individual elements was found to have a complex role on yield strength. This is due to the multifaceted effect on elemental phase partitioning, which was often found to be more significant than the variations in the γʹ volume fraction. The phase partitioning of individual elements in superalloys is relatively well understood. However, this belies the complex effects that varying the concentration of an individual element has on the remaining elements, which can lead to counterintuitive consequences for the various strengthening mechanisms. Differences in chemistry of the secondary and tertiary γʹ have a significant effect on individual strengthening mechanisms. In addition to phase composition, microstructural parameters were shown to affect the yield strength, with minor deviations of the tertiary γʹ size or volume fraction leading to significant changes in yield strength. These parameters may be carefully controlled through sagacious selection of heat treatment, enabling the room temperature yield strength of Ni-based superalloys to be optimised to meet the needs of industrial applications. However, for such activities to be effective, further work is required on the sub-models describing the individual strengthening mechanisms so that reliable quantitative predictions can be made.
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