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Abstract

The development of analog resistive non-volatile memory elements is of great interest for
future information storage technology. These devices can be used to emulate the electronic
behaviour of biological synapses and neurons for neuromorphic computing or sensing
applications. Hafnia is a promising material to use in resistive memory systems due to its
high industrial compatibility. Both the migration of oxygen ions and ferroelectricity are two
mechanisms actively being explored to drive resistance change in hafnia based devices. This
thesis explores the interplay between interfacial redox chemistry and ferroelectricity and how
these influence the resistance switching behaviour in epitaxial hafnia films.

A device stack is engineered to elicit large resistance changes through both ferroelectricity
and interfacial redox reactions. Ultra-thin epitaxial Y doped HfO2 (YHO) is grown with
a controlled oxygen stoichiometry. To stabilise the polar phase in YHO and provide a
resistance-tuneable bottom interface, YHO is grown on La0.66Sr0.33MnO3 (LSMO) buffered
Nb doped SrTiO3 substrates. In-depth X-Ray diffraction based structural analysis identified
the polar nature of the film and a strain induced rhombohedral distortion. Ferroelectricity in
the film was confirmed by piezoresponse force microscopy. In device configuration, using an
Au top electrode with an ultra-thin Ti adhesion layer, a resistance switching mode with large
on-off ratio was observed. The pristine device was stabilised in an intermediate resistance
state and did not need an electro-forming process. The mode reversibly switched between
a purely capacitive (Schottky) and resistive (Ohmic) state, a Schottky-to-Ohmic transition
(SOT). A series of voltage pulse trains were used to explore the intermediate resistance
states of the system. Both analog and integration behaviour was demonstrated, depending on
the pulse profile. The SOT may therefore find application as both a synapse and a neuron
respectively in neuromorphic applications.

Capacitance-voltage measurements were employed to correlate the ferroelectric polarisa-
tion reversal with the SET process and not the RESET process. Therefore, ferroelectricity
was indicated to only be partially responsible for the observed resistance change. Electrode
area dependent current measurements suggested that in the low resistance state, current
transport occurred through a localised conductive filament. A detailed analysis of the inter-
face chemistry suggested the importance of precisely designed oxygen scavenging at both
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interfaces to stabilise the SOT. Furthermore, interface stoichiometry changes were observed
during resistance switching by a combined hard photo-electron spectroscopy and electron
energy loss spectroscopy study.

Impedance spectroscopy measurements were used to correlate the stoichiometry changes
at the LSMO|YHO interface to resistance changes during the SOT. The conductive pristine
resistance state was shown to predominantly be limited by the LSMO|YHO interface and was
proposed to occur due to oxygen scavenging at the top electrode, by-passing through-grain
conduction. Analysis of the SOT analog switching behaviour showed that both the YHO
layer and the LSMO|YHO interface switch separately during the RESET operation, but
simultaneously during the SET process. Furthermore, stack modifications demonstrated the
importance of using an ultra-thin LSMO to stabilise the SOT. It was hypothesised to occur
due to interface strain enhanced defect formation, oxygen transfer or symmetry changes at
the LSMO|YHO interface.
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Chapter 1

Introduction

The development of computing devices and efforts to represent natural intelligence in
hardware have long co-evolved [1].

The growth in transistor density and associated computational power has steadily kept
pace with Gordon Moore’s empirical prediction that the number of transistors on an integrated
chip would double roughly every 24 months [2], later to become known as Moore’s law.
The increase in component density was accompanied by favourable Dennard scaling, which
demonstrated that as transistors decreased in size, their areal power density remained constant
[3]. This allowed manufacturers to massively increase the performance of their chips without
ballooning energy consumption. As transistor sizes reached the nanometre scale, Dennard
scaling began to falter. Quantum mechanical effects influenced current leakage, leading
to increased power consumption and began to limit processing speed. To combat this,
transistor material chemistries were modified and computer architectures began to depart
from performing computing tasks sequentially and moved towards parallelising operations,
which proved particularly useful for data-intensive applications.

Artificial neural networks (ANNs) are a collection of statistical methods aimed at pattern
recognition by emulating functions of the human brain. As processing power increased, ever
larger ANNs were created. Tracking the advances in artificial intelligence is challenging
since progress algorithms and data are difficult to quantify. However, the total compute
necessary to train the most advanced machine learning (ML) models can be evaluated [4,
6], see Fig. 1.1 a). Before 2010, the compute demand from ANNs was roughly in line with
that of Moore’s law, doubling every 24 months. Around 2012, an inflection point occurred.
Inherently parallel computing architectures, such as graphics processing units (GPUs), were
starting to be used to train ML models. Parallelisation proved to be extremely viable. As
modern neural network architectures [7] scale tremendously well from using bigger models,



2 Introduction

Figure 1.1: a) Compute demand for ML models, data from [4], b) Inference performance of
NVIDIA datacentre GPUs, data from [5].

larger datasets and longer training time[8], a boom in compute demand for model training
ensued, doubling every ∼3 months.

The growth in compute demand has outpaced the growth in compute performance of
even the most advanced GPUs. Fig. 1.1 b) displays NVIDIA datacentre GPU’s processing
performance for comparison. Over the past decade GPU performance supply improved 103x,
while training demand increased by almost 105x. At the time of this writing, we are currently
witnessing a historic build-out of compute capacity, with data-centres expanding rapidly to
train next-generation models. Yet this scale-up of computational capacity also escalates its
energy consumption, which may create stresses in electricity supply [9, 10]. While the slow-
down of Dennard scaling has limited improvements in processing efficiency, this is not the
limiting factor [11]. The root of the problem originates from the von-Neumann architecture,
on which almost all modern chips are built [12]. The separation between random access
memory (RAM) and compute requires a resource-intensive data transfer, which can have a
≈100x higher energy cost than processing it [13, 14], resulting in the so-called von-Neumann
bottleneck. A number of solutions have been proposed to circumvent or alleviate these
limitations, including novel architectures, 3D stacking of components [15], using optical
data-transfer on chip [16] or even entirely novel computing paradigms [17].

This thesis discusses the use of analog resistive memories to directly perform in-memory
computation and representing the synapses and neurons of artificial neural networks (ANNs)
in hardware [1]. ANNs consist of a large diversity components, of which the perceptron is one
of the simplest building blocks [20]. A perceptron receives signals from multiple input nodes,
where each input signal is multiplied by its associated synaptic weight. The weighted signals
are summed and passed through an activation function, where processed signal is propagated
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Figure 1.2: a) Schematic of the data shuffling in the von Neumann Architecture, with
permission from [18] b) Vector-matrix multiplication in a crossbar array, with permission
from [19].

to subsequent perceptrons. In the von Neumann architecture this multiply-and-accumulate
(MAC) operation requires extensive data movement, see Fig 1.2 a), from the processing unit
to external dynamic random access memory (DRAM). Fast, near compute storage, static
random access memory (SRAM), is limited due to its low areal density. However, if analog
resistive memories are arranged in a crossbar array, as shown in Fig 1.2 b), Ohm’s and
Kirchhoff’s law can be used to directly perform the MAC operation in memory during a
single compute cycle [18]. Synaptic weights are stored in analog resistive memories as
conductance values. More complex computations can be achieved by using voltage pulses to
represent action potentials, leveraging the temporal and higher order dynamics in the resistive
memories [21, 22].



4 Introduction

1.1 Thesis Aim

This thesis aims to investigate the ferroelectricity and oxygen electrochemistry of HfO2 based
heterostructures through their memristive response. Both modes have been shown to individ-
ually exhibit memristive properties. By studying these concurrently in a single memristive
system, we aim to uncover insights into the nanoscale screening phenomena in ferroelectric
HfO2 and the nature of its ferroelectricity. The memristive response is engineered by tuning
both the film and the interfaces of HfO2. The growth of the ferroelectric phase is favoured
by doping the film with aliovalent Y, which further introduces a controlled concentration
of oxygen vacancies. The heterostructures are grown epitaxially to minimise the effect of
non-ferroelectric phases. This will be achieved by growing the film on La0.67Sr0.33MnO3

(LSMO) buffered substrates, which can stabilise the epitaxial growth and provide a rich
platform for memristive behaviour, especially in the ultra-thin regime due to its thickness
dependent resistance tunability. To disentangle the memristive response hard X-Ray photo-
electron spectroscopy (HAXPES) and impedance spectroscopy will be used. HAXPES is
a particularly powerful technique to track redox reactions and changes in band-alignment
between resistance states, whereas impedance spectroscopy can deconvolute resistance and
capacitance changes within various elements of the device stack.



Chapter 2

Theory and Background

Chapter Summary

This chapter introduces the theoretical background and covers literature context for the
data presented in the experimental chapters.

The first section covers the phenomenon of ferroelectricity and how surface charges
are screened through external electrodes and charge carriers residing within the film. The
emergence of ionic defects, how these can interact with electric charge carriers and the
transport of ions and electrons is discussed. Next, the literature is surveyed on how ferro-
electricity and ionic defects can modify conduction currents in thin film devices and lead to
various resistance switching modes. Finally, the specific materials used in this manuscript
are detailed and how their unique properties may contribute to resistance switching response.
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2.1 Theory

2.1.1 Ferroelectricity

Polarisation

Ferroelectric materials are natural candidates for memory applications, owing to their switch-
able spontaneous polarisation. Dielectric materials in the linear approximation exhibit a
polarisation PD under applied electric field E due to alignment of of dielectric dipoles,
according to

PD(E) = ε0(εr −1)E, (2.1)

where ε0 is the permittivity of free space and εr the relative permittivity. Ferroelectric mate-
rials possess an additional spontaneous polarisation PFE , such that the total polarisation is
P = PD +PFE . Below the Curie Temperature TC, a phase transition occurs from a paraelec-
tric to a ferroelectric phase. In displacive ferroelectrics, this is accompanied by the freezing
out of a soft-mode phonon, resulting in the formation of a spontaneous polarisation [23].
When sandwiched between conductive electrodes and upon application of an electric field
above a characteristic coercive field E≥Ec, the ferroelectric capacitor exhibits a hysteretic
P-E relationship as shown in Fig 2.1 a). This is contrast to dielectric polarisation, which has
a linear relation with the electric field [24]. The polarisation switches orientation at |E| >Ec,
reaches a maximum at the saturation polarisation Ps and on removal of the field, retains a
remnant polarisation Pr. Around Ec, the polarisation passes a region of zero net polarisation.
Intermediate states of ferroelectric polarisation originate from the the formation ferroelectric
domains, that are locally uniform regions of ferroelectric polarisation. The net polarisation is
described as a sum of the polarisations of individual domains

PFE = Σ
N
i=1Pi

domain, (2.2)

where N is the number of domains with polarisation Pi
domain. Different orientations of

ferroelectric polarisation are separated by a ferroelectric domain wall [25].

Ferroelectric capacitor structures form the basis of commercial ferroelectric memories
[26]. The write operation is the application of a voltage pulse, where V≥VC, to the capacitor
changing the direction of the ferroelectric polarisation and representing logic ’0’ and ’1’. One
of the common ways to measure polarisation relies on the determination of the displacement
current density JD = dD

dt , which is a time derivative of the displacement field D = ε0E+P. If
there is no change in conduction current density JC, the read operation requires a unipolar
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destructive voltage pulse V≥VC. Polarisation reversal causes a significant increase to JD and
allows the deduction of the previous polarisation state by means of a charge reference.

Figure 2.1: a) Polarisation - electric field relation of a ferroelectric. Adapted with permission
from Ref. [23] b) Charge density distribution of a ferroelectric capacitor with two different
electrode materials. Fig. adapted with permission from Ref. [27].

Polarisation Screening

Interfaces of a ferroelectric material host bound charges giving rise to a depolarising field,
ED. The energy minimum of the system is a balance between the energy reduction from
the polarization stabilisation and and the energy increase associated with the resulting
depolarizing field. It is therefore necessary to consider the screening of bound charges.
Ideally, the ferroelectric polarisation is screened by an infinitesimally thin sheet charge
density σS just outside of the ferroelectric surface, perfectly compensating the ferroelectric
surface charge density σP =P. Real metals have a finite Thomas-Fermi screening length, li,
such that the σS extends into the metal along dimension z, see Fig. 2.1 b). The screening
charge σS of a ferroelectric capacitor is dependent on the polarisation P, the ferroelectric
thickness d, the relative permittivity of the ferroelectric εr and and the ionic permittivity of
each metal εM,i, where i = 1,2 stand for metal M1, M2.

σS =
Pd

εr(
l1

εM,1
+ l2

εM,2
)+d

(2.3)

The difference between σS and P governs the magnitude of the depolarising field ED

[28].
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ED =−σP −σs

ε0εr
(2.4)

This relation can be examined in two limits. At perfect screening ln → 0, σS = P and
ED = 0. Here the polarisation is perfectly screened. On the other hand, if ln → ∞, σS =
0 and ED = - σP

ε0εr
. The polarisation is not screened at all, which leads to the suppression

of net polarization, for example through the formation of domains [27]. The screening of
ferroelectric polarisation is complex and can come in a variety of forms, interested readers
are encouraged to refer to the following reference [29]. Importantly, the depolarisation field
becomes more significant as the thickness of the ferroelectric decreases.

Finally, we will consider the case, where the ferroelectric material itself contains residual
free charge carriers. When a metal and a semiconductor are brought into contact, dissimilar
Fermi levels are equalised, often through a charge transfer between the two materials. For an
n-type material in contact with a high work-function metal, this results in electron carrier
depletion with a width w. The carrier depletion bends the valence and conduction band
upwards resulting in the formation of an interfacial Schottky barrier of height φ 0

b [30]. The
barrier height formation is complex [31] and is dependent on the band-offsets [32], density
of interface states [33], the dielectric constant [34, 35] and the doping density [36] of the
material. A built-in voltage Vbi is present, which is dependent on the density of states in the
valence band of the semiconductor NV ,

Vbi = φ
0
B −

kBT
q

ln
[

NV

ρ(T )

]
, (2.5)

where kB is the Boltzmann constant, T the temperature, q the electronic charge and ρ the
charge carrier concentration. The presence of a ferroelectric polarisation induces an additional
surface charge density, which modifies the built-in voltage according to V ′

bi =Vbi ± P
ε0εst

δ ,
where δ is the distance between the ferroelectric surface charge and the material interface and
εst the static permittivity. The depletion region width w of the Schottky barrier, in equation
2.6, is therefore not only dependent the total charge carrier density Ne f f but also on the
ferroelectric polarisation. This can give rise to interesting polarisation-dependent transport
phenomena, as discussed in section 2.2.1

w =

√
2ε0εst(V +V ′

bi)

qNe f f
. (2.6)
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2.1.2 Ionic Defects

Defect Generation

The presence of ionic defects is unavoidable in crystalline materials. These imperfections
can create energy levels within the bandgap and therefore strongly influence the electronic,
optical and magnetic properties of a material [37], often degrading the performance of a
functional device. However, the controlled incorporation of defects can be beneficial in
certain applications. Here, we will only consider one of the most prevalent zero-dimensional
defects present in oxide thin films, the oxygen vacancy. Defects form through three primary
mechanisms: thermodynamics, redox reactions or impurities [38]. Formation pathways are
represented through chemical reactions using the Kröger-Vink notation [39].

The formation of ionic defects is dependent on its Gibbs free energy of formation,
∆G f orm = ∆H f orm-T ∆S f orm, where ∆H f orm and ∆S f orm are the enthalpy and entropy of
defect formation. At finite temperature, defects are natively present due to the entropic
contribution to the free energy. An example would be the formation of a Frenkel defect,
where an oxygen ion OO departs its lattice position to become an interstitial ion Oi and
leaving an oxygen vacancy VO.

OX
O ↔ O′′

i +V ••
O (2.7)

The free energy of formation is also strongly influenced by the oxygen chemical potential.
When two materials of differing oxide formation energies are interfaced, an equilibrium
oxygen concentration is established through redox across the interface of the two materials
∆G = RT lnK, where K is the equilibrium constant and R the gas constant. This process
is often kinetically limited due to low oxygen mobility at ambient conditions. The redox
reactions creates a degree of non-stoichiometry in the reduced material, which also results in
the formation of additional electronic charge carriers.

OX
O ↔V ··

O +2e′+
1
2

O2 (2.8)

Finally, aliovalent impurities spuriously present or deliberately incorporated can create
oxygen vacancies. For semiconductors such as silicon, doping a host lattice with aliovalent
elements results in the creation of electronic charge carriers. However, wide bandgap
materials, such as ZrO2 or HfO2 only have a narrow range in which the Fermi level is stable
[40]. Instead, aliovalent doping, which pushed the Fermi level beyond the stable range,
results in the formation of ionic defects. To illustrate, the trivalent N3+ is replacing the
tetravalent M4+ in the MO2 lattice. The substitution of N3+ creates valence band hole state,
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which shifts the chemical potential, such that the creation of a compensating oxygen vacancy
becomes favourable.

N2O3 +2M×
M +O×

O → 2N′
M +V··

O +2MO2 (2.9)

Charge Trapping

Mid-gap defect states interact with electronic charge carriers. If the trap state lies beneath
the Fermi level, an electronic charge carrier can become trapped. The Shockley-Read-Hall
theory [41] describes the generation (electron-hole pair creation), recombination (electron-
hole pair annihilation) and immobilisation (trapping) of charge carriers by ionic defects.
The trapping mechanism can be broken down into, capture: carrier finds imperfection and
becomes immobilised, and emission: thermally or otherwise excited charge carrier is released
back into conduction or valence band. The life time, τe, for which a charge resides within
a trapped state, depends on the energy difference between the trapped state, Et , and the
conduction (valence) band for electrons (holes), EC (EV ). τe is further influenced by the
capture cross-section σ , NC the effective defect density and vth the average carrier thermal
velocity.

τe =
1

NCσvth
exp

(
EC −Et

kBT

)
(2.10)
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2.1.3 Transport

Electronic transport

The investigation of electronic transport mechanisms is an essential part in the study of
resistive switching memories. Identifying the type of transport present in different resistance
states can yield information about where in the device stack the resistance change is occuring.
Transport measurements are performed in low sweep-rate, steady-state conditions to avoid
any impact from displacement currents. Careful field, temperature, and thickness-dependent
current measurements are required to properly identify a transport mechanism [42]. This
however is a challenging task, since a multitude of mechanisms can occur in parallel and
series with each-other. It is therefore useful to perform conduction mechanism studies in
conjunction with impedance spectroscopy.

Figure 2.2: Illustration of current transport across nanoscale dielectrics, showing, a) Schottky
emission, Fowler-Nordheim tunneling, b) direct tunneling and trap-assisted tunneling, c)
Poole-Frenkel emission and hopping conduction a) Fig. adapted with permission from Ref.
[42].

A selected number of conduction mechanisms are visualised in Fig.2.2. Even when
considering a non-defective tunnel barrier, transport can occur through thermionic emission,
above the barrier (1), Fowler-Nordheim tunnelling, through the barrier into the conduction
band (2) or tunnel directly through the dielectric (3). Each mechanism dominates at different
thicknesses, field and temperature [28]. The presence of intragap defect energy levels
significantly complicates the conduction mechanism analysis and often leads to increased
leakage current through different mechanisms, illustrated in Fig.2.2 b). A summary of the
conduction mechanisms investigated in this manuscript is given in Table 2.1.
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Table 2.1: Summary of conduction mechanisms, adapted with permission from [42]

Mechanism Current Density Expression

1) Thermionic Injection (TI) JT I = A∗∗T 2 exp
[
− 1

kBT

(
ΦB −

√
e3E

4πε0εi f l

)]
2) Fowler-Nordheim (FN) Tunneling JFN = e3me

8πhme,oxΦB
E2 exp

[
−8π

√
2me,ox

3he
Φ

3/2
B
E

]
3) Direct Tunneling (DT) JDT ≈ exp

[
−8π

√
2qm∗

3h
√

m∗φBκtox

]
4) Trap-Assisted Tunneling (TAT) JTAT = Aexp

[
−8π

√
2qm∗

3hE φ
3/2
T

]
5) Poole-Frenkel (PF) Emission JPF = qµNCE exp

[
−q

(
φT−

√
qE

πεiε0

)
kBT

]
6) Hopping Conduction JHopping = qanvexp

[
qaE
kT − Ea

kT

]
a) Nearest neighbour hopping

b) Variable range hopping

7) Ohmic Conduction JOhmic = σE = qµNCE exp
[
−EC−EF

kT

]
8) Space-Charge Limited Conduction (SCLC)

a) Ohmic Region J ∝ V

b) Child’s Square Law JSCLC = 9
8ε0εrµΘ

V 2

d3

c) Steep Increase

Where J is the current density, m∗ the effective electron mass, A∗∗ is the Richardson constant, E is
the electric field, kB is the Boltzmann constant, T is the temperature, ΦB is the barrier height, h is
the Planck constant, q is the electron charge, ε0 is the permittivity of free space, εi f l is the dielectric
constant of the insulator, µ is the mobility, NC is the effective density of states in the conduction
band, EC is the conduction band edge, EF is the Fermi level, φT is the trap depth, V is the applied
voltage, εr is the relative permittivity, Θ is the ratio of free to trapped charge, d is the thickness of
the material, a is the hopping distance, n is the density of localized states, v is the attempt-to-escape
frequency, φB is the barrier height, κ is the tunneling attenuation factor, and tox is the oxide thickness.
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Ionic Transport

In thin film metal-insulator-metal geometry, ion migration can become appreciable at high
fields, high temperatures and low thickness. The relevant driving forces are the electric field,
Soret thermo-phoresis and Fick diffusion. Here, oxygen vacancy migration is considered. In
dilute cases, the ionic motion is modelled as oxygen vacancies hopping between two wells,
separated by a potential barrier [43]. The reaction coordinate is described by Gibbs energy of
migration ∆Gmig = ∆Hmig-T ∆Smig, where ∆Hmig and ∆Smig are the enthalpy and entropy of
the reaction respectively. For most binary oxides, ∆Hmig ≈ 0.5−1 eV [44]. The probability
of successfully completing a jump across the potential barrier, Γ, is thermally activated, with
ν0 being the attempt frequency.

Γ = ν0exp
(
−∆Gmig

kBT

)
, (2.11)

The presence of an electric field, E, modifies the potential barrier and subsequently the
forward and reverse jump probabilities. Using the treatment of Mott and Gurney [45], such
that ∆Hmig(E) = ∆Hmig ±E|zi|eai. The charge of the ion i being |zi|e and ai, the distance
between the peak and the trough of the potential barrier. Hence due to a difference in forward
and reverse jump probabilities a net migration in the direction of the electric field occurs for
positively charged ions and vice versa for negatively charged ions. The average ionic drift
velocity νd can then be described as follows:

νd = Bexp
(
−∆Hmig

kBT

)
sinh

(
|zi|eaiE

kBT

)
(2.12)

with B = 4(1−ni)aiν0exp(∆Smig/kBT ) and ni being the concentration of the mobile ionic
species i [46]. The field dependent ionic drift velocity can be described in two regimes,
separated by a critical field strength.

Ecrit =
kBT
|zi|eai

(2.13)

At small fields E << Ecrit , the drift velocity is proportional to the field vd ∝ E. At fields
approaching and above the critical field, E ∼ Ecrit , the drift velocity becomes exponentially
dependent on the field vd ∝ Ecritexp( E

Ecrit
) [47]. For doubly charged oxygen vacancies in

many metal oxides at T = 300K, |zi|e = 2 and ai ≈0.5 nm, the critical field is found to be
Ecrit ≈ 1 MV cm−1. These field strengths are approached by nano-ionic memories and often
lie in the range of dielectric breakdown processes [44].
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Applying a high electric field across a thin insulator can result in significant Joule heating
and corresponding local temperature increase. Soret thermophoresis describes the diffusion of
ions in response to a temperature gradient. Due to a difference in kinetic energy, oxygen ions
in a high temperature region will migrate towards cooler regions. Importantly, the opposite
occurs for oxygen vacancies, which will accumulate in regions of higher temperatures [48].
The Soret thermo-diffusion is balanced through Fick diffusion, which is a driving force
to alleviate concentration gradients [49]. These two thermal forces are the foundation of
thermochemical memories (TCM).

2.2 Resistive Switching Mechanisms

The aforementioned physical phenomena can have a strong influence on the leakage current
across a thin-film device. Modifications of the polarisation direction, occupancy of charge
traps or spatial distribution of ionic defects can elicit a resistance change response.

In the literature, devices with voltage-history-dependent analog resistances are commonly
referred to as memristors, a compound word from memory and resistors. This concept was
first introduced by Leon Chua in 1971, connecting the charge and magnetic flux linkage as
a 4th fundamental circuit element on the basis of symmetry arguments, yielding stringent
predictions in frequency and current-voltage relations [50]. While reports of hysteretic
current-voltage relationships date back as far as 1801 [51], in 2008 Strukov et al connected
the concept of memristors to resistance switching in metal oxide thin film devices [52],
sparking renewed interest in the field. Chua later extended the definition of the memristor
to encompass a much wider range of physical phenomena [53]. In the literature as well as
in this thesis, the term memristor is solely used to describe voltage-dependent resistance
switching and does not refer specifically to the frequency dependent predictions made by
Chua.

The nomenclature adopted here will follow that of reference [54]. A memristor has a
high resistance state (HRS) and a low resistance state (LRS). Switching the memristor from
the HRS to the LRS is the SET process and conversely the RESET process. The bias is
applied to the device with unipolar (only using one voltage polarity) or in bipolar (using both
positive and negative bias) sweeps. If the SET process occurs at positive voltage, the device
is deemed to display figure 8 wise (8w) switching rotation, while if the SET process occurs
at negative voltage, the device displays counter 8 wise (c8w) switching. A memristors order
of complexity refers to the number of state variables needed to describe the resistance state
of the system. Higher order memristors exhibit more dynamic, time-dependent, resistance
states [21]. A specific mechanism can maintain a resistance state for a certain period of time,
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the retention, and has a limited number of full switching cycles, the endurance, before the
device breaks.

2.2.1 Ferroelectric Mechanisms

Commercial ferroelectric RAM suffers from a destructive read operation, requiring the
operator to reprogram the polarisation direction after inspecting the logic state. Using the
impact of the ferroelectric polaristion on leakage currents, a resistance-switching memory can
be created. Intermediate resistance states can also be stabilised with ferroelectric domains,
which makes the ferroelectric memristors particularly promising as artificial synapses in
crossbar arrays [55, 56].

In 1994, Blom et al, first reported a resistance change in a thin film ferroelectric material,
which was attributed to a polarisation reversal [57]. This effect was termed the ferroelectric
Schottky diode (FSD). A 250 nm thick PbTiO3 (PTO) film was sandwiched between Au
top and LaSrCoO3 (LSCO) bottom electrodes. Hysteretic leakage current characteristics
were proposed to be correlated with polarisation-field sweeps. The system was modelled as a
back-to-back Schottky diode, where PTO|Au contact barrier was significantly larger than
the PTO|LSCO barrier. The PTO|Au interface was current-limiting. Therefore, changes at
the PTO|Au interface governed the overall leakage current. The ferroelectric polarisation
modified the barrier profile at each interface. This effect is schematically shown in Fig 2.3 a).
The concept of the ferroelectric Schottky diode can be extended to an extreme case, where
upon polarisation reversal a rectifying Schottky contact barrier turns Ohmic. Here, a high
polarisation, very high carrier concentration and specific band profile are required [58].

Indications of this effect can be found in systems where the ferroelectric is sandwiched
by electrodes, which result in high potential barriers at each interface. Here one interface
remains blocking, while the other becomes quasi-ohmic, on reversal of the polarisation
direction. This effectively allows the change of rectification direction of the capacitor stack
by ferroelectric polarisation reversal, commonly termed the switchable diode effect [59–62].

When the thickness t of a ferroelectric material is reduced to be smaller than the depletion
region widths (i.e., t < 2w), the material becomes fully depleted of electronic charge carriers.
In this thickness range, quantum mechanical tunnelling currents become significant. If the
remnant ferroelectric polarization can be maintained and the ferroelectric layer is sandwiched
between two electrodes of different Thomas-Fermi screening lengths, ferroelectric tunnel
junctions can be formed [64, 65]. At nano-scale thickness the depolarising field begins to
significantly modify the potential barrier profile of the tunnel junction, as shown in Fig. 2.3
b). The magnitude of the change ∆φ in the potential barrier depends on the Thomas-Fermi
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Figure 2.3: a) Influence of polarisation reversal on the barrier height Φ0
B and depletion region

width w. Fig. adapted with permission from Ref. [63] b) Impact of polarisation reversal on
the shape of a tunnel junction. Fig. adapted with permission from Ref. [27]

.

screening lengths, li, and the relative ionic permittivity ε of the electrode i, as shown in
below.

∆φi =
liQs

ε0εM,ie
(2.14)

The interface potential will therefore be raised when the polarisation is pointing towards
the electrode. Since the potential changes more at the electrode with weaker charge screening,
the average potential across the barrier is dependent on polarisation direction as well, as
shown by the dotted lines in Fig. 2.3 b). This change in barrier height and widths elicits a
polarisation dependent change in conduction current.

2.2.2 Thermochemical Mechanism

The thermochemical mechanism (TCM) describes resistive switching modes, where Joule-
heating-induced thermal processes and local reduction govern the formation and dissolution
of conductive sub-stoichiometric filaments [48]. The processes are schematically illustrated
in Fig. 2.4 a). The switching is unipolar, since electric field only has secondary effects on the
filament growth [66]. The RS is initiated by the application of a large voltage stress, which
results in a partial dielectric breakdown within the insulator, shorting the two electrodes and
setting the device into a LRS [67, 68]. To prevent an irreversible breakdown of the device, a
compliance current is used. During the forming and SET process, Joule heating results in
a temperature gradient, with which the Soret force causes an accumulation of VO near the
hottest part of the device. This tends to be the tip of a growing filament, leading to a thermal
runway effect. The diameter of the filament is governed by the imposed compliance current.
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However, in real devices, the time-frame of current compliance lies within the microsecond
range, which can lead to the current overshooting, often significantly degrading switching
variability [69]. The RESET process occurs by lifting the compliance current and thermally
stimulated Fick diffusion opposes concentration gradients and dissolves the conductive
filament. Subsequent SET operations are achieved by renewed dielectric breakdown of the
material. The SET voltages are typically lower than forming voltages, indicating that the
RESET operation does not return the cell into a pristine state and residual stumps of the
filament remain. The TCM often co-exists with a valence change mechanism (VCM) through
a virtual cathode model [70]. The conductive filament is first formed through the TCM and
the eventual resistance change often does not rely on the dissolution of the filament but rather
on homogeneous redox processes at the electrode interface [71, 72].

Figure 2.4: a) Filament formation in the TCM b) Interface modification during the VCM.
Fig. adapted with permission from Ref. [73].

2.2.3 Valence Change Mechanism

The VCM entails a wide range of bipolar resistive switching modes. It relies on electric-field-
enhanced ionic drift in mixed ionic-electronic conductors. In the "standard" VCM model,
the accumulation and depletion of charged oxygen vacancies near a rectifying Schottky
barrier causes a resistance change [74]. An n-type material, which is contacted by a high
work-function metal, forms a Schottky barrier. VO are considered mobile donors. Their
presence within a positive depletion region locally reduces the oxidation state of metal cations
by donating electron density [75]. The local doping modifies the potential barrier height
and width. Even small changes in donor concentration can lead to significant changes in
resistance. It is important to note that this vacancy-dependent barrier modification is only
appreciable in materials with a high dielectric constant and high dopant concentration [76–
78]. Critically, this simplified model is further complicated in materials such as HfO2, due
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the narrow doping range, limiting Fermi level movement [40] and requirement to consider
the oxygen chemical potential at the interface for such mechanisms [79].

Nevertheless, numerous methods exist to engineer the material stack towards better
switching performance [80, 81]. Considering first the switching layer, a higher ionic mobility
is desirable for fast switching and low voltage operation. Yet, this may also negatively impact
the retention of a device, due to the voltage-time dilemma [82]. Enhanced mobility can be
achieved through increasing tensile strain, increasing VO concentration or engineering fast
diffusion paths. Tensile strain perpendicular to the ionic travel lowers the activation barrier
between neighbouring jump sites and increases ion mobility[83–85]. Ionic conductivity of
a material is most easily improved by increasing the quantity VO. This is often performed
by either fabricating the switching material under oxygen poor conditions or by annealing
the device stack in a reducing environment. However, this process is challenging to control
and induces additional electronic charge carriers. An alternative method is to use hypo-
valent dopants, such as Y3+ substituting Zr4+ in the prototypical high-temperature oxide
ion conductor Yttria-stabilised Zirconia (YSZ). Yet, studies have shown that a maximum
in the ionic conductivity exists, which for YSZ occurs around 8 mol % Y2O3 [86]. The
thermodynamically stable configuration of VO is to be sandwiched between two dopant
cations [40, 87]. This materialises itself as an additional association energy term, which
increases activation energy for ion migration [88]. At low doping concentration, the VO are
separated from dopant cations, whereas at high concentrations VO begin to form ordered
clusters with dopants, eventually limiting conductivity [89]. Finally, enhanced ionic conduc-
tivity at grain boundaries through pipe-diffusion has been proposed [90]. Grain boundaries
and dislocations act as preferential sites for filament formation [91, 92]. A lower cation
density and higher strain have been attributed to enhanced oxygen mobility [93, 94]. This has
enabled researchers to engineer grain-boundaries to become the dominant resistive switching
path, transporting both ions and electrons [95, 96]. A resulting reduction in electro-forming
and switching voltage is consistently observed across material classes [97, 98].

Interfaces are critical lever to tune the performance of memristive devices. The device
stacks are typically built with asymmetric electrodes, featuring an active electrode with a
current-limiting barrier to be manipulated and an Ohmic interface, which often has a high
oxygen affinity to facilitate oxygen exchange. Various electrode parameters ought to be
considered to either elucidate or limit parasitic side reactions. A key aspect, which often
gets overlooked is the catalytic activity of the electrode. Nobel metals such as Pt, Au and
Ir have excellent electro-catalytic properties in the water-splitting cycle. The presence of
water is ubiquitous and plays a critical role in modulating the resistance switching response
[99, 100]. Paired with a noble metal, volatile resistance switching can occur through oxygen
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exchange with the atmosphere by storing residual oxygen in grain boundaries within the
electrode [101, 102]. The relative oxide formation energy between the switching material
and electrode is another critical factor, as it determines the long-term equilibrium distribution
of oxygen and can limit switching endurance [103, 104]. During switching, these electrodes
oxidize, creating excess oxygen vacancies in the switching material that increase local carrier
concentration. Furthermore, a high kinetic energy during deposition may further increase
defect concentrations at the interface, which can improve switching performance. This is
often observed in systems grown on Nb-doped SrTiO3 (NbSTO) [105–107]. Finally, the
successive oxidation and reduction of an electrode can become the current limiting element
[108].

2.3 Materials

2.3.1 HfO2

The primary material of interest in this thesis is hafnium oxide (HfO2). It has risen to
prominence in the semiconductor industry primarily because of its use to replace SiO2 as a
gate dielectric in MOSFETs. The capacitance of the gate dielectric is an important parameter
to control the source-drain current of a MOSFET and therefore key to optimise device
performance. The capacitance of the thermally oxidised silicon was successively increased
by decreasing the thickness of the dielectric. However, shrinking SiO2 down to ∼1-2 nm
led to enhanced leakage currents across the oxide, due to quantum mechanical tunnelling
effects. These problems resulted in excessive static power dissipation. Replacing SiO2 with
a thicker material of higher permittivity (high - κ) would decrease current leakage, while
retaining a high capacitance. Tertiary ABO3 complex perovskite oxides tend to have very
high dielectric permittivity. However, the stringent requirements for gate dielectric are also
high band-offsets (>1 eV) as well as high chemical and thermal stability with respect to
silicon [109]. A high silicon band-offset is required to prevent both electron or hole injection
into the dielectric and is determined through the bandgap, charge neutrality level and electron
affinity. Complex oxides tend to be titanates or tantalates, which have a lower oxide formation
energy than silicon. This thermodynamic instability oxidises the silicon underneath, leading
to highly defective interfaces, which act as sites for current leakage. These effects are further
exasperated by thermal processing at the front end of the line [110]. HfO2 on the other hand,
has a large permittivity, large band-offset and thermodynamic stability with respect to silicon,
making it an ideal candidate as a high - κ dielectric [32, 111].
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Notably, HfO2 was discovered to have a ferroelectric phase at the nanoscale [112], which
reinvigorated research into ferroelectric non-volatile memories due to its high industrial
compatibility. In contrast to commonly used ABO3 complex oxide ferroelectric materials,
such as Pb(Zr,Ti)O3 (PZT), BaTiO3 or SrBi2Ta2O9 (SBT), HfO2 is significantly more
silicon compatible, which is particularly important for application as ferroelectric field effect
transistors (FEFETs)[113]. However, different to MOSFETs, where amorphous materials are
preferred due to a low density of current leakage inducing grain boundaries, ferroelectric
materials are required to be highly crystalline. Problems due to poor silicon compatibility,
such as the formation of defective silicon interlayers, negatively affect ferroic order [114].

Non-volatile memory devices, such as FeRAM, are not based on MOSFETs and are typi-
cally fabricated at the back end of the line (BEOL) and therefore have a strict thermal budget
to maintain the integrity of the transistor structure underneath[14]. Perovskite oxide-based
ferroelectrics often require high temperature deposition and tightly controlled stoichiometry
to generate the high crystallinity necessary to maintain ferroic order. This is commonly
achieved by using methods, such as pulsed laser deposition (PLD), sputtering and molecular
beam epitaxy (MBE) [77]. These are directional deposition methods and struggle to achieve
wide area coverage. Crucially, HfO2 based materials can be deposited at low temperature
by atomic layer deposition (ALD) and are crystallised into the ferroelectric phase through
a rapid thermal annealing process (RTA)[113]. Perovskite ferroelectrics are challenging to
deposit using ALD due to the highly controlled stoichiometry transfer required. Furthermore,
during ALD, the deposited material conforms to more complex device structures, such those
in FinFET and gate-all-around (GAA) process nodes [115]. This allows the use of HfO2

based ferroelectrics to be extended to 3D integration for ultimately scaled storage density
[62].

Finally, ferroelectric thickness related effects begin to dominate in the ultra-thin regime.
The depolarising field becomes more significant as the thickness of the ferroelectric decreases
and is highly dependent on the ability to compensate the polarisation surface charges. Crys-
talline imperfections, such as dead-layers, grain boundaries or oxygen vacancies, suppress
ferroic order. Only perovskite ferroelectric of the highest crystalline quality can maintain
a ferroelectric polarisation at nano-scale thickness [116–118]. The previously mentioned
problems impose significant constraints on the types of devices that can be developed at
commercial scale. An example would be ferroelectric tunnel junctions, which require low
thickness and high polarisation [28]. Curiously, HfO2 maintains its ferroelectric properties at
the nanoscale and even increases in polarisation magnitude as the thickness is reduced. There-
fore, HfO2 based ferroelectrics have tremendous advantages over perovskite ferroelectrics in
a commercial setting.
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How HfO2 retains its ferroelectric properties in spite of large depolarising fields is a
topic of intensive research involving several hypotheses including flat phonon bands[119],
coupling to an antipolar phase[120] or an electrochemical state [121, 122]. Moreover,
HfO2 is structurally isomorphic to the well-known oxide ion conductor YSZ [123] and has
demonstrated its use in nano-ionic resistive memories [124]. Bulk ceramic HfO2 exhibits
a range of crystal structures. At ambient conditions, the monoclinic (m) P21/c phase is
most stable. Elevated temperature results in two symmetry-increasing phase transformations
into tetragonal (t) P42/nmc and cubic (c) Fm3m phases at 1973K and 2600K respectively.
Increased pressure first forms an antipolar orthorhombic-I phase Pbca and subsequently a
second orthorhombic-II Pnma phase [125]. The high-temperature cubic and tetragonal phases
are particularly attractive for applications as high-k dielectrics as the phase transformation is
accompanied by increases in permittivity, increasing from ∼20 in the m-phase to 24-75 for
the t phase [126]. Critically, high-κ amorphous phases can be stabilised at room temperature
by sputtering through a local cubic-like sub-structure [127]. Doping by hypo-valent rare
earth oxides has been particularly successful, as cations occupy substitutional position within
the HfO2 parent lattice. The addition of an aliovalent dopant into HfO2 is accompanied by a
phase transformation as well as an increase in ionic conductivity, with larger cations yielding
lower relative increases in ionic conductivity [123, 128, 129].

In 2006, while aiming to enhance the permittivity in HfO2 thin films by using a Si dopant,
Böscke et al discovered a non-linear capacitance – voltage dependency at a dopant concen-
tration between the m and t phase [112]. Extensive structural and electrical characterisation
attributed this feature to the stabilisation of a ferroelectric orthorhombic (o) Pca21 phase.
Initially, this came as a surprise and was met with scepticism, since the phase-diagram of
HfO2 was assumed to be thoroughly investigated. A wave of research effort was sparked into
the newly discovered ferroelectric properties. The routes towards stabilising the ferroelectric
phase are complex and include effects from dopants, electrode strains, thermal history and
many more. Interested readers are encouraged to explore the following reviews [130–133].

Among all influences, the role of oxygen vacancies continues to be a topic of considerable
debate. It was observed that depositing or annealing doped HfO2 in a low pO2 environment,
can enhance the fraction of the ferroelectric o phase [131]. Furthermore, unlike perovskite-
based ferroelectrics, the positional bistability of one oxygen anion out of two in the unit
cell appeared to be a driving factor for ferroelectric polarization. Lastly, polycrystalline
ferroelectric HfO2 devices, which are grown in a multi-phase state, need to be cycled
significantly to increase their polarisation, known as the wake-up effect. This has been
associated with an oxygen vacancy redistribution and phase transformation from the t →
o phase [134]. These observations have led researchers to ponder whether the vacancy
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migration is fundamentally related to the ferroelectricity observed in HfO2. A report in 2022
by Yun et al. correlated the degree of structural order with the polarisation magnitude in
epitaxial Y-doped HfO2 (YHO), singifying the intrinsic nature of the ferroelectricity in HfO2

and excluding the influence of extrinsic surface energy contributions [135]. Furthermore,
oxygen vacancy accumulation at the interfaces is often associated with endurance failure.
Enhanced endurance at 20K with minimal loss in polarisation magnitude, was used to
claim minimal contributions of oxygen vacancies to the ferroelectric polarisation [135].
Conversely in 2023, Kelley claimed that ferroelectricity in HfO2 can be controlled by
a surface electrochemical state [122]. Here a ferroelectric HfZrO4 (HZO) surface was
investigated by scanning probe microscopy across a wide range of oxygen partial pressures
and temperatures. A rich phase diagram of paraelectric-, antiferroelectric- and ferroelectric-
ionic behaviour was observed. The ferroic behaviour was claimed to be inseparable, coupled
and even driven by surface electrochemical states [121].

Additionally, in epitaxial films the wake-up effect is minimised. The fabrication of
epitaxial films is therefore crucial to resolve these issues. Epitaxial films were first fabricated
using a structural analog YSZ substrate and depositing Y-doped HfO2. This allowed the
crystallographic identification of the Curie temperature ∼450 °C [136]. Sn-doped In2O3

(ITO) was subsequently used as a bottom electrode to demonstrate a high polarisation of
around 30 µC/cm2 [137, 138]. Later, significant polarisation was also observed when HZO
was deposited on the perovskite SrTiO3/La1−xSrxMnO3 system [139, 140]. Curiously, the fer-
roelectric films displayed a rhombohedral distortion. The large lattice constant, symmetrical
and orientation disparity between the bottom electrode and ferroelectric film, pointed toward
a complex domain-matching epitaxy [141]. These systems also allowed to deconvolute
the beneficial effect of epitaxial tensile strain on the ferroelectric phase stabilisation [142,
143]. Yet, it was soon noticed that the interface chemistry played a significant role. A few
monolayer thick, oxygen-deficient interfacial layer seemed to bridge the electrode and the
ferroelectric film above. This interfacial layer was correlated to polarisation and could only
be obtained using LSMO as a bottom electrode [144]. Furthermore, the interfacial layer
proved sensitive to both the La concentration in the LSMO as well as its termination. These
were correlated to interfacial redox processes, charge transfer and oxygen partial pressure
[145–147].

2.3.2 La1−xSrxMnO3

La1−xSrxMnO3 (LSMO) is the main conductive buffer material used for the growth of YHO
in this manuscript. It is part of a family of mixed valence manganites exhibiting collosal
magnetoresistance. While magnetic properties will be neglected here, the concomitant
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electronic properties of LSMO provide a rich platform to explore various resistive switching
modes [148]. The bulk material can be described by a pseudo-cubic crystal structure. The Mn
ion sits at the centre of an oxygen octahedron, with La or Sr ions occupying the corners of the
cube. Due to the octahedral symmetry, the Mn 3d orbitals undergo crystal field splitting into
localised t2g and delocalised eg orbitals. A tetragonal Jahn-Teller distortion further lifts the
degeneracy of the orbitals as shown in Fig [149]. Doping the parent compound LaMnO3 with
Sr, substitutionally replaces trivalent La3+ with bivalent Sr2+ ions. The increased hole doping
is compensated by a change in the Mn oxidation state from trivalent Mn3+ to tetravalent
Mn4+, which governs the degree of occupation of the conduction band. At very low and high
Sr2+ concentration, 0.1 < x and x > 0.5, the LSMO is in an insulating state. While at x = 1

3 ,
the ratio between Mn3+:Mn4+ is roughly equal and LSMO exhibits a half-metallic state with
nearly 100% spin polarisation. A high bulk Curie temperature of 369K is observed which
is correlated to both a metal-insulator transition as well as a ferromagnetic-paramagnetic
transition [150].

Epitaxial growth of LSMO thin films introduces strain and surface interactions, which
have a significant impact on the electronic properties. Any strain, compressive or tensile,
away from the bulk lattice parameter of 3.87 Å decreases TC away from the bulk value[151].
In this work, TiO2-terminated SrTiO3 (STO) and 0.5 wt% Nb-doped SrTiO3 (NbSTO) are
used as substrates for epitaxial LSMO growth. A lattice parameter of a = 3.905, induces a
small ≈ 0.9% tensile strain. Notably, interfacing LSMO with NbSTO, an n-type degenerate
semiconductor, results in charge transfer across the interface, and electron doping of LSMO.
The conducting properties of the LSMO are further deteriorated [152] and a potential barrier
forms, affecting charge transport across the heterojunction [153]. The potential barrier is
dependent on the substrate termination. SrO-TiO2 |La1−xSrxO-MnO, creates a positive
charge at the LSMO interface, TiO2-SrO | MnO2-La1−xSrxO creates a negative charge at
the interface. The La1−xSrxO terminated interface barrier was found to be larger due to
interfacial reconstruction, which resulted in a significant interfacial dipole [154, 155]. LSMO
also exhibits a thickness-dependent metal-insulator transition (MIT), where below a critical
thickness tc, the material changes to an insulator. This transition has been associated with a
dead-layer [156] but may also have an intrinsic origin. Reports of the critical thickness are
inconsistent and are highly dependent on preparation conditions. An increase in thickness is
also accompanied by a slight change from monoclinic to rhombohedral crystal symmetry
[157, 158]. Transport measurements indicated a gradual transition from weak to strong
thermally activated electron localisation when the film thickness is above and below tc
respectively. Transport at t ≈ tc showed a transition to two-dimensional transport with Mott
variable range hopping [151].
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The magnetic and resistance changes of LSMO are particularly useful when integrated
into a device geometry. The complex HfO2|LSMO interface can be leveraged to elicit a
resistance-changing response. The screening of ferroelectric polarisation causes the accu-
mulation and depletion of charge carriers, which can lead to a shift in the metal-insulator
transition temperature through the ferroelectric field effect [159, 160]. Furthermore, LSMO
undergoes a topotactic phase transition between a perovskite and a brownmillerite phase upon
a change in oxygen stoichiometry [161, 162]. This phase transition can also be leveraged to
observe resistance switching in device configuration [163–165].



Chapter 3

Methodology

Chapter Summary
This chapter describes the various experimental methods used in this manuscript.

The fabrication of a ceramic target is covered and subsequently, it is used to deposit the
epitaxial films using pulsed laser deposition. The main principles of the deposition method
and how deposition parameters affect film quality are elaborated. Conditions used to deposit
and pattern top electrodes using photo-lithography and magnetron sputtering are described.
The crystallographic quality is assessed using X-ray diffraction, whereas investigation into
surface and piezoelectric properties is performed using scanning probe microscopy. Principles
of impedance spectroscopy are covered extensively. Finally, the fundamentals of scanning
transmission electron microscopy, cathodoluminescence and photoelectron spectroscopy are
elaborated.
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3.1 Device Fabrication

3.1.1 Target Fabrication

Ceramic ablation targets for use in the Pulsed Laser Deposition (PLD) system were synthe-
sised using HfO2 (99.9%) and Y2O3 (99.999%) powders from Alfa Aesar. The powders were
appropriately weighed, dispersed in iso-propyl alcohol (IPA) and ground to a fine powder
using a ball miller. After filtering and drying the milled powder, these were subsequently
calcinated at 1000 °C for 6 hours in air. The powder was ground again using a pestle and
mortar for 40 minutes and subsequently placed into a die press. The powder was pressed into
2 inch circular targets with 10 tons of weight. The target was finally sintered at 1450 °C for
48 hours. Before each use the targets were polished with 800 grit sandpaper. A powder X-ray
diffraction (PXRD) spectrum of two fabricated targets are shown in Fig. 3.1, comparing pure
HfO2 with Hf0.93Y0.07Ox (YHO7). The differences in the target spectra clearly highlight that
a solid state reaction and phase change has taken place.

Figure 3.1: Powder X-Ray diffraction spectrum showing two targets. * inicated monoclinic
reflections, whereas △ are reflections from o, t or c phases.
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3.1.2 Pulsed Laser Deposition

Pulsed laser deposition (PLD) was used to epitaxially deposit LSMO and HfO2-based films.
The deposition setup contains a COMPex Excimer KrF laser, emitting 20 ns 248 nm pulses.
These travel through guiding optics until a lens is reached, which focuses the laser onto
the target. Laser energy calibration was performed ahead of the lens. The pulse is then
focused into a vacuum chamber, containing a target carousel, substrate heater, pumps and
gas inlets. Before deposition, the chamber is evacuated to 10−6 mbar and the heater, on
which the substrate is mounted, is set to 950°C for 90 mintues. This serves to create a
well-defined step-edge structure on the surface of a SrTiO3 substrate[166]. The deposition
oxygen pressure is then set using a mass-flow controller.

As the laser pulse arrives at the target, it is absorbed and ablates a small quantity of target
material, creating a vapour above it. Subsequent interaction of the vapour with the laser pulse
creates a plasma, which expands and is propagated normal to the target surface [167, 168]. A
high target density is integral to the content of the plasma, since a low density target can lead
to particulate ablation and decrease film quality. The target is rotated and rastered to ensure
uniform exposure to the incident laser. The fluence is calibrated to exceed the material’s
ablation threshold significantly, ensuring that the vapour above the target is independent of
the material’s vapour pressure. Consequently, a consistent stoichiometry transfer is achieved,
which is a key advantage of PLD. The fluence governs the quantity of material ejected as
well as the kinetic energy of the plume and is therefore an important parameter to adjust.

As the plasma plume expands, it begins to interact with the deposition gas, leading
to scattering and decreasing the kinetic energy of the plume on arrival to the substrate.
If a reactive gas is used, such as O2, material in the plasma can form molecular bonds,
which aids film stoichiometry. However, it is advantageous to control cation stoichiometry
during growth process, while oxygen stoichiometry is tuned after [95]. Importantly, if the
deposition pressure is too high, it can lead to the condensation of nano-particles during
plasma propagation, which then deposit on the substrate. An alternative method to control
the impinging kinetic energy and stoichiometry is to adjust the target-substrate distance.

As the plume arrives at the substrate surface, a high supersaturation is required for
condensation of the material from the gaseous phase onto the substrate. By design, PLD has
a very high instantaneous deposition rate, but each pulse often only deposits « 1 monolayer
of material. The long pause between pulses, governed by pulse repetition rate, allows the
adatoms to relax [169]. At sufficiently high substrate temperature, the surface adatom is
mobile and diffuses to a suitable binding location. However, if the impinging kinetic energy
of the plasma is too high, it can create stresses in the film and potentially resputter condensed
atoms. Condensation preferentially occurs at substrate imperfections, such as step edges
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or dislocations. For epitaxial growth, single-crystal substrates are used. Yet commercial
substrate may not have sufficient surface structure. Chemical and thermal treatments can
create large step-structures [166, 170], which guide crystal growth and lead to very high
crystal quality.

After film deposition, the chamber is flooded with 300 mbar of O2, driving it into the
film and minimizing oxygen deficiency. The system is then cooled slowly between 1-10 K
min−1. Therefore, control over target density, substrate surface structure, fluence, deposition
pressure, repetition rate, substrate temperature and cooling procedure is critical to optimise
the stoichiometry, energy and rate of impingent ions, which in turn affect the film quality.

3.1.3 Reflection High Energy Electron Diffraction

Figure 3.2: Rheed pattern of a) STO, b) LSMO, c) RHEED intensity oscillations of the
specular reflection during LSMO growth.

RHEED (Reflection High Energy Electron Diffraction) was used to in-situ monitor the
epitaxial growth of LSMO. During RHEED operation, a monochromatic beam of electrons is
used at a grazing incidence on the substrate surface. An acceleration voltage of 25 kV and a
beam current of 1.5 A were used. Diffracted electrons are captured by a phosphorous screen
to yield a 2D diffraction pattern, as shown for STO and LSMO in Fig. 3.2. The diffraction
spots are visible as streaks, indicating a smooth surface [167, 171].

Growth monitoring was performed by tracking the intensity change of the specular
reflection over time, indicated by the dashed box in Fig. 3.2 a). As the LSMO film is
deposited, the intensity of the reflection oscillates, shown in Fig. 3.2 c). Each oscillation
corresponds to the growth of a single unit-cell and demonstrates layer-by-layer growth. A
peak in the oscillation corresponds to a completed mono-layer, where random scattering
is minimised, whereas the trough of the oscillation occurs at half-mono-layer completion,
where more of the incident electrons are scattered away from the detector.
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3.1.4 Photo-lithography and Contact Sputtering

Micron sized electrodes on top of the film were fabricated by photo-lithography and an AJA
magnetron sputtering system. The films were first cleaned by 3 washes with acetone, IPA
and deionised water in an ultrasound bath and dried with compressed N2. Electrode areas
were defined by a positive photo-resist process. A spin-coater was used to deposit a thin
layer of photoresist (AZ 4533 Merck materials GmbH). The sample was baked at 110°C
for 1 minute on a hot plate. Sample was placed on a SÜSS Microtech MJB-3 mask-aligner
with a photo-lithography mask, and exposed to UV radiation. After exposure, the sample
was placed in a 1:1 water:developer (AZ 351 B, Merck materials GmbH) solution to develop
and remove the exposed photo-resist. Samples were then placed into a vacuum chamber and
exposed to a sputtering plasma to deposit a variety of electrode materials. The conditions are
summarised in Table 3.1 below. Subsequently the devices were placed into acetone to soak
overnight and gently sonicated to remove the photoresist.

Pressure
(mtorr)

Power
(W)

Ti 2 120

Pt 40 6

Au 40 6

Table 3.1: Summary of sputter deposition parameters of electrode materials.

3.2 X-Ray Diffraction

A range of X-Ray diffraction (XRD) based techniques were used to evaluate the crys-
tallographic properties of epitaxial thin films. These fundamentally rely on how X-ray
electromagnetic radiation interacts with periodic and crystalline materials. A Malvern Pan-
alytical Empyrean P2 high-resolution diffractometer was used. Cu Kα radiation with a
wavelength of λ = 1.5406 Å is passed through mono-chromators and divergence slits to
improve the coherence of the incident radiation and allows for high-resolution acquisition.
The system is capable of full 4-circle rotation. Scanning along different angles allows various
sections of the Ewald sphere to be inspected. ω signifies the angle between sample surface
and X-ray source, 2θ is the angle between detector and the incident beam, φ the angle of
rotation of the plane perpendicular to the surface normal and χ the angle of rotation of the
plane perpendicular to the beam propagation at ω = θ = 0, as shown in Fig. 3.3.
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Figure 3.3: a) Representation of the diffractometer goniometer, with permission from [172],
b)2θ −ω scan oxide heterostructure with ω scan inset c) XRR and fit of an oxide heterostruc-
ture. Fig. reproduced from [173].

X-ray Reflectivity (XRR) is used to assess the thickness, roughness and density of a
sample [174]. X-ray radiation used in grazing incidence (1-2°), close to and above the critical
angle θc of total internal reflection, and a coupled ω −2θ scan is performed. An exemplary
spectrum is shown in Fig. 3.3 c). X-Rays are reflected both at the surface and interfaces of
the thin film, causing interference (Kiessig) fringes. The spacing between these oscillations
is inversely dependent on the thickness of the sample. Finally, the intensity of reflected
radiation drops sharply with increasing ω −2θ , which yields information on both surface
and interfacial roughness of the sample [175].

Specular XRD allows the study of the films out of plane lattice periodicity and uses a
coupled 2θ −ω scan. It relies on the Bragg diffraction condition in equation 3.1

nλ = 2dhklsin(θ), (3.1)

where n is an integer, λ the wavelength of irradiation, dhkl the separation between crystallo-
graphic planes with Miller indices hkl and θ being the Bragg angle. In high-quality films
with low roughness, diffraction peaks are surrounded by Laue oscillations, which allow the
estimation of the film thickness as shown in Fig. 3.3 b). For samples with grains spanning the
film thickness, the 2θ peak width on the other hand can be used to estimate the thickness with
the Scherrer equation [176]. Centering the incident X-ray source on a peak and performing a
scan along ω , reveals information about the lateral inhomogeneity of the sample, such as
grain-size and mosaicity. Similarly, while keeping 2θ and ω in the diffraction condition,
a rotational scan along φ reveals information about the in-plane orientation of the lattice
planes.
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3.3 Scanning Probe Microscopy

Scanning probe microscopy (SPM) is a facile method to study topographic, mechanical and
electrical properties of surfaces at high spatial resolution. A Bruker Multimode 8 was used for
atomic force microscopy (AFM) and piezoresponse force microscopy (PFM) measurements
and Gwyddion software was used for analysis. The basic principle of AFM involves the use
of a cantilever with sharp, nanometre-sized pyramidal tip which is rastered across a surface.
The vertical and torsional motion of the cantilever is tracked by reflecting a laser on the
cantilevers surface. The position of the laser is captured by a 4 quadrant photo-diode, where
deflection away from the centre forms the basis of the image formation.

Figure 3.4: Measurement process and tip-surface interaction during PFM, with permission
from [177].

AFM is used to study topography and mechanical properties and was invented by Binning
Quate and Gerber in 1985 [178]. Here, the tapping mode is used. The cantilever is oscillated
by a piezoelectric crystal near its resonance frequency and is only briefly in contact with
the sample surface. A feedback mechanism holds the cantilever oscillation at a constant
deflection. As the tip comes nearer to the sample surface, van der Waals forces attract the tip
closer to the surface until Pauli repulsive forces deflect the tip again. These forces influence
the defection amplitude, torsion and lag of the tip oscillation. Feedback correction therefore
governs the image formation.

PFM was used to study the piezoelectric and ferroelctric properties of the samples and
was developed by Güthner and Dransfeld [179]. In contrast to the AFM tapping mode, here
a conductive tip remains in contact with the sample. Fig. 3.4 illustrates the operation of
the PFM. A ferroeletric material is investigated by applying an alternating voltage to the
cantilever tip and observing the piezoresponse [180]. The amplitude of the signal is related
to magnitude of piezoelectric d33 coefficient, which is constant across domains and only dips
to zero across domain boundaries. Typically, for positive d33 coefficients, if the electric field
is aligned with the polarisation direction, the domain expands at positive bias and contracts at
negative bias. The acquired signal is in phase with the mechanical displacement. In contrast,
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if the polarisation anti-aligned to the applied field, a phase difference of 180° is observed and
occurs due to the contraction of the domain at positive bias and expansion at negative bias.
Pristine films may have undefined multi-domain configurations, hence a DC voltage above
the coercive voltage is applied to the cantilever to manually draw domains. In addition to
mapping the polarisation, local switching spectroscopy measurements can be performed. It
is critical to note that other physical or electrochemical phenomena can give rise to similar
signals in PFM and proper care needs to be taken with their interpretation [177, 181].

3.4 Impedance Spectroscopy

Impedance spectroscopy (IS) is a well established technique to investigate thin film oxides.
The main advantage of the technique is the ability to separate resistive and capacitive
contributions from different components of a device stack [182]. Complementing IS with
direct current (DC) conduction analyses can be a powerful combination for the investigation
of memristors, allowing the isolation of the resistance switching element and determination
of conduction mechanisms. However, this coupling remains underutilised in the literature.
The principle of IS lies in the measurement of a frequency spectrum, conversion of raw data
into impedance, visualisation of the data through different formalisms and lastly attribution
of features and fitting of data through equivalent circuit modelling.

In an IS experiment, a metal oxide thin film, sandwiched between two electrodes, is
excited with an alternating voltage, Ut , with amplitude U0 and angular frequency ω in a
small-signal, linear and reversible regime. An alternating current, which is retarded by the
phase angle θ is measured by an impedance spectrometer. The excitation frequency is then
swept, typically between 10 Hz - 1 MHz.

Ut =U0sin(ωt) (3.2)

It = I0sin(ωt +θ) (3.3)

The complex impedance Zω is obtained by the ratio of the Fourier-transform Ûω of the
voltage Ut and the Fourier-transform Îω of the measured current It .

Zω =
Ûω

Îω

= Re(Z′
ω)+ i · Im(Z′′

ω) (3.4)

θ = tan−1(Z′′/Z′) (3.5)
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The real, Z’, and imaginary, Z”, parts of the impedance describe the resistive and reactive
contributions respectively. The reactive contribution can be further separated into capacitive
(θ = -90°) and inductive (θ = 90°) components, whereas the resistive contribution has no
phase shift (θ = 0°).

Physical conduction processes or system components give rise to certain features in the
impedance spectrum. These features are often modelled and represented through idealised
equivalent circuits. Serial and parallel combinations of resistors, capacitors and more
advanced elements are arranged and fitted to the experimentally acquired dataset. Herein lies
the fundamental challenge in interpreting impedance spectroscopy data. The correct choice
of equivalent circuit can often oversimplify the underlying physics or easily overfit existing
data. However equivalent circuit fits are often necessary to make quantitative arguments
about the system under test. In the field of ceramic metal oxides, the primary physical
processes visible within the measured frequency range are often grain, grain-boundary and
interface region impedances. The equivalent circuit adopted for this is the ’Bricklayer model’,
developed by Bauerle [183]. Each of these components is modelled as parallel RC elements
connected in series, as shown in 3.5 a). As film thickness is reduced, the grain size becomes of

Figure 3.5: a) Bricklayer model for the impedance elements in ceramics b) impedance
elements for ultrathin films, with permission adapted from [184].
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similar magnitude to the film thickness, such that no grain boundaries of the metal oxide exist
perpendicular to the current path, as shown in 3.5 b). Therefore, grain and grain-boundary
contributions to the impedance are represented to be parallel to each other rather than in
series. In practise, however, two parallel RC components cannot be isolated or distinguished
from each other. Furthermore, in thin films, the space-charge impedance of interfacial layers
becomes significant.

Considering now an ideal non-disperse model system, we take the hopping conduction of
ions within a solid electrolyte across potential wells in the direction of an electric field [185].
We assume that the potential wells are evenly spaced and are of equal height. Consecutive
hops are only dependent on temperature, electric field and the shape of the potential barrier.
The hopping process gives rise to a single relaxation time constant τ and is related to the
parallel combination of a resistance R, ZR =R, and capacitance C, ZC = 1

iωC by equation 3.6,
where f0 is the relaxation frequency.

τ =
1

2π f0
= RC (3.6)

The relaxation is visualised through the Bode plot Fig. 3.6 a), which displays the
frequency dependence of the real part Z’ and imaginary part Z” impedance. A number of
features are relevant. First, the resistance plateau in Z’ at low frequency corresponds to R.
Second, the peak in the Z” corresponds to the relaxation frequency f0 and the frequency
dependence of the Z” follows a power-law with a relation of Z ∝ f n, where n = 1.

Figure 3.6: a) Bode plot of Z’ and Z” for single relaxation b) Bode plot of Z’ for two
relaxations c) Combined Bode plot of Z” and M” for two relaxations.

Systems often have more than a single relaxation, which is convoluted with the first
relaxation, as shown in fig 3.4 b). Data visualisation through the complex electric modulus
formalism can yield additional information. The modulus formalism emphasizes the relax-
ation with the smallest capacitance and is dependent on the empty cell capacitance C0 and
complex impedance Z∗ through M∗ = 2π f iC0Z∗ [186]. Combined plots of Z” and M” can
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therefore reveal the largest resistance and smallest capacitance respectively, illustrated in 3.6
c).

Real systems however rarely behave in this idealised manner. Critically, the conductivity
and permittivity tend to be frequency dependent, which is not taken into account above. These
non-idealities reveal themselves in power-law frequency dependent behaviour of AC conduc-
tivity, permittivity or changes in slope of Z”. Early reports of this behaviour originate from
the Curie-von Schweidler behaviour, which examined the power-law dependent relaxation of
polarisation [187]. Jonscher consolidated the power-law behaviour observed in a wide range
of systems such as disordered networks, amorphous semiconductors, hetero-junctions and di-
electrics, under the universal dielectric response [188]. This was a phenomenological model
based around the frequency-dependent susceptibility and conductivity σAC = σ0 +Aωn with
the exponent being 0 < n < 1. These non-idealities could be described for by the constant
phase element (CPE), which is linked to a random network of RC components [189]. It
describes an artificial circuit element between a resistor and capacitor. The exponent α

represents the constant phase and is a free parameter between 1 (θ = 90°) and 0 (θ = 0°).

ZCPE =
1

Q0(iω)α
(3.7)

The CPE is most often used in accounting for diffusion impedances [190, 191] or fractal
roughness of electrodes [192] and even ferroelectrics [193]. However CPE is not based on a
microscopic theory.

Ferroelectric materials exhibit Rayleigh behaviour, which refers to the analogy between
the behaviour of magnetic domains in a magnetic field to ferroelectric domains in an electric
field [184]. It describes the linear dependence of the permittivity on the applied electric field
through the centre of mass motion of domain walls. Individual segments of the domain wall
can be pinned at defects and interfaces and give rise to a logarithmic frequency-dependent
permittivity. An equivalent circuit element, the domain wall pinning element ZDW was
developed by Becker et al. [194, 195], which allows the explicit study of domain wall motion
in a ferroelectric and can be extended to inter-phase boundaries. The domain wall pinning
element is determined through equation 3.8 and uses the static real and imaginary part of the
relative permittivity, ε ′r,0 and ε ′′r,0 , as well as the logarithmic dispersion strength ∆ε ′r as free
fit parameters.

ZDW( f ) =
ε ′′r,0 − i

[
ε ′r,0 +∆ε ′r ln

(
1 Hz
2π f

)]
2π fC0

{[
ε ′r,0 +∆ε ′r ln

(
1 Hz
2π f

)]2
+ ε ′′2r,0

} (3.8)
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3.5 Transmission Electron Microscopy

3.5.1 STEM

Figure 3.7: Components of a scanning transmission electron microscope, with permission
adapted from [196].

Scanning transmission electron microscopy (STEM) is an imaging technique that allows
to characterise materials with atomic-scale resolution. In this thesis, a probe-corrected
ThermoFisher Spectra 300 operating at 300kV with a Gatan Continuum EELS spectrometer
was used. A high energy coherent electron beam is focused through magnetic lenses to a
sharp convergence angle, as illustrated in Fig 3.7. The resulting beam is scanned across the
specimen to gain spatial resolution. The specimen needs to be thin enough to be electron-
transparent. Electron detectors are distributed radially from the optical axis. Detectors
at different scattering angles allow different imaging techniques to be used, enabling the
separation of contrast modes. The bright-field detector lies directly on the optical axis and
captures transmitted electrons. Often, this detector is ring-shaped and the primary electron
beam is transmitted for other measurement modes. At higher scattering angles, annual dark
field detectors capture Bragg-(elastically scattered) diffracted electrons. Finally, high-angle
annular dark field (HAADF) detectors capture incoherent Rutherford scattered electrons.
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The scattering contrast here is directly related to the atomic number Z2 and is excellent for
imaging heavy atoms[196].

3.5.2 EELS

Figure 3.8: NiO EELS spectrum with corresponding electronic transitions, with permission
from [196].

Electron energy loss spectroscopy (EELS) is a powerful technique to investigate the
chemical properties of atomic orbitals. It is used complementarily to STEM, where the
primary electron beam optical axis is captured after being inelastically scattered by the
sample lamella. High energy beam of electrons interacts with core-shell electron orbitals
of the lamella. These are excited to higher energy levels, whereas the electron beam loses
energy, characteristic of the atomic transition. This energy loss is the key measurement
principle behind EELS. The excited electrons can de-excite and emit an X-ray photon or eject
another (Auger) electron in the outer electron shell, which are the basis for energy-dispersive
X-ray spectroscopy (EDX) or Auger electron spectroscopy.

The energy loss spectrum contains three primary regions, as illustrated in Fig. 3.8 for an
exemplary NiO spectrum. The first region contains the most intense section of the spectrum,
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the zero loss peak (ZLP). As the name suggests, these are electrons which have not been
scattered by the sample lamella and hence experienced no loss in energy. The position of the
ZLP serves as an energy calibration and the full width half maximum (FWHM) is used as an
indication of the energy resolution. Finally, using the ratio of the ZLP integrated intensity
I0 over the integrated intensity of the total spectrum It , gives an estimate of the number of
scattering events per incident electrons, known as the ratio-log technique.

t
λ
=− ln(

I0

It
) (3.9)

Here t
λ

gives the ratio of the lamella thickness t and the electron inelastic mean-free path
λ [197]. Plural scattering events can significantly convolute the data analysis of the low-loss
and core-loss regions. Therefore, thin lamellas with t

λ
< 1 are preferred.

The low-loss region typically contains energy losses of up to 50 eV. Within this region,
losses originate from loosely bound outer shell valence/conduction electron density. There-
fore, it is used to investigate the bandgap, dielectric function and inter-band transitions.
The most prominent signal within this region is the plasmon peak, which originates from
oscillations of weakly bound electrons. This oscillation occurs at a specific plasmon energy
Ep and is dependent on the conduction/valence electron density n.

Ep =
√

ne2h/πm (3.10)

Here e is the elementary charge, h the Planck constant and m the effective electron mass.
Shifts in the plasmon peak are particularly useful for examining electronic changes across a
sample. Finally, the core loss region examines inner shell transitions, where the near edge
fine structure (chemical states) can be investigated ≥50 eV from ionisation edge. Transitions
in this region are characteristic for each element and are used for chemical fingerprinting.
The integrated intensity of each of the core losses can be related to the relative concentration
of the element. However, the signal intensity decreases with a power law, which needs to be
removed as a background before quantification. Furthermore, changes within a single peak
across a sample can be investigated to study chemical changes. For example, chemical shifts
can indicate changes in local electron density. Differences in relative peak intensities within
a specific core loss can suggest different orbital occupations.
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3.6 Cathodoluminescence

Figure 3.9: Electron excitation and subsequent photon emission process

Cathodoluminescence is a phenomenon where the emission of light occurs upon the
irradiation of a material with a high-energy electron beam (0.1-300 keV). The primary
electron beam carries too much energy to directly excite electrons into the conduction band.
These are therefore inelastically scatted, giving rise to secondary electrons, X-Rays and
Auger electrons. The secondary electrons in turn excite electrons into the conduction band,
as schematically illustrated in Fig. 3.9. From the conduction band, the electrons can decay
radiatively to a lower energy level and recombine with a hole state, emitting a photon of
characteristic wavelength. The decay can occur either directly from the conduction band to
the valence band (band edge emission) shown in blue or through in-gap states, shown in red,
similarly to photoluminescence [198].

In contrast to photoluminescence, the advantage of cathodoluminescence is that it is
not limited by the incident laser wavelength and is therefore particularly suitable to study
wide band-gap insulators. Furthermore, changing the acceleration voltage and beam current
modifies the interaction volume of the electron beam. This therefore allows the confinement
of luminescence emission and is particularly suited to study ultra-thin films. A FEI-XL30
FEGSEM with a Gatan MonoCL cathodoluminescence system was used in this work.
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3.7 Photoelectron Spectroscopy

Figure 3.10: Photoelectric effect and XPS sampling depths

X-ray photoelectron spectroscopy (XPS) is a surface-sensitive technique based on the pho-
toelectric effect, which provides chemical information about a sample. During measurement,
a material surface is illuminated by X-Rays, which are absorbed and cause the emission of an
inner-shell photoelectron. The photoelectron then travels towards the surface of the material
and is scattered, depending on the inelastic mean free path. Once the photoelectron reaches
the surface, it escapes the material with kinetic energy, EKE and is detected after passing
through collection lenses. The binding energy EBE is characteristic of specific elements and
depends on the incident X-ray energy hν , the detector workfunction ϕ and EKE .

EBE = hν −EKE −ϕ (3.11)

Similarly to ELNES, relative shifts in EBEcan suggest changes in the nearby charge den-
sity. We differentiate between a rigid binding energy shift, that is a shift of all valence bands
and all core levels of the insulator by the same value indicative of an internal electric field,
from chemical binding energy shift, an individual shift specific to of a core level indicative
of a change in the local electronic structure due to chemical bonding. Furthermore additional
peaks can appear, which signify different bonding environments or changes in oxidation state.
These are often convoluted with the original peak. XPS analysis therefore often relies on
a model, where Shirley backgrounds are removed from the signal and individual peaks are
fitted with Voigt functions [199]. The shallow penetration depth of XPS severely limits its
application to study oxide heterostructures, see Fig. 3.10. Buried interfaces in real devices
are also experimentally accessible using the hard X-ray variant of photoelectron spectroscopy
(HAXPES) at higher photon energies, increasing the information depth up to several tens of
nm [200, 201].
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Hard X-ray photoelectron spectroscopy (HAXPES) uses energies in the range of 5.9 keV
in contrast to the commonly used 1.4 keV used in lab-based XPS. In this thesis, HAXPES
experiments were performed at the Diamond beamline I09.





Chapter 4

A Schottky-to-Ohmic Transition in
Epitaxial Ferroelectric Hafnia Devices

Chapter Summary
This chapter describes the growth, structural characterisation and current-voltage response of
an epitaxial hafnia-based capacitor stacks. Evidence of high-quality epitaxy and a rhombo-
hedral distortion in the HfO2 film are presented. Piezo-response force microscopy strongly
suggested the presence of ferroelectricity within the film. A resistance switching mode of
the device stack is demonstrated showing a high on/off ratio, which was termed a Schottky-
to-Ohmic transition and is investigated extensively during the remainder of this manuscript.
Voltage-pulse based measurements demonstrated both synaptic and neuronal functions of the
switching mode. A model linking ferroelectricity with the observed memristive behaviour is
proposed and is based on polarisation dependent interface barrier modification.

The results of this chapter have been published in Ref. [173]:
M.L. Müller, M.T.Becker, N. Strkalj, J.L. MacManus-Driscoll. "Schottky-to-Ohmic

switching in ferroelectric memristors based on semiconducting Hf0.93Y0.07O2 thin films."
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4.1 Introduction

Resistance switching (RS) memory devices based on metal oxides have been found to be
useful in mimicking the electronic functions of the brain’s synapses and neurons [14]. Voltage
pulses, which emulate action potentials, applied to these devices elicit a change in resistance,
which may be time or rate-dependent, and are governed by the devices’ order of complexity
[21]. Such neuromorphic approaches applied to computing promise a low-power, inherently
parallel, alternative to current computing hardware paradigms. A promising class of RS
systems are devices based on ferroelectric materials. Their bistable, voltage-switchable polar-
isation is a natural candidate for memory applications. If confined into the ultra-thin regime
(<5 nm) and sandwiched by two asymmetric electrodes, a ferroelectric polarisation reversal
modifies the potential barrier and therefore the tunnelling current and device resistance [27,
64]. Gradual changes in resistance can be achieved through the application of sub-coercive
voltage pulses, which partially switch the polarisation through ferroelectric domains. These
device stacks can therefore be exploited as synapses in neuromorphic computing systems
[202].

Stabilising ferroelectricity at the nano-scale is challenging. Ineffective screening of the
polar surfaces and the resulting influence of the depolarisation field can distrupt ferroic order.
At these length scales, ionic defects begin to play a noticeable role in governing electrostatic
boundary conditions [203] and therefore also transport properties. Electrochemical surface
states have been shown to couple to ferroelectric polarisation, creating newly proposed
ferroionic states [204]. Furthermore, anionic migration can become significant in ultra-thin
films and at high fields, leading to an additional contribution to electro-resistance [164].
An additional ionic degree of freedom may allow control over other physical properties
such as magnetic or optical characteristics [205], leading to a rich set of physical coupling
phenomena that are presently not well understood. In the context of neuromorphic computing,
the presence of both ferroelectric and ionic degrees of freedom can lead to the reversal of
the electro-resistance sign [206] and add further time-dependency in the resistance change
kinetics[206, 207]. It therefore may be attractive to design ferroelectric systems with high
ionic conductivity [208] to explore and exploit such coupling.

HfO2 has emerged as a promising candidate for RS non-volatile memory applications,
primarily due to its compatibility with complementary metal oxide semiconductor (CMOS)
process technology as a high κ dielectric. The discovery of its ferroelectric properties at the
nanoscale reignited interest in ferroelectrics [112]. However, the mechanisms by which the
material maintains ferroelectric properties at the nanoscale and tolerates high depolarisation
fields remain unclear [132, 133]. Electrochemical effects, particularly oxygen deficiency
have been shown to play an important role in stabilising the ferroelectric phase, as discussed
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in section 2.3. Enhancing the oxygen ionic conductivity of HfO2 through aliovalent doping
and utilising a bottom electrode, which is highly sensitive to changes in stoichiometry, may
be an effective route to elucidate and couple ferroelectric and electrochemical effects.

An ultrathin epitaxial 0.5 wt. % Nb doped SrTiO3| La0.67Sr0.33MnO3| Hf0.93Y0.07Ox

heterostructure is presented, whose transport characteristrics were studied using Ti|Au top
electrodes. YHO exhibited a polar phase with a rhombohedral distortion and we demonstrated
the ferroelectric properties of the film through piezoresponse force microscopy (PFM). We
observed significant resistance switching hysteresis and propose that this effect is due to
polarisation reversal and its effect on the occupancy of defect-induced charge traps.

4.2 Experimental Methods

The epitaxial thin films were fabricated by pulsed laser deposition (PLD). Two ablation
targets for PLD were synthesised. The target with composition Hf0.93Y0.07Ox was prepared
as described in section 3.1.1 by mixing HfO2 and Y2O3 powders. A La0.67Sr0.33MnO3

(LSMO) was synthesised similarly. Powders of LaCO3, SrCO3 and MnO were ground and
mixed in the appropriate ratios. Calcination was performed at a temperature of 850°C and
sintering at 1200°C. In this study, 0.5 wt. % Nb-doped SrTiO3 (NbSTO) single crystals
with (001) orientation from Crystech GmbH were used as substrates. Before deposition, the
substrates were annealed at 950°C for 1 hr at a pressure of 10−6 mbar to obtain an ordered
step-terraced surface structure. LSMO film with a thickness of 11 nm was deposited as a
conducting buffer layer at a temperature of 750°C and pressure of 0.133 mbar O2. The laser
pulse fluence and repetition rate were set to 1.5 J/cm2 and 2 Hz respectively. The progress
of the LSMO deposition was tracked using RHEED, see section 3.1.3. YHO film with a
thickness of 4.5 nm was deposited at 890°C and 0.1 mbar O2, using a fluence of 1.2 J/cm2

and rate of 2 Hz. After the deposition, the chamber was flooded with 400 mbar O2 and cooled
slowly to room temperature at 5K/min. Top electrodes were fabricated by a photolithographic
process and magnetron sputtering, as described in section 3.1.4 and consisted of a 2 nm Ti
adhesion layer on which 50 nm thick Au was deposited.

4.3 Structural Characterisation

The crystalline quality of the thin films was assessed using high resolution X-ray diffraction
(XRD). Fig. 4.1 a) shows a scan along 2θ -ω , displaying lattice spacing induced Bragg
reflections. The most intense signal at 22.7° originates from the STO (001) diffraction.
At a slightly higher angle, 23.0°, the LSMO (001) is visible, whereas a (111) reflection is
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Figure 4.1: Crystallographic and surface characterisation of the epitaxial LSMO|YHO
heterostructure a) 2θ -ω XRD scan, inset showing a rocking curve scan along ω b) XRR
measurement (black) and fit (orange) c) tapping mode AFM measurement of the surface,
scale bar is 1 µm. Fig. reproduced from [173].

present for YHO at 29.9°. This (111) YHO reflection occurs at a slightly lower angle than
observed in the orthorhombic phase, 30.1°, in polycrystalline films [112] and those grown
on YSZ(111)|ITO [209]. This could suggest a buffer-layer strain-induced rhombohedral
distortion is present, as reported previously for similar device stacks [139, 210, 211]. Laue
oscillations are observed beside the main reflections, indicating a very high crystalline quality
and a low surface roughness in the investigated films. A rocking curve around the YHO
(111) reflection was obtained, see the inset of Fig. 4.1a). The full width half maximum
(FWHM) of the peak was 0.0367°, indicating a high lateral coherence length and low degree
of mosaicity, ie. a small degree of tilt of the out of plane orientation with respect to the
substrate. On the same system with different layer thicknesses, Yun et al observed [210]
the existence of a sharp and broad peak in the rocking curve, which corresponded to high
and low crystallinity regions in the sample. The broad peak was not observed in this study,
indicating high crystalline quality of the sample.

The thicknesses of the layers were confirmed by fitting X-ray reflectivity (XRR) data
using the Panalytical X’Pert Reflectivity Software, see Fig. 4.1 b). The layer thickness
analysis yielded 11 nm for LSMO and 4.5 nm for YHO. The root mean square surface
roughness was calculated be 0.5 nm, verified by a roughness of 0.8 nm observed using
atomic force microscopy (AFM), see Fig. 4.1 c). The surface topography displays the slightly
granular texture, which originates from the large symmetry mismatch between LSMO and
YHO and hence resulting in complex domain-matching epitaxy between the two films.[141]
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The YHO epitaxy present here, while displaying a high crystalline quality, does contain a
small degree of periodic incoherence through grain, domain or orientation boundaries. A
detailed structural analysis using electron microscopy follows in section 5.5.

Figure 4.2: Orientation and texture analysis of the heterostructure a) φ -scan at χ=71° and
2θ= 29.9° (black) and 35°(grey) b) zoomed in φ -scan highlighting the 12 fold in-plane
symmetry of the YHO c) 2θ scan across each peak in φ . Fig. reproduced from [173].

Further insight into the texture and orientation of the heterostructure was gained by
following the guidelines presented in [143, 212]. We fabricated an equivalent device with a 9
nm thick YHO film instead to increase the diffraction signal. In our laboratory setting, we
used an X-Ray line source, which resulted in significant background signal within the scan. To
account for the background, we performed a φ scan at 2θ = 35°, where no material reflection
is expected, see Fig. 4.2 a) in light grey. A rhombohedral distortion is a lattice angle change
away from 90° in the case of a cubic parent lattice and can be thought of as the expansion or
compression of a unit cell along the (111) diagonal. This manifests itself as a disparity in
d-spacing among the family of (111) lattice planes. In-plane domains can be accessed by
performing a φ scan. For a (111) oriented film, 3 in-plane reflections for (-111), (1-11) and
(11-1) domains are expected at an angle of χ = 71° away from the out-of plane reflection.
We therefore perform a scan along φ with 2θ = 29.9° and χ = 71°. Instead of 3 reflections,
12 evenly spaced reflections are observed. These stem from the four-fold symmetry of the
STO(001)|LSMO(001) buffer system, and arise due their symmetry mismatch with the (111)
oriented YHO [141]. The in-plane d-spacing was assessed by performing a scan along
2θ for each reflection, as shown in Fig. 4.2 c). The in-plane reflections have a consistent
2θ = 30.3°. The lattice spacing is, therefore, significantly larger out-of-plane than in the
in-plane direction. This is clear evidence of a rhombohedral distortion present in this film,
an expansion of the unit cell in the out-of-plane direction. The degree of the rhombohedral
distortion α is calculated to be α = 2∗atan(d−111

d111
) = 89.26°.
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4.4 Scanning Probe Microscopy

Figure 4.3: Scanning probe microscopy evaluation of the samples piezoresponse a) PFM
phase measurement of the drawn square-in-square pattern showing in and out of plane
polarisation b) PFM phase square-in-square pattern after 18 h c) PFM amplitude d) averaged
linescan showing dip in amplitude profile at ferroelectric domain wall e) amplitude and phase
switching spectroscopy at varying VDC and VAC f) measurement frequency dependent phase
measurement during switching spectroscopy. Fig. reproduced from [173].

To check whether ferroelectricity is present in the YHO films, we carried out extensive
PFM measurements. To assess whether the thin film is ferroelectric, we perform piezo-
response force microscopy (PFM) [177, 181, 213]. A DC bias, VDC is applied to the sample,
while the SPM tip is grounded and subsequently rastered across the surface to write a domain
pattern. An alternating bias, VAC = 1V, of frequency f = 15 kHz is applied to record the
piezoresponse of the pattern. Fig. 4.3 a) shows a square-in-square pattern of the recorded
phase signal, which was written with VDC = +6V and -4V for the outer and the inner square,
corresponding to the polarisation pointing up and down respectively. A clear 180° phase
difference is evident between the two squares, which is stable for at least 18 hours, see
Fig. 4.3 b). An indication of electrostatic charging is visible in the amplitude signal of
the scan recorded directly after domain writing, which may distort the quality slightly, see
Fig. 4.3 c). Furthermore, the amplitude signal across the two written states shows a dip,
a feature observed at ferroelectric domain walls [214], as indicated in Fig. 4.3 c) and d).
Local switching spectroscopy experiments were performed to evaluate whether the signal
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is of ferroelectric origin. Fig. 4.3 e) shows the characteristic ferroelectric phase (blue)
and amplitude (black) once field is swept between VDC = ±5V using an VAC = 1V. The
coercive voltage is slightly asymmetric due to the internal field arising from the work function
difference between the LSMO bottom electrode and the PtIr PFM tip, occurring at -2.0V
and 2.4V. The existence of a coercive voltage, VC, was determined by varying the drive
signal (VDC, VAC). If VDC < VC, dark-blue (1V,1V), no hysteresis is observed. Similarly,
if VAC > VC, shown in light-blue (4V,4V), no hysteresis is observed either. Ferroelectric
switching is only expected above the coercive voltage[181]. If VAC > VC, the ferroelectric
material switches multiple times during the measurement, such that a proper hysteresis
loop cannot be recorded. Furthermore, the device was switched using a wide range of
frequencies 5-80kHz with no measurable trend in hysteresis, as would be expected for ionic
redistribution [215]. Therefore, the combination of evidence from PFM and the expected
structural characteristics obtained for the polar phase from XRD measurements suggests the
YHO film under investigation is ferroelectric.

4.5 Resistive Switching

The current density - voltage (J-V) characteristics of the heterostructure were inspected by
using a source measure unit and a probe station. Bipolar voltage sweeps 0V→-4V→4V→0V
were applied to the Au top electrode while the NbSTO substrate was grounded. A sweep rate
of 900 mV/s was used, which is equivalent to a frequency of 0.1Hz. The measured current
contains contributions from conduction currents JC and frequency-dependent displacement
current JD, due to the derivative of the displacement field with respect to time, δD

δ t . Prior
to measurement, the device was in an intermediate resistance state. A pre-poling step was
performed to turn the device into the HRS. Fig. 4.4 a) shows the measured voltage-dependent
current density, which varied according to ABCD. From 0→-2V in orange, the device is
in the HRS until the current sharply increases at A by about two orders of magnitude and
further rises until B. The device remains in the LRS, indicated in blue, until reaching C, at
which point the device is RESET, and the current gradually decreases until D. From D the
device is in the HRS and the current decreases until 0V. The memory window of the resistive
switching (RS) hysteresis is calculated by the ratio between the LRS and HRS currents ( ION

IOFF
)

and is visualised in the inset of Fig. 4.4 a), a maximum window of 540 is reached at 0V.

Fig. 4.4 b) shows the J-V dependence upon increased measurement frequency. High-
frequency measurements at 10, 100 and 1000 Hz were performed using an Aixacct thin film
analyser. The resistance-switching hysteresis does not change significantly and remains open.
In addition, the measured current density remains similar, even with a 4-order of magnitude
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Figure 4.4: Resistance switching characteristic of the device stack a) J-V hysteresis at 0.1
Hz b) frequency dependent J-V hysteresis c) thermionic emission fit for section 0→A d)
thermionic emission fit for section 0→D. e) Impedance magnitude of the HRS and LRS f)
Impedance Phase of the HRS and LRS. Fig. reproduced from [173].

frequency difference. The invariance of the current density indicates that the measured current
is predominantly a conduction current, rather than a displacement current. A ferroelectric
switching peak is not observed here. In a similar system [139], an ≈ 35µC/cm2 polarisation
at 1 kHz in a 5 nm HZO film resulted in a displacement current peak of ≈ 0.5 A/cm2. Here,
leakage currents are too large (≈ 100 A/cm2) to measure a ferroelectric polarisation reversal.
It is important to note that the resistance switching hysteresis collapsed at 1-5kHz in similar
epitaxial based HZO systems, where dielectric-breakdown related phenomena dominated
the resistance change response [216, 217]. Furthermore, as the measurement frequency is
increased, the switching voltage increases. In ferroelectric materials, the coercive voltage
scales with increasing frequency as f

1
6 [218]. The observed switching voltage trend here

is consistent with the theoretical prediction for coercive field scaling. However, the curve
obtained at f = 100 Hz was measured at a different electrode dot and shows a lower coercive
voltage. This variability may originate from local inhomogeneity in material or defect
distribution.

Next, the nature of the conduction current was investigated. The LRS B→ C is linear in
J-V, suggesting Ohmic conduction, while the HRS, A→D is highly non-linear. A number of
conduction mechanisms were fitted to the observed HRS J-V relation, of which thermionic
injection, gave a suitable fit see Fig. 4.4 c) and d). Thermionic injection is a commonly
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observed conduction mechanism in nanoscale ferroelectrics [219], where the conduction is
limited by a interface barrier and is described by equation 4.1

J = A∗T 2 exp
[
− q

kBT

(
Φ

0
B −

√
qE

4πε0εr

)]
, (4.1)

where A* is the Richardson constant, T the temperature, q the elementary charge, kB the
Bolzmann constant, φ 0

B the Schottky barrier height and the εr the relative permittivity. The fit
parameters are summarised in Table 4.1.

0 → A 0 → D

A∗ (A/m2K2) (9.5±0.3)*107 (6.6±0.2)*107

φ 0
B (V) 0.68±0.01 0.69±0.01

εr 29.4±0.7 26.1±0.4

Table 4.1: Fit parameters for thermionic injection conduction mechanism.

The fit parameters are within the expected range of values for HfO2 films, however
require a temperature dependent measurement to fully confirm the conduction mechanism. It
is important to note that the transport mechanism fit in the HRS could only be performed
with reverse-biased thermionic emission. Similar barrier heights were obtained in both
bias polarities. This may originate from two possibilities. Either, the device behaves like a
symmetric MFM structure, with both interfaces having similar barrier height. Or, it suggests
a high built-in voltage (Vbi) at the blocking interface. Forward-biased diodes follow a
reverse-biased J-V relation below the Vbi. Yet, we would like to stress that the fitted J-V
relation is, at best, an approximation of the true parameters and physical interpretation at this
point is challenging. The observed linearity in J -

√
V could also indicate Simmons modified

Schottky emission, where strong recombination of carriers occurs. The Richardson constant
A∗ is replaced by qNV νD with q being the charge, NV the effective density of states in the
valence band and νD being the drift velocity. Similarly, Poole-Frenkel conduction shows a
similar linearity in J -

√
V relation.

Next, Fig. 4.4 e) and f) show the impedance magnitude |Z| and phases spectra respectively
for the HRS and LRS, which were recorded with an excitation amplitude of 100 mV. The
significant on/off ratio observed during J-V cycling is also reflected in the |Z| spectrum,
showing a disparity of almost five orders of magnitude at low frequencies, which gradually
decreases towards 1 MHz. The phase signal reveals a distinct contrast between the two states,
with the LRS exhibiting a θ ∼ 0°, indicative of a purely resistive behavior, and the HRS
showing θ ∼ -90°, characteristic of a purely capacitive response. Based on the impedance
data in conjunction with the J-V relationship, we observe a reversible bias induced Schottky-
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to-Ohmic transition (SOT). The impedance of the SOT will be thoroughly discussed in
chapter 6.

Furthermore, the SOT switching mechanism exhibits stable resistance states and does not
require a wake-up treatment, as present in polycrystalline ferroelectric HfO2 based films [220,
221]. Endurance and retention measurements are discussed in Chapter 5.3. This behaviour is
consistent with other epitaxial heterostructure devices based on HZO [139].

Figure 4.5: J-V transport properties of modified device stacks containing a)
NbSTO|YHO|TiAu and b) NbSTO|LSMO|YHO|W. Fig. reproduced from [173].

Notably, YHO grown directly on NbSTO without the LSMO displayed poor crystallo-
graphic characteristics and did not show any ferroelectric properties in PFM, highlighting the
crucial role of the bottom electrode [144]. Fig. 4.5 a) shows the J-V transport characterisics
of a NbSTO|YHO|TiAu device stack. A forming process and large RS hysteresis is visible.
The RS mode displayed a short-term retention of ∼103s. A striking visual similarity exists
between this RS mode and previously reported systems directly grown on NbSTO [101, 106,
107]. This effect was, therefore not pursued further. Similarly, SOT switching was absent
when W top electrodes were used. Fig. 4.5 b) shows the J-V transport characterisics of a
NbSTO|LSMO|YHO|W stack. The RS hysteresis is significantly diminished compared to
the SOT. These findings underscore the significance of electrodes and interface chemistry in
stabilising the SOT, which will be further explored in chapter 5.

Based on the available evidence thus far, that the YHO exhibits ferroelectric properties
(as shown by PFM), the pristine state of the SOT is stabilised in an intermediate resistance
range (not requiring a forming process), and the frequency dependence of the switching
voltage being in accordance with expectation for ferroelectrics, we suppose the origin of the
resistance change occurs due to a ferroelectric polarisation reversal. However, more evidence
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is required to confirm this hypothesis, such as simultaneous measurement of capacitance and
current during switching, as shown in chapter 5.

We now compare the observed SOT with structurally similar HfO2 based ferroelectric
heterostructures. We notice the on/off ratio here is significantly larger [202]. Two reported
epitaxial ferroelectric tunnel junctions based on HZO reported on/off ratios of 4.4 for a
2 nm thick HZO grown LSMO buffered STO using Co top electrodes [222] and similar
2 nm thick HZO with LSMO-buffered GdScO3 with Pt top electrode showed on/off ratio
of 2.1 [223]. In both cases, current conduction was assessed using the tunnelling current
through a trapezoidal barrier using the Wentzel-Kramers-Brillouin (WKB) approximation
[224] and the Brinkman model[225]. Conversely, Yoong et al inspected an epitaxial 10
nm thick HZO on a LSMO|LaAlO3 heterostructure with a Pd top electrodes and reported
a large on/off ratio about 100 [226]. In this case the mechanism was attributed to interface
barrier change of about 0.1 eV. However, the LRS J-V remained rectifying. Curiously the
thickness of the LSMO electrode was only 10 nm, a thickness range at which confinement
effects in the LSMO commence. Peijie et al. grew HZO directly on NbSTO, and successfully
demonstrated ferroelectric polarisation-voltage loops despite the polycrystalline nature of
the film and the presence of the monoclinic phase [227]. RS hysteresis was observed and
showed the 8w switching rotation and a significant on/off ratio of 3-4 orders of magnitude.
The large electro-resistance was attributed to the modification of the n-type depletion region
within the NbSTO due to the ferroelectric field effect [228, 229]. However, caution must
be exercised when interpreting these high on/off 8w systems due to the potential impact of
interfacial charge traps [106] and atmospheric oxygen evolution [101]. Lastly, Luo et al.
demonstrated a switchable diode effect, where the rectification polarity changes based on the
direction of the ferroelectric polarization, based on a symmetric TiN/HZO/TiN stack. This
phenomenon was described using a model in which the ferroelectric polarization controls
the effective barrier height and width at each interface, thereby enabling only one barrier to
block current at a time [62].
The aforementioned switching models do not fully capture the SOT observed here. Yet,
Liu et al. predicted a ferroelectric polarisation mediated transition between a Schottky
and an Ohmic contact [58], which is schematically illustrated in Fig. 4.6. In this model, a
symmetric SrRuO3/BaTiO3/SrRuO3 heterostructure was simulated using density functional
theory. The BaTiO3 was 6 nm in thickness and highly electron doped, 0.1 e− per unit cell,
yielding an effective carrier density of ∼ 1021cm−3. At such high carrier concentration,
the ultra-thin ferroelectric is not fully depleted, as with FTJs of similar thickness. The
model predicts the redistribution of the free electronic charge carrier density ρ( f ) within the
ferroelectric in response the ferroelectric polarisation. This internal screening is dramatically
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Figure 4.6: Schematic illustration of the Schottky-to-Ohmic transition at the ferroelectric-
metal interface a) Schottky contact with polarisation pointing away from the interface b)
Ohmic contact with polarisation pointing toward the interface. Fig. reproduced from [173].

different than the external screening by electrodes and resulting depolarisation field induced
resistance modification observed in FTJs. A polarisation pointing toward (away) an interface
causes negatively charged charge density ρ( f ) to locally accumulate (deplete), modifying the
interface barrier and resulting in Ohmic (Schottky limited) current conduction.

It is important to note that such a SOT at one interface in a symmetric heterostructure
would cause one interface to have a Schottky barrier and the other an Ohmic contact. A
polarisation reversal would switch the active interface and change the rectification polarity,
giving rise to the switchable diode effect [62]. A SOT changing the current conduction across
an entire device stack may have already been observed in the first reported ferroelectric diode
as reported by Blom et al.[57]. But rather than Ohmic conduction, space-charge limited
conduction was observed due to the large (>100 nm) thickness of the ferroelectric. The SOT
model by Liu may apply to the presently studied system. However, free electronic charge
carrier density in HfO2 based systems is limited due to dopant compensation [40]. Yet, Y
doping creates a single oxygen vacancy, VO, per 2 Y atoms. These vacancies can create
mid-gap states, which may locally trap electrons at the interface, modifying the potential
barrier profile [230], which are investigated by HAXPES in section 5.6.

The memristive behaviour of the heterostructure was investigated by performing long-
term potentiation – long-term depression (LTP-LTD) measurements, shown in Fig. 4.7.
Bias pulses of increasing amplitude are applied to the device to determine whether analog
resistance states are present. The device was first set into a HRS. Subsequently, 50 voltage
pulses from -1.5 →-4V with a stepsize of 50 mV and 10 ms pulse width were applied to
the top electrode, decreasing the junction resistance, or potentiating the synapse. Between
two voltage pulses, the resistance state is recorded at 0.5V for 200 ms. Following the
potentiation, the synapse decreases in resistance, using the same voltage profile at positive
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Potentiation Depression

(a)

(b)

Read at 0.5 V and 200ms

Figure 4.7: Memristive characterisation of the device stack a) resistance change from HRS
upon application of a voltage pulse profile b). Fig. reproduced from [173].

polarity. Curiously, during potentiation step-like changes in resistance are observed. These
resistance states are met again during depression. However, within the high resistance range
of the depression, the device exhibits a continuous or analog change in resistance. The
step-wise behaviour could be attributed the switching of a number of ferroelectric domains,
whereas the analog regime is consistent with the motion of ferroelectric domain walls [194,
231].

Fig. 4.8 shows a further set of advanced neuromorphic function characterisation beyond
analog behaviour in LTP-LTD measurements. Fig. 4.8 a) displays the resistance of the device
upon a series of -2V voltage pulses, which was measured at 0.1V after each pulse. The
resistance first remains stable in the HRS until it suddenly drops into the LRS and increases
slightly again after the first ∼50 pulses. This behaviour emulates the ’integrate-and-fire’
response associated with neuronal behaviour. Such effects have been observed previously in
ferroelectrics and had been attributed to the nucleation-limited domain switching regime in
HZO [232]. We subsequently investigated whether the resistance change in the device stack
was timing-dependent. The inset of Fig. 4.8 c) describes the measurement procedure, where
first the initial resistance R0 of the device is measured and then two pulses with varying
time interval (∆t) are applied. Afterwards, the final resistance R f is measured. Paired pulse
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Figure 4.8: a) Demonstration of neuronal integrate and fire property achieved with b) pulse
train c) Paired pulse facilitation measurement with measurement scheme shown in the inset
d) paired pulse depression measurement

facilitation (PPF) or depression (PPD) is observed if the resistance index (R0−R f
R0

) is larger
for shorter time intervals. The time dependence of the resistance change would, therefore,
indicate second-order behaviour [233]. Fig. 4.8 c) and d) show 5 iterations of PPF and
PPD measurements. The resistance index does not change with a decrease in ∆t. The SOT,
therefore, displays first-order complexity within the measured time domain.

4.6 Conclusion

In conclusion, the growth of a high-quality epitaxial NbSTO|LSMO|YHO has been achieved.
Ferroelectrity was demonstrated using PFM. A Schottky-to-Ohmic transition during resistive
switching was observed, which showed memristive behaviour. The switching mode was
stabilised in an intermediate resistance state and did not require an electro-forming process.
Furthermore, no wake-up effect has been observed. The switching was proposed to be
correlated to a ferroelectricity-modulated interfacial barrier modulation. Here, trapped charge
carriers would internally screen the polarisation resulting in a change of transport properties
at the interface, causing large on/off ratios. However, the influence of electronically active
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defects, uncorrelated to ferroelectricity, in contributing to the observed resistance change
within the device cannot be excluded and may play a significant role [234–237]. Particularly,
in ultra-thin ferroelectric devices, a coupling between electrochemical and ferroelectric
degrees of freedom can occur [206, 238]. Furthermore, the strong impact of the electrode
interfaces on the switching behaviour has been demonstrated and requires further study.
Lastly, further evidence is required to prove the ferroelectric origin of the resistance change.





Chapter 5

Schottky-to-Ohmic Switching via
Electrode Design

Chapter Summary
This chapter presents an in-depth analysis of the interface chemistry of the device stack using
material modifications, STEM and HAXPES. Carefully designed oxygen reservoirs were
found to be required to stabilise the Schottky-to-Ohmic transition. Combined current and
capacitance-voltage measurements indicated that ferroelectric polarisation reversal is not the
dominant mechanism, rather the reversible oxidation and reduction of localised filaments
drove the resistance change.
The results of this chapter are under review for publication.
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measurements were performed by Nives Strkalj. STEM/ELNES measurements were per-
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Megan Hill, Nives Strkalj, Dibya Phuyal and Ji Soo Kim, fitting was performed by Megan
Hill, and analysis by me.
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5.1 Introduction

Resistance switching (RS) induced by ferroelectric (FE) polarisation reversal can have a
multitude of origins. Polarisation surface charges affect tunnel barriers [64, 239, 240],
depletion regions [57, 62, 219], alter the resistance of the underlying material through the fer-
roelectric field effect [228] and can lead to localised conduction through domain walls [241].
Disentangling and identifying these contributions to resistance change is paramount and
relying solely on current-voltage (J-V ) characteristics yields limited information. Techniques
such as hard X-ray photoelectron spectroscopy (HAXPES) hold promise for independently
confirming barrier height changes within these systems as well as offering a deeper un-
derstanding of the electrochemical behaviour at the nanoscale under polarisation reversal
[205]. Furthermore, it is essential to determine whether the resistance change is genuinely
driven by ferroelectric polarisation reversal or whether it contains coupled or coexisting
ionic contributions. This often involves comparing the switching voltages from quasi-static
J-V measurements to coercive fields observed during polarisation-voltage measurements
(J-V ). Yet, this approach is challenging to achieve if the leakage current is high or the RS
hysteresis remains even at high measurement frequency, where ferroelectric displacement
currents should dominate. The simultaneous measurement of capacitance and current-voltage
relationships, therefore, offers a promising alternative to correlate ferroelectric and resistive
switching[242]. The coexistence of ferroelectric and ionic switching in epitaxial [216, 217]
and polycrystalline [220, 243–245] ferroelectric HfO2 based systems has been described
previously. These reports mainly concerned the evolution of a short-lived conductive filament
within the ferroelectric material with low RS endurance. The ionic contribution interrupted
the ferroelectric polarisation reversal, preventing the measurement of polarisation-voltage
loops. The filaments were hypothesised to be formed along grain boundaries [245]. However,
a simultaneous measurement of ferroelectric polarisation reversal and redox based resistance
switching in HfO2 systems, as far as we know, remains to be reported.

In the previous chapter, we described a resistance transition from Schottky to Ohmic
conduction (SOT) in devices composed of ultrathin epitaxial ferroelectric Hf0.93Y0.07O2

on La0.67Sr0.33MnO3-buffered Nb-doped SrTiO3 (NbSTO|LSMO) substrates [173]. This
transition exhibited a significant on/off ratio and proved to be highly sensitive to the electrode
environment. Further investigation is required to elucidate the underlying mechanisms of the
SOT, as initial assessments were based solely on J-V characteristics. Lastly, endurance and
retention performance parameters are required to gain a comprehensive understanding of the
functionality of the device stack.
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A key aspect of interest in the SOT is the pre-poling stage, where the pristine (unpoled)
state of the device is close to the LRS, not requiring a forming process. By utilising
simultaneous C-V and J-V curves, we find that the SET operation may be correlated with
ferroelectric polarisation reversal due to an overlap of the switching voltage and capacitance
maximum, while the RESET operation does not. Current measurements based on varying
electrode areas reveal the HRS current is transported homogeneously across the entire
electrode surface, while the LRS current is not area-dependent. Thus, the current transport is
confined locally through the device stack through conductive channels or filaments. Finally,
the SOT switching mode has a stable retention and an endurance of up to 105 cycles.

We further systematically vary the device stack to determine design principles for achiev-
ing a SOT. Replacing the YHO with HfZrO4 (HZO) does not result in a change in RS
characteristics. The lack of impact of the dopant was similarly confirmed by photo- and
cathodo-luminescence measurements. Here, the optically active defect signatures were simi-
lar between the two compositions, indicating a common origin, possibly due to the common
processing conditions. The impact of oxygen leaching at the top interface was assessed by
modifying the electrode chemistry. The Ti|Au was first replaced by Pt, a material with high
workfunction, low oxygen affinity that does not require an adhesion layer. In addition, a
device stack with significantly larger Ti adhesion layer thickness was inspected, a material
with a low workfunction and high oxygen affinity. Using Pt top electrodes prevented the SET
operation, whereas the thick Ti interlayer prevented the RESET operation of the SOT. We
therefore conjecture that a precisely designed oxygen reservoir is required to stabilise the
SOT. In conjunction, the thickness of the LSMO bottom layer plays a critical role and is
required to be thin (<11 nm) for the SOT operation, indicating a role of the complex interface
between LSMO and YHO during the resistance switching process.

Finally, we assess structural and electrochemical aspects of the device stack in different
resistance states by inspecting energy loss near edge structure (ELNES) in scanning transmis-
sion electron microscopy (STEM) and performing hard X-ray photo-electron spectroscopy
(HAXPES). We find that the Ti interlayer is fully oxidised already in the pristine state and
penetrates significantly into the YHO, indicating a degree of oxygen scavenging. Further-
more, oxygen is found to move in and out of the YHO layer during the RESET and SET
process, respectively, by detecting the oxidation of both LSMO and Ti in the LRS. Overall,
we demonstrate the intricate electrochemical balance present in the SOT and propose design
rules to stabilise the switching mode to create devices with high and stable on/off ratio.
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5.2 Experimental methods

Fabrication and Current-Voltage Measurements

Details have been described in section 4.2.

Capacitance-Voltage Profiling

CV measurements were performed using a Ametek Solatron Impedance analyser with a
sweep frequency of 0.01 Hz and a measurement frequency 1 MHz.

Luminescence

Cathodoluminescence was performed using a FEI-XL30 FEGSEM with a Gatan MonoCL
cathodoluminescence (CL) system. An acceleration voltage of 1 keV and a 5 nA beam current
and an integration time of 5s per step was used.

STEM

STEM was performed using a probe-corrected ThermoFisher Spectra 300 at 300kV and
40 pA. A Gatan Continuum EELS spectrometer was attached. Images were obtained at
a convergence angle of 24 mrad. EELS spectra were acquired using a dwell time of 1s
and a beam current of 100 pA. EELS spectra are sensitive to plural scattering events. This
effect was evaluated using the ratio-log technique, which gives the ratio of the thickness
of the sample, t, to the inelastic mean-free path of electrons, λ . A t

λ
= 0.7± 0.05 was

obtained, indicating an ejected electron is on average scattered less than once when passing
through the lamella. Therefore the effects of plural scattering are expected minimal in the
EELS spectra. The EELS map was obtained along 20 nm out-of-plane of the device and 5
nm in-plane. Spectra were summed and averaged in-plane to improve signal to noise. A
power-law background was removed for each core loss spectrum and calibrated in a region
of 10 nm before the onset of the individual peak [197].

HAXPES

Hard X-ray photoelectron spectroscopy (HAXPES) measurements were performed at the
I09 Beamline of the Diamond Light Source. The beam was confined to a spot size of 100 µm
and an acceleration voltage of 5.9 keV was used. Two configurations were tested: the bare
film of the heterostructure without electrodes (allowed the the top surface of the NbSTO
to be sampled) and the heterostructure in device configuration with an ultrathin 6 nm TiAu
top electrode (allowed the top surface of the LSMO to be sampled). A full summary of the
calculated penetration depths is given in the Table 5.1. Each of these configurations were in
the pristine state, LRS and HRS. The state of devices with top electrodes was set by using a
probe-station, whereas the bare film was modified by switching the ferroelectric polarisation
direction across large areas using PFM. The bare film did not show any resistance changes.
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5.3 Electrical Characterisation

Figure 5.1: a) J-V profile of the SOT switching with the pre-poling stage b) Simultaneous
measurement of J-V and C-V , showing the correlation between SET voltage and coercive
voltage. Current dependence on electrode area measured at -1V, averages are shown in colour
while raw data is illustrated in grey c) LRS d) HRS.

We begin by outlining the operational principles of the SOT, details on the pristine
resistance state, area-dependence, capacitance-voltage and performance metrics of retention
and endurance are discussed. SOT switching commences after the application of a bipolar
pre-poling step, shown in Fig. 5.1a). The device is first poled from 0 →-4V and subsequently
-4 → 0V. An already high current density, close to the LRS, is observed in pristine state,
with no evidence of sharp changes occurring, which would be indicative of electro-forming
behaviour. As the device is poled from 0 → 4V and back, a sharp decrease in current is
observed and the device is RESET into the HRS. The SOT switching continues in subsequent
cycles, where the current increases sharply around -2.5V during the SET process and drops
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more gradually around 3.7V during the RESET process. The SOT therefore has a counter 8
wise (c8w) switching rotation.

We now consider Fig. 5.1b), where the simultaneous measurement of the C-V relation
during the J-V measurement of the SOT is shown. The C-V shows a characteristic ferro-
electric butterfly loop, confirming the ferroelectric nature of the YHO. The loop exhibits
two maxima at -2V and 0.5V, corresponding to the coercive voltages of the ferroelectric.
The asymmetry in coercive voltage indicates the presence of an internal bias field across
the device structure, characteristic of imprint behaviour [246] due to defective surfaces or
an asymmetry in electrodes. We further notice that the capacitance at positive polarity is
significantly suppressed. This feature is indicative of an additional capacitance being present
in series with the YHO capacitance [247], possibly a depletion region. In a semiconductor,
the depletion region Wd width depends inversely upon charge carrier concentration, Na.

Wd =

√
2ε0εscφsc

qNa
(5.1)

Here ε0 is the permitivity of free space, εsc the permitivity of the semiconductor, φsc the
semiconductor workfunction and q the elementary charge. The depletion region capacitance
CWd per unit area is inversely proportional to the depletion region width.

CWd =
ε0εsc

Wd
(5.2)

For a p-type semi-metal, such as LSMO, hole charge carriers are depleted at positive
voltages. As such a space-charge region may be present at the LSMO|YHO interface.
Furthermore, the saturation capacitance measured at -4V corresponds to a relative permittivity
ε = 15.7. The magnitude is quite low compared to 35 expected for the orthorhombic phase in
polycrystalline films [248]. A range of factors could result in a low dielectric constant, such
as the presence of a smaller series capacitance, the presence of phases with low permittivity,
such as the monoclinic phase, or incorrect assumptions about the film thickness or electrode
area.

Finally, considering the simultaneous C-V and J-V measurement, we notice that the SET
voltage and the coercive voltage at negative polarity overlap, whereas the RESET voltage
and the coercive voltage at negative polarity do not. This therefore clearly demonstrates
that ferroelectricity alone is not responsible for the SOT switching. However, the overlap of
switching voltages suggests that the ferroelectricity and RS behaviour may be inter-related.

Next, we examine the dependence of the conduction current in the HRS and LRS upon a
change in the electrode area, see Fig. 5.1 c) and d) for LRS and HRS respectively. We find the
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HRS current scales with the electrode area, indicating the current is conducted homogeneous
across the electrode area. In contrast, the current in the LRS does not change significantly,
conduction therefore is confined and occurs along local paths. This behaviour is consistent
with typical filamentary RS modes, where the growth and dissolution of a conductive path
govern the resistance state. From here on we will use the ‘filament’ nomenclature to refer
to any type of conductive path present. However, SOT RS modes do not require a forming
process and the systems are grown close to the LRS, suggesting the filaments are already
present in the pristine state. This is in stark contrast to the aforementioned examples,
which exhibit both ferroelectricity and filamentary switching. These examples reported their
systems to be in the HRS, or even lower resistance, in the pristine state. The presence of the
conductive paths in the pristine state may originate from a defective top surface, induced
through highly energetic sputter deposition of electrodes, or from oxygen scavenging by
top electrodes. Additionally, incoherent grain boundaries, which have been indicated to
be more conductive than the grains, could serve as the conductive paths themselves or act
as preferential sites for filament formation [92, 245, 249]. This will be investigated in
detail shortly. Finally, a correlation between ferroelectricity and filamentary switching may
be caused by the ferroelectric displacement current creating additional heat, which drives
filament growth or dissolution. Furthermore, a strong depolarising field and piezoelectric
effects at grain boundaries may alter or favour the migration of ions in specific directions,
favouring certain local stoichiometry configurations and could therefore help trigger filament
formation.

Figure 5.2: a) Retention measurement obtained at Vread = -0.1V b) Endurance measurement
up to 8*104 cycles showing every 500 measurements for clarity.
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The key performance metrics of the SOT are assessed in Fig. 5.2a) in terms of state
retention and endurance. The retention was conducted by recording the state at -0.1V after
the device had been biased by ±4V to determine the resistance state. Over time, both HRS
and LRS are very stable and both only becoming slightly less resistive over time. The time,
t, dependent current, I(t) could be modelled by a power-law, I(t) ∝ t−n. The exponent
n corresponded to extremely low values of n = 0.002 and n = 0.083 for HRS and LRS
respectively. This behaviour may be indicative of Curie-von-Schweidler type behaviour of
electronic polarisation relaxation. Endurance was tested by applying pulsed voltages of ±4V
for 10 ms, state readout was performed after every pulse 0.5V, followed by full J-V sweeps
every 200 cycles to assess degradation. The device exhibited relatively stable performance
initially, but resistance increased over time, as detailed in Fig. 5.2b). This endurance is
significantly more stable compared to comparable HfO2 ferroelectric-filament RS devices
but does not match the stability seen in purely ferroelectric systems.
To establish the design rules governing the stabilisation of the SOT, we modify the materials
in the stack and observe the resulting RS behaviour. We first modify the defect chemistry
present in the ferroelectric and compare the device stack using HfZrO4 (HZO) instead of
YHO. Unlike the aliovalent Y3+ ion in YHO, the Zr4+ ion in HZO is isovalent and therefore
does not create electronic dopant-compensating vacancies. As shown in Fig. 5.3 a), the HZO-
based device stack still exhibits the SOT and is indistinguishable from those with Y doping.
Therefore, the SOT does not rely on the internal composition and aliovalent dopant-induced
oxygen vacancies play a negligible role in influencing the SOT RS characteristics. The defect
levels of HZO and YHO device stacks are further inspected by using cathodoluminescence
and photoluminescence later on.

Next, we modify the top interface by depositing Pt top electrodes instead of Ti|Au. Pt,
like Au, is a noble metal and has a high work-function. However, its use eliminates the need
for an adhesion layer to bridge the electrode and the material of interest, therefore allowing
probing of the effect of the adhesion layer on the RS characteristics. Furthermore, Pt has
a much lower oxygen affinity than Ti and the scavenging of oxygen is therefore expected
to be diminished [103]. However, despite its low oxygen affinity, Pt can adsorb oxygen
within under-coordinated grain-boundaries and lead to catalytic activity with water [99, 101].
Inspecting the RS behaviour in Fig. 5.3 b), we again observe a high current in the first
negative sweep, indicating that the pristine state is still in the LRS. This would suggest that
the conductive nature of the pristine state originates from the LSMO|YHO heterostructure.
However, after the device has been RESET into the HRS, it does not switch into the Ohmic
regime, being unable to complete a SET operation.
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Figure 5.3: a) J-V of a device stack using HZO instead of YHO ferroelectrics b) J-V of a
device stack using Pt instead of TiAu top electrodes c) J-V of a device stack using 19 nm
LSMO instead of 11 nm LSMO d) J-V of a device stack using 10 nm Ti instead of 2 nm Ti
as an interlayer.

In contrast, we inspect the role Ti interlayer by depositing 10 nm Ti rather than 2 nm,
while keeping the Au top electrode. Fig. 5.3 d), shows a dramatic increase in overall current
density. The pristine state exhibits slightly higher currents but upon a bipolar voltage sweep,
the device is unable to reset. This clearly shows that the interlayer of the Ti|Au top electrode
plays an important role in stabilising the SOT. A carefully balanced volume of oxygen
scavenging is required to allow for both the SET and the RESET operation.

Finally, we investigate the impact of the LSMO bottom electrode. Fig. 5.3c) shows the
J-V relation of a device stack with 19 nm of LSMO rather than 11 nm. Thicknesses of 20
nm and above are more commonly used for testing ferroelectrics. We clearly observe that the
19 nm LSMO does not stabilise the SOT and rather exhibits a much smaller RS hysteresis,
which only persists for 5 cycles. The results here are similar to those reported by Knabe et al.
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[216]. This points to a complex role of LSMO in stabilising the SOT and is investigated in
more detail by ELNES and HAXPES.

5.4 Luminescence

Figure 5.4: a) Photoluminescence spectra of NbSTO substrates, NbSTO|LSMO|YHO and
a STO|LSMO|HZO heterostructure b) Cathodoluminescence spectra of a NbSTO|LSMO
substrates and a NbSTO|LSMO|YHO with ultrathin 6nm Ti|Au electrodes.

Defect states in the heterostructure were accessed using two optical techniques, photolu-
minescence (PL) and cathodoluminescence (CL), illustrated in Fig. 5.4 a) and b) respectively.
PL was performed with an excitation wavelength of 260 nm. Three samples were tested, the
NbSTO substrate, a NbSTO|LSMO|YHO and a STO|LSMO|HZO heterostructure. Each
spectrum displays a sharp peak at 520 nm, which occurs due to the origin of the excitation
laser being the second harmonic generation from the 520 nm laser. The NbSTO shows
a broad emission between 350-700 nm, which obscures any signal originating from the
NbSTO|LSMO|YHO system. In undoped STO, the broad emission has a significantly
weaker intensity and a small emission doublet around 670 nm can be identified in the
STO|LSMO|HZO system. In contrast to PL, CL allows the user to tune the interaction
volume of the incident electron beam by manipulating the acceleration voltage. Fig. 5.4 b)
shows the CL spectra in 4 different conditions. First, the NbSTO|LSMO reference sample
still shows a broad emission between 300-600 nm when measured at 1 kV. Measuring the
bare, electrode-free heterostructure at an acceleration voltage of 2 kV, shows a dominant
signal from the substrate, however decreasing the acceleration voltage to 1 kV, confines the
beam within the 5 nm of YHO and again shows an emission doublet at 670 nm. In addition,
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a thin 7 nm Ti|Au top electrode can be used to raise the electron interaction volume from the
NbSTO into the YHO by recording the spectrum at 2 kV. CL signal was acquired underneath
electrodes, which were poled into HRS and LRS respectively, but showed no discernible
difference. The existence of the emission around 670 nm in both HZO and YHO shows
that the optically active defect measured here does not come from defect complexes [250],
but rather originates from the fabrication conditions. The emission signal at 670 nm had
been previously identified to originate from oxygen vacancies and plays a crucial role in
the ferroelectric wake-up effect [134, 251]. Interestingly, Perevalov et al observed a strong
emission at 475 nm and correlated oxygen-vacancy-mediated phonon-assisted tunnelling
between traps in ferroelectric La-doped HZO [252, 253]. However, the strong signal of the
substrate in this wavelength region obscures the measurement in the present study.

5.5 Transmission Electron Microscopy

To investigate the structural and chemical properties of the pristine state of the device,
scanning tunnelling electron microscopy (STEM) and electron energy loss spectroscopy are
performed. Fig. 5.5 a) shows the high angle annular diffraction (HAADF) proportion of the
image along the [110] zone axis of NbSTO. The bottom two materials, NbSTO and LSMO
show a flat, coherent interface with a cube-on-cube epitaxial relationship. The YHO|LSMO
interface on the other hand shows a two monolayer coherent and epitaxial interface region.
This has been reported previously and has been attributed to a tetragonal phase, which
is critical to stabilise the polar phase [139]. The YHO on top shows a different crystal
periodicity. Large areas of the scan were analysed using fast Fourier transforms to determine
the lattice parameter of the materials. The lattice parameters were determined to be 3.07 Å
and 2.26 Å for (111) and (11-1) YHO and 4.05 Å for (001) LSMO. These are consistent
with the measurements performed previously using XRD, see section 4.3. The YHO above
the epitaxial interface layer is observed to contain sections of varying orientations, with
coherent regions being 5-6nm in size, see appendix A.1, which correlated with the topography
observed using AFM. Although the film is not strictly epitaxial, this manuscript will continue
to use the term, as these observations align with previous reports on epitaxial HfO2. The
discontinuities between incoherent crystalline sections of the YHO film may pertain to a
number two dimensional defects, this manuscript term these defects as grain-boundaries.
To assess the extent of chemical and structural changes within the device stack, energy loss
near edge spectra (ELNES) of the Ti L23 (L2: 462 eV, L3: 456 eV), O K (532 eV) and
Mn L23 (L2: 651 eV, L3: 640 eV) core-losses are shown in Fig. 5.5 b). Transition metal
L edges originate from excitations of 2p to 3d orbits. Spin-orbit coupling causes the 2p
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Figure 5.5: a) HAADF STEM of the device stack along the (110) zone axis of NbSTO b)
spatial extent of the ELNES signal for Ti L23, O K and Mn L23 core losses c) Mn L23 core
losses at the YHO|LSMO interface, the centre of LSMO and the NbSTO|LSMO d) O K core
losses at the YHO|LSMO interface, the centre of LSMO and the NbSTO|LSMO.

electrons to lose degeneracy and split 2p 1
2

and 2p 3
2

orbitals, corresponding to L2 and L3 edges
respectively. Furthermore, the influence of the crystal field splits the 3d electrons orbitals
into t2g and eg orbitals, further splitting each L edge. However, the current measurement
resolution is not sensitive enough to detect the crystal field splitting. The O K edge displays
excitations from O 1s to 2p orbitals and exhibits a rich fine structure, which is very sensitive
to local coordination and bonding changes and hence is dependent on the material. For STO,
the O-K edge fine structure contains 4 main peaks. The pre-peak corresponds to orbitals
hybridised Ti 3d, the 2nd peak likely originates from Sr-O interactions, and the 4th peak
from Ti 4s hybridised states [254]. In LSMO, the pre-peak has Mn 3d character, 2nd peak
corresponds to La 5d and the 3rd peak originates from Mn 4sp hybrids [255]. Finally, for
non-perovskite TiO2, the pre-peak again has Ti 3d character, whereas the second peak is
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sensitive to 4s and 4p states [256]. The pre-peak is therefore highly sensitive to valence
electronic structure and its intensity is often used to assess the relative oxygen deficiency [75,
101].

The spatial extent of the respective elemental signatures can now be used to assess
the degree of interdiffusion between the materials. At the NbSTO|LSMO interface, sharp
chemical changes between Ti and Mn L23 edges indicate homogeneous interfaces with little
interdiffusion. For Ti interlayer, on the other hand, the signal penetrates significantly into the
YHO, possibly due to the high kinetic energy during sputter deposition. Furthermore, the
presence of a significant O K intensity concomitantly with the Ti L23 would suggest the Ti is
oxidised. The O K signal also changes gradually towards a HfO2-based signal, whereas at the
LSMO|YHO interface, the O K edge changes occur more abruptly, indicating a lesser degree
of interdiffusion at the bottom interface. A more detailed assessment was performed by taking
line scans of Fig. 5.5 b) at specific positions to inspect chemical changes at the interface. The
centre of the LSMO (7.3 nm) is compared to the NbSTO|LSMO (5.6 nm) and LSMO|YHO
(11.1 nm) interfaces. Fig. 5.5 c) shows the normalised Mn L23 edges. For both interfaces,
the L3 whiteline slightly shifts towards lower energies. By fitting the peak positions with
a Gaussian function, the shifts were determined to be 0.4 eV at the bottom interface, and
0.8 eV at the top interface. The L3- L2 separation increased slightly, yet the relative intensity
ratio remained consistent. A shift towards lower energy indicates an increased negative
charge carrier density, consistent with the formation of a depletion region within the LSMO.
These changes occurred over ∼2 nm, which is larger than expected for the typical screening
length of 1.2 nm in fully metallic LSMO [257]. The O K edge for the LSMO centre and
the NbSTO interface did not show any significant changes. However, at the LSMO|YHO
interface, the O-K pre-peak completely disappears and the 2nd peak loses intensity. As the
pre-peak intensity is correlated with stoichiometry, the LSMO|YHO interface is oxygen
depleted [258]. This deficiency has been reported previously in LSMO|HZO heterostructures,
it has however not been correlated to RS effects and typically is confined to a thinner region
at the interface [142, 145, 146, 259].

Next, the Ti interlayer is assessed at its centre (17.8 nm) and close to the YHO (16.1 nm)
for Fig. 5.6 a) the Ti L23 edge and b) the O K edge. The Ti L3 slightly decreases in intensity
and broadens toward the interface. O K is first well separated into two peaks at the centre but
subsequently loses its fine structure toward the interface. Both the peak-broadening and the
loss of fine structure are indicative of significant increase in structural and electronic disorder,
which is accompanied by a decrease in stoichiometry. These changes occur gradually,
indicating an oxygen gradient being present, where the top of the Ti interlayer is well
oxidised [260, 261]. Finally, the NbSTO side of the NbSTO|LSMO interface (4.8 nm) is
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Figure 5.6: a) Ti L23 core losses at the YHO|TiO2 interface and the centre of TiO2 b)
core losses at the YHO|TiO2 interface and the centre of TiO2 c) Ti L23 core losses at the
NbSTO|LSMO interface and the centre of NbSTO d) core losses at the NbSTO|LSMO
interface and the centre of NbSTO.

inspected and shown in Fig. 5.6 c) and d). The Ti L23 shifts towards slightly lower energies
at the interface, by 0.4 eV. Peak intensities and splitting remain similar. Again a decrease in
the pre-peak intensity of the O K edge is observed. These data suggest that the surface of the
NbSTO is also oxygen deficient. A Ti L23 peak shift of 0.4 eV can be related to an oxygen
deficiency of δ ≈ 0.1 in NbSTO3−δ at the surface [262]. This deficiency may originate from
the vacuum annealing step or PLD deposition of LSMO.
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5.6 Photoelectron Spectroscopy

To detect and compare electrochemical changes between the pristine state and the HRS
and LRS, we performed hard X-ray photoelectron spectroscopy (HAXPES). Details of the
measurement procedure are found in section 5.2. So far, HAXPES studies on ferroelectric
HfO2 focused mainly on inspecting stoichiometry [87, 263–265] and band alignment [79, 266,
267] in a single polarisation direction rather than the effects of polarisation reversal. Matveyev
et al. studied the polarisation reversal in a non-RS ferroelectric capacitor structure and
indicated redox reactions occur at the interfaces [268]. In this thesis, we aim to correlate the
resistance states to electrochemical changes to gain a deeper insight into the SOT switching
mode.

We compare core-level spectra of Hf-4f, O-1s and Ti-2p in device configuration and
inspect the valence band (VB) spectra obtained from the bare film. Critically no changes
in resistance state were observed by measuring the bare film with conductive AFM after
changing the ferroelectric polarisation direction by PFM, indicating the critical role of the
top electrodes in stabilising the SOT. Using the approach described in section 5.2, measuring
the HAXPES spectra with thin TiAu top electrodes and on the bare film, the signal depth
sensitivity is altered. The penetration depths were performed using the electron inelastic
mean free path and are summarised in Table 5.1.

Sample Energy (keV) TiAu YHO LSMO Max depth
YHO - Au 5.9 70-80 % 10-14 % 8-11% 7 nm into LSMO
YHO - PFM 5.9 N/A 47% 31% Into NbSTO

Table 5.1: Estimated elemental signal contribution and electron escape depth in HAXPES
experiments for areas under the Ti|Au electrode and the bare film.

The Hf-4f spectra are shown in Fig. 5.7 a). Both peaks can be fitted well with a single
Voigt-function and their positions correspond to fully oxidised Hf4+. Hence no evidence
of substoichiometry is present and this does not change upon a change in resistance state.
The lack of change in stoichiometry would therefore exclude homogeneous redox reactions
occurring at the YHO surface or across electrode interfaces [266, 268]. Furthermore, no shift
in peak position is evident, which is indicative of a lack of change in band bending, typically
associated with charge trapping [269] or ferroelectricity-induced potential barrier changes
[205]. However, the lack of change in the Hf-4f signal may not exclude redox reactions
occurring. A conductive filament is typically only 10-100 nm in diameter, whereas the X-ray
illuminated area is significantly larger with a spotsize of 100 µm. Therefore non-switching
YHO may drown out the filamentary signal.
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Figure 5.7: a)–c) HAXPES spectra measured at 5.9 keV underneath Ti|Au electrodes in the
pristine, LRS and HRS for Hf-4f (b), O-1s (c), Ti-2p (d) spectra of the valence band (VB)
without top electrodes spectra in the pristine, LRS and HRS state valence band (VB).

Conversely, O-1s spectra in Fig. 5.7 b) show significant changes upon resistance state
reversal. The O-1s signal consists of 3 components, the primary metal-oxygen (primarily
Hf-O) bonding at a binding energy of 530.2 eV, a ‘non-lattice oxygen’ (NLO) signal at 531.9
eV and a La-O shoulder at 529 eV. Each of the components is fitted with a separate Voigt
function and allows for the relative quantification of the signal changes between resistance
states. The Table 5.2 summarises the areal contributions to the O-1s signal, Hf-O, NL-O and
La-O, and show significant relative changes between resistance states. These contributions
are deconvoluted by fitting each component with Voigt functions after a Shirley background
has been removed. The NLO component refers to oxygen species which are not bound
to metal cations [270]. This signal doubles from the HRS to the LRS and is also visible
in PFM-poled areas. Since this behaviour is visible in both non RS PFM-poled areas and
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in RS device configuration, we conclude the NLO does not contribute to the observed RS
response. The shoulder peak associated with La-O bonds, indicative of oxygen bound in
LSMO, increases in the LRS and decreases in the HRS. This behaviour is not observed in the
PFM-poled areas, suggesting that the change La-O is related to changes in resistance states,
indicating the oxidation of LSMO in the LRS and reduction in the HRS. Considering that
during the SET process, a negative voltage is applied at the top electrode, negatively charged
interstitial oxygen (positively charged oxygen vacancies) would migrate toward (away) from
the LSMO. The direction of oxygen is hence consistent with field-enhanced ionic transport.

Hf-O NL-O La-O

Pristine 81.9 4.5 13.6

LRS 71.7 9.2 19.2

HRS 80.8 5.8 13.5

Table 5.2: Percentage contribution to the O-1s signal area in the pristine states, HRS and
LRS.

Inspecting the Ti-2p core-level spectra, the peak position confirms that Ti remains fully
oxidized in the Ti4+ state across both resistance states, as already indicated by ELNES for the
pristine state. Again, no evidence of sub-stoichiometry is present. However, notably a 0.1 eV
shift towards higher energy in the LRS compared to the HRS, indicating increased negative
charge density, potentially due to a higher density of non-lattice oxygen (NLO) in the LRS.
If the TiOx were the primary resistance limiting element, it would be more oxidised in the
HRS, whereas here we observe the TiOx to be more oxidised in the LRS [108]. The observed
redox changes in TiOx are inconsistent with field-enhanced ionic migration. Instead, Joule
heating-induced thermal effects, such as Soret thermophoresis, might drive oxygen migration
away from the filament, since temperatures at filament tips can reach up to several hundred
Kelvin at high power dissipation [271, 272].

Finally, the valence band (VB) in the PFM poled region is analysed. States near the
Fermi level originate from the LSMO. Intriguingly, these states do not cross the Fermi
level, indicating LSMO’s semiconducting nature. Previous evidence of larger than expected
depletion region widths at both LSMO interfaces is therefore corroborated. Based on the
current-voltage (J-V) characteristics, energy loss near edge structure (ELNES), and hard
X-ray photoelectron spectroscopy (HAXPES) data, it is hypothesized that the enhanced
RS performance of the SOT containing a thin LSMO layer is due to a thickness-induced
decrease in conductivity. The LSMO may act as a series resistor, setting a compliance
current and preventing irreversible dielectric breakdown. Additionally, the LSMO may
experience a larger voltage drop, enhancing oxygen exchange with YHO. Thickness-induced



76 Schottky-to-Ohmic Switching via Electrode Design

crystallographic differences in LSMO may also influence the growth mode and the amount of
monoclinic phase present in the YHO, affecting polarization magnitude and grain boundary
density [158].

5.7 Conclusion

To conclude, we demonstrated that SOT is not dominantly driven by interfacial barrier
changes from ferroelectric polarisation reversal because no evidence of a change in band-
bending has been observed. Area dependence measurements indicated localised conduction
paths in the LRS. However, no forming process was observed and the device was grown close
to the LRS in the pristine state. This will be subject to further investigation. Furthermore,
design rules were determined, which established that the Ti adhesion layer plays a critical
role as an oxygen reservoir, whose capacity needs to be optimised to stabilise the SOT.
Additionally, the thickness of the LSMO was determined to be important. Significant
depletion regions in the LSMO were recognised and attributed to a degradation in conductivity
in the LSMO. The precise role of the LSMO during the switching process will be discussed
in the following section 6.5.



Chapter 6

Disentangling Resistance Contributions
during Schottky-to-Ohmic Switching

Chapter Summary
This chapter present an impedance spectroscopy based analysis of the Schottky-to-Ohmic
(SOT) switching mode. Two relaxations were identified and were attributed to the YHO
film and the LSMO|YHO interface region. The pre-poling procedure and gradual changes
in resistance during pulsed switching revealed that both the in both the YHO layer and the
interface region contribute to the observed resistance switching response. The conduction
in the pristine state was indicated to be confined to conductive paths, bypassing inter-grain
transport. Furthermore the SOT is hypothesised to be stabilised due to an enhanced defect
concentration at the LSMO|YHO when the thickness of LSMO is reduced. Transport anal-
ysis suggests that the current flow through the device is limited by a polaronic hopping regime.

Author contributions
I performed PLD growth, electrical characterisation and analysis.
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6.1 Introduction

The previous chapter clearly demonstrated that a careful design of the YHO interfaces drives
conductive channel formation and dissolution during the Schottky-to-Ohmic transition (SOT).
Oxygen scavenging due to the Ti interlayer deposition and an LSMO depletion region had
been identified as the main ingredients for the stabilisation of the SOT. Yet, a number of key
questions remain, which have been grouped into two topics:
First, a microscopic understanding of the resistance switching processes. How is the pristine
state different to the high resistance state (HRS) and low resistance state (LRS) - why does the
pristine state occur in an intermediate resistance range? The SET process may be correlated
to ferroelectricity, however the RESET is not and occurs in two separate stages - do multiple
layers contribute to the resistance change?
Second, what is the role of the LSMO during the switching process? How does the depletion
region participate during resistive switching? Why is the SOT only possible with thin LSMO?
Does a metal-insulator transition within the LSMO contribute to the resistance change?

The device configuration used to achieve the SOT is rather complex; each of the layers
within the stack can individually display a significant resistance change through a plethora
of mechanisms. Nb-doped SrTiO3 (NbSTO) as a substrate can show charge-trapping-based
resistance switching, governed by imperfections at the interface with a metal electrode [106]
or dielectric [107]. For LSMO it is well known that electronic correlations play a key role
in its properties, e.g., to induce metal-insulator transition (MIT) [151]. The MIT can also
be tuned through magneto-electric coupling, where ferroelectric charge or strain mediate
the resistance change [273], or magneto-ionic coupling, by interfacial redox reactions [163].
Furthermore, the use of Ti as an interlayer has the potential to reversibly oxidise and form an
insulating tunnel barrier for electrons [108]. Finally, the switchable ferroelectric polarisation
may cause an additional resistance-changing effect [57, 65, 239]. Therefore, the SOT can
potentially be governed by multiple resistance switching effects in addition to a localised
breakdown. These cannot be separated solely by quasi-static IV analysis.

Impedance spectroscopy is a widely used technique to assess resistance and capacitance
changes across a wide frequency range [274]. An impedance spectrum typically contains
multiple components each with a characteristic relaxation frequency, which is visible as a
semicircle in the Nyquist plot or a change in slope in the impedance formalism. Elements
such as grains, grain boundaries, interface layers or mobile domain interfaces can be sep-
arated. This technique therefore allows insight into which components govern the overall
device resistance. Coupling impedance spectroscopy with variations in stack chemistry and
temperature can therefore become a powerful combination to assess memristive switching
mechanisms. In this chapter, the resistive switching behaviour of the SOT and its associ-
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ated switching modes are disentangled by means of impedance spectroscopy. Successive
switching experiments helped identify and correlate the nature of the pristine state and
revealed stable intermediate resistances between LRS and HRS. The critical role of the
LSMO to the SOT switching was identified and its contribution to reversible and irreversible
resistance changes was dissected. Changes in film chemistry allowed to pinpoint the origin
resistance changes and identify the underlying conduction mechanisms, which was aided by
temperature-dependent experiments. All impedance spectra were obtained at frequencies
f between 1 MHz - 100 Hz at an AC amplitude of 100 mV using an Ametek Solartron
impedance analyser.

6.2 Model Development

Figure 6.1: a) Impedance magnitude |Z| with Kramers-Kronig transform b) real impedance
Z’ with equivalent circuit fit c) Imaginary impedance Z” and modulus M” with equivalent
circuit fit.

In the first instance, a device was poled into the HRS and impedance spectra were
measured, which are shown in Fig. 6.1. To verify the spectra were collected in a stable,
causal and linear perturbation regime, a Kramers-Kronig (K-K) transform was applied
[275]. The resulting data is plotted in Fig.6.1 a) in red. The K-K transform shows excellent
agreement with experimentally acquired |Z| shown in dark blue. A small mean squared
weighted deviation of χ2 = 0.0054 was obtained, indicating the experimental conditions are
suitable for the subsequent analysis.

The development and assignment of an equivalent circuit to describe impedance data is a
crucial step in the analysis. However, care needs to be taken that the model is both physically
relevant and does not overfit the data. The approach taken here was to first compare the real
part Z’, Fig. 6.1 b), and imaginary part Z” impedance formalism with the modulus formalism
M”, Fig. 6.1 c), as defined in section 3.4. The combined use of Z” and M” emphasises
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different constituents, since their magnitude scales with the largest resistance and smallest
capacitance respectively [186]. Once these relaxations are identified, they can be expressed
as equivalent-circuit elements and subsequently correlated to layers within the device stack.
Inspecting Fig. 6.1 b) for the Z’, two relaxations are visible, a low-frequency relaxation,
a drop in Z’ between 102 to 103 Hz and a high-frequency relaxation, a plateau between
103 and 105, which subsequently drops further in magnitude. The RC time constant of the
low-frequency relaxation is outside of the measurement range. Conversely, the imaginary
part, Z” in 6.1 c), only shows a single frequency dependent power-law dispersion f−n, which
scales with n = 0.95 and corresponds to the low-frequency relaxation. The exponent of n
indicates the system only deviates slightly from the ideal Debye-relaxation of n = 1. The
combination of Z” with M” highlights the high-frequency relaxation as a shoulder peak. The
rise of M” towards the high-frequency limit suggests the presence an additional relaxation
with a small capacitance outside of the measurement range.

From these relaxations, we develop an equivalent circuit model, which is illustrated in the
inset of Fig. 6.1 b). The low-frequency relaxation is described by (RQ)1, corresponding to a
parallel resistor and phase element (CPE), with the free parameters Q and α . The relaxation
is attributed to the YHO layer, since its magnitude correlates with YHO film thickness, as
shown in Appendix B.2. The high-frequency relaxation around 10 kHz is modelled as the
(RC)2 element and corresponds predominantly to the YHO|LSMO interfacial layer, as will
be discussed in section 6.5. Finally, the series resistance R0 is used to model resistances from
measurement cables and electrode contacts. Specific relaxations from the NbSTO substrate,
the TiO2 interlayer or Au top interface are not explicitly accounted for. Relaxations from
these layers may be present in the RO or (RC)2 but could not be separated. Fit parameters
are summarised in Table 6.1. The results of the fitting will be discussed in more detail while
comparing to the LRS additional switching modes in section 6.3.

R1 (MΩ) Q1 α1 C1 (nF) R2 (kΩ) C2 (nF) R0 (kΩ) χ2

As Grown - - - - 7.16 0.319 0.864 0.12

Pre poled - - - - 72.8 0.375 0.723 0.25

HRS 24.9 3.89∗10−10 0.98 0.361 2.35 0.965 0.868 0.028

LRS - - - - 0.18 0.119 0.868 0.24

Table 6.1: Summary of impedance fit parameters for the first 4 resistance states during the
SOT.
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In previous reports of using impedance spectroscopy to investigate ferroelectric HfO2, a
capacitor was used to describe the ferroelectric film and the use of the constant phase element
(CPE), was reserved to describe interfacial layers [276, 277]. Here, we use the CPE to account
for the departure from ideality in the frequency dispersion of Z”. These dispersions can stem
from dispersions in the dielectric permittivity, which is caused by the pinning of domain walls
in a random energy landscape, particularly prevalent in ferroelectric thin films. [184, 195,
278] Yet, domains do not necessarily need to be ferroelectric but can more generally relate
to other mobile interfaces such as the presence of interphase boundaries inside individual
grains [279]. Becker et al. developed an equivalent circuit element to describe domain wall
pinning and extract physically meaningful parameters [194]. We performed a fit of the HRS
impedance data using the domain wall pinning element ZDWP, see Fig.B.1 in the appendix,
which showed excellent agreement with the experimental data and gave fit parameters similar
to those obtained in ferroelectric HfO2 based systems. This is a strong indication that the low
frequency feature in the HRS and its frequency dispersion do indeed originate from the YHO
film. Yet, ZDWP is mainly used in a Rayleigh analysis to assess domain wall mobility by
varying the AC amplitude [195, 278]. We attempted such an analysis, however due to sample
degradation during high AC amplitude measurement, this was not considered further. For the
sake of simplicity, we therefore resort to the CPE to describe observed dispersion. Lastly,
attempting a fit to the above spectrum while accounting for the high-frequency relaxation
with a CPE and the ferroelectric with a conventional capacitor, resulted in large errors and a
CPE α exponent between 0.65-0.7, which was deemed to be very low. Therefore the CPE
was chosen to represent the low frequency relaxation, whereas the a capacitor was used for
the high frequency relaxation.

We now consider the equivalent capacitance of Q1 and the calculated dielectric permit-
tivity from the CPE fit of the YHO layer. The fit parameters Q1 and α1 of the CPE were
converted to an equivalent capacitance, using C1 =

(R1Q1)
α
1

R1
= 3.61 ∗ 10−10 F and thus a

permittivity of 14.5 is calculated for the YHO layer. This value is significantly lower than
anticipated for the ferroelectric HfO2 phase. Ordinarily, the dielectric constant in doped HfO2

increases across the monoclinic (19-25), ferroelectric orthorhombic (25-33) and tetragonal
phase (24-57). [248, 280, 281] A low permittivity is often associated with an increased
fraction of the monoclinic phase present in the film [282]. Yet, there is no evidence for
a significant concentration of the monoclinic phase present in this film from either TEM
nor XRD, similarly to other epitaxial ferroelectric HfO2 systems [283]. Furthermore, the
permittivity is low even for a purely monoclinic phase, which suggests an extrinsic origin
to this phenomenon. Support for this hypothesis is illustrated in Appendix B.3, where a
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dopant-free HfO2 film with visibly larger monoclinic phase content, has a larger permittivity
than the present film.

One could consider an additional capacitance in series with the film, which has not
been accounted for within the impedance model. These could originate from space-charge
regions, such as the NbSTO|LSMO interface, or thin insulating oxide films within the stack,
such as TiO2. However, these layers are extremely thin, thus would lead to a very large
capacitance. Yet, considering a large series resistance of R0 = 838 Ω and a large peak in the
M” formalism at f > 1MHz, could provide weight towards this hypothesis. Equally, the
film possesses a high density of columnar grains with associated grain boundaries, which
could adversely affect the permittivity [284, 285]. Finally, incorrect assumptions about stack
geometry, particularly the effective electrode size in films with conductive filaments, can
have a dramatic impact. However, even on devices, which did not show resistive switching
behaviour, data not shown, the permittivity remained in a similar range. However, it is not
possible to differentiate between these options.

6.3 Switching Modes

Figure 6.2: a) J-V relation of the SOT, RS Mode A and Mode B b) Extracted R1 c) Extracted
R2, d) Illustration of measurement scheme e) Calculated capacitance C1 f) extracted capaci-
tance C2.
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The developed impedance model can now be applied to study the stages of resistance
change during SOT. Of key interest is how each layer contributes to the switching process. It
is important to note that RS mechanisms were not homogeneous across multiple devices on
a single film. Different switching modes can be observed in addition to SOT. The current
density - voltage (J-V ) curves of the two most prominent additional modes, A and B, are
illustrated in 6.2 a). Each switching mode has the same switching polarity and can occur
either individually or on the same device, where the SOT turns into such a switching mode.
Their co-occurrence indicate close relation between the modes and may allow to simplify and
disentangle the complex switching processes observed here. To achieve this, separate devices
exhibiting each of these modes were poled into intermediate states using a measurement
scheme illustrated in Fig 6.2 d). Here, voltage sweeps of increasing amplitude were applied
to the device and an impedance spectrum was measured after each voltage sweep.

We begin by first considering the SOT reset to a HRS. As small negative voltages are
applied, both the extracted resistances R1 and R2 in Fig. 6.2 b) and c) remain roughly constant.
Yet, both capacitances C1 and C2 increase, where the C1 increases only slightly and C2 more
than quadruples, as seen in Fig. 6.2e) and f) respectively. Subsequently, a sharp SET occurs,
where the resistance drops by 6 orders of magnitude and only one relaxation remains visible
in the impedance spectrum. Concomitantly, a sharp rise by 2 orders of magnitude in C1 is
observed, as shown in the inset in Fig. 6.2 e). During the reset process, as the device is poled
with positive voltages, the R1 increases gradually up to ∼ 100 kΩ, while still being modelled
as part of a single RC element. Finally, as the poling voltage increases further, a sharp reset
occurs, rapidly increasing the device resistance and restoring both the YHO and interface
relaxations.

Next, mode A is examined, which has a LRS of a similar magnitude the SOT. In the
J −V curve sharp SET process is evident at negative voltage, albeit at significantly lower
magnitude than the SOT. Neither the HRS nor the LRS of mode A have currents dependent
on the electrode area, indicating localised conduction in both resistance states, see Fig. 6.3
a). Similarly, a gradual RESET process is evident around 2.5 V comparable to the SOT.
However,the sharp RESET process at 3.5V is missing. Each impedance spectrum of mode
A can be satisfactorily modelled only using a single RC-R element, whose resistance is in
a similar magnitude to the LSMO|YHO interface layer, R2, observed during the SOT. The
intermediate states impedance of mode A in resistance and capacitance overlap closely with
those observed during the SOT.

In contrast to the SOT and mode A, mode B switches more gradually and operates in the
HRS range of the SOT. In addition, the J−V curve is more asymmetric, where the majority
of the hysteresis occurs at negative polarity. Critically, as with the SOT, only the LRS of
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mode B is not dependent upon electrode area, indicating a similar filamentary process, see
Fig. 6.3 b). However, the reversible changes in R1 and C1 are significantly smaller than
those in the SOT and A modes. Interestingly, when the device is first biased negatively, both
R2 and C2 increase. However, on application of an increasing positive bias, the initial R2

and C2 values are not recovered and even increase further. This is in contrast to R1 and C1

which fully recover their original values and are reversible. This would be indication of an
irreversible process taking place within the interface layer, which is discussed further in
section 6.5.

Figure 6.3: Area dependence of currents in the a),d) mode A b),e) mode B and c),f) the
pristine state.

Based on these observations a model of the switching processes occurring during the
SOT is proposed, beginning with mode A. The similarity in J−V and the LRS magnitude,
suggests that the mode A and the SOT have a common LRS. Impedance spectra of mode A
can be modelled with a single RC-R element and the extracted resistance and capacitance
are of similar magnitude to R2 and C2 attributed to the LSMO|YHO interface within the
SOT mode. However, a sharp reset at high voltage is not observed and the HRS of the SOT
is not fully recovered during mode A operation. We therefore consider mode A to be an
incomplete RESET mode of the SOT. Since conduction current in mode A is independent of
electrode area in both resistance states and the current limiting R1 is not observed in mode A,
we propose that the YHO layer here is shunted by a filament or conductive grain boundaries,
which remain present during switching operation. The resistance changes are solely governed
by changes in the LSMO|YHO interface layer.
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The observed phenomenona can be described by a virtual cathode model in filamentary
systems[70, 91, 286, 287]. After a forming process, a strong filament through the insulator
remains and the resistance changes occur solely between a filament tip and electrode-insulator
interface region [71]. The sharp SET and gradual RESET are also typical features of
filamentary systems. During the SET operation at negative bias, possibly a combination of
self-reinforcing field-enhanced drift and Soret thermodiffusion-induced migration of oxygen
vacancies towards the filament tip causes this to grow and pierce through the interface region
and shunting the electrode contact. The residual mobile oxygen is then absorbed by the
LSMO as observed by HAXPES, in section 5.6. The resistance in the LRS is then limited
either by a thin metallic filament or the contact resistance of the electrodes. Conversely,
during the RESET operation, a positive bias causes positively charged oxygen vacancies to
migrate away from the filament tip and into the LSMO.

The SOT is described as an extension of mode A, where the LRS of both modes are the
same. The SOT shares a gradual RESET operation around 2V with mode A, which restores
the interfacial layer. However, at high positive voltage, an abrupt drop in current also restores
the resistance of the YHO layer. This is indicated through the current in the HRS of the SOT
being dependent on the electrode area and the impedance spectra showing two relaxations,
indicating homogeneous conduction across the YHO. The sharp nature of the resistance
change suggests a sudden rupture of the conductive paths in the YHO layer. A possible origin
of this may be the significant Joule heating present at high currents and voltages, which may
cause thermal Fick diffusion to alleviate concentration gradients [288] and dissolve local
conduction paths. The SET process on the other hand is also sharp and breaks through the
YHO and LSMO interface simultaneously and may be aided by ferroelectric polarisation
reversal, as discussed in section 5.3.

6.4 Pristine State and Pre-Poling

Having identified the nature of the switching process during full SOT operation, we proceed
to investigate the low resistance of the pristine state and the initial poling stages. The pre-
poling process was defined as the application of a full bipolar voltage sweep necessary before
the commencement of SOT operation. Fig. 6.4 a) shows the pre-poling procedure. Successive
half-cycle operations are numbered 1-4, the corresponding J−V relation is displayed in 6.4
b). Before each half-cycle, an impedance spectrum is measured, which is shown in Fig. 6.4
c). The fit parameters obtained from the impedance spectra are summarized in Table 6.1 and
displayed in 6.4 d). The device is first poled with negative bias and the current amplitude
rises to an intermediate level between LRS and HRS. The reverse sweep, -4V → 0V, shows a
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Figure 6.4: a) JV Curve showing the pre-poling stages before the SOT switching begins b)
measurement methodology c) Z’ of the pre-poling stages d) Z” of the pre-poling stages.

small hysteresis, with the current of the down sweep being lower than the up sweep. Next, the
device is biased positively, which occurs smoothly until a sharp drop in current is observed
around 3.8V, resulting in the HRS. The positive bias sweep shows similarity to the RESET
process observed during SOT, and possibly occurs through a similar process. However, the
device is not fully in the LRS, suggesting a current limiting element remains. SOT type
switching resumes after the pre-poling process. Considering now the impedance spectra
of the pristine and the pre-poled state. In contrast to the HRS, both spectra can be fitted
satisfactorily with a single RC-R element. The ZDWP was unsuccessful in fitting neither the
pristine nor the pre-poled state and the current of sweep 1 does not scale with the electrode
area, see Fig. 6.3c) and f). This indicates that the observed pristine and pre-poled impedance
do not correspond to the grains of the YHO layer. Following the negative pre-poling sweep,
pristine → pre-poled, a small increase in capacitance and one order of magnitude increase in
resistance is observed. After the positive sweep, both the resistance and capacitance of the
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pre-poled state decrease significantly and a low-frequency relaxation emerges, the HRS is
obtained.

Fig. 6.5 displays the transition from the pre-poling stage, shown in red, over the SOT
to mode A over multiple switching cycles. As visible in Fig. 6.5a) the current density
during the pre-poling stage clearly corresponds to the HRS of mode A and is consistent with
area dependence measurements. Inspecting the phase of the impedance spectra in Fig. 6.5
b), the phase through of the pristine state is similar to the mode A HRS. The evidence
strongly suggests that in the pristine state, the LSMO|YHO interface is the current limiting
element. Furthermore, both the real and imaginary part of the impedance show an increase
in the magnitude of the LSMO|YHO feature, shown Fig. 6.5 c) and d) respectively, during
consecutive cycling. Similarly to the increase in both resistance and capacitance observed for
the mode B switching, this suggests a degradation of the interface properties and is further
discussed in section 6.5.

Figure 6.5: 20 consecutive switching cycles from pre-poling (red) to SOT switching (blue)
and to mode A switching (green-yellow) are shown for a) JV, b) the impedance phase of the
HRS, c) real impedance Z’ of the HRS and d) imaginary impedance Z” of the HRS.
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A resistive switching mechanism with a pristine state between the LRS and HRS is
in stark contrast to typical filamentary systems. These usually require a forming process.
Several approaches have been employed to mitigate the forming process in HfO2, such as
significantly increased bottom electrode roughness, thereby increased grain boundary density
[97, 98] or oxygen deficiency [289]. Yet, these devices were all found to be grown in the HRS.
The coexistence of ferroelectric and filamentary switching has been reported on epitaxial
and polycrystalline hafnia systems [216, 243]. Here again, the devices are grown in the HRS
and spontaneously switch towards filamentary resistive switching. Recently, grain-boundary
conduction through epitaxial monoclinic and oxygen-deficient rhombohedral HfO2 was
examined by conductive atomic force microscopy (cAFM). Conductive grain boundaries
were found to exist regardless of crystalline phase and oxygen stoichiometry [249]. We
therefore considered the conductivity of the bare film using cAFM, data not shown. No
evidence of conductive grain boundaries was detected. Furthermore, poling the ferroelectric
using PFM, did also not result in a measurable change in cAFM conductivity, neither on
grain, on grain-boundary nor in-between ferroelectric domains. Thereby, we exclude major
differences in grain boundary and domain-wall conduction to the YHO grains/domains.
Intriguingly, a similar pristine state was reported in a CeO2-HfO2 phase segregated vertically
aligned nanocomposite [290]. The material boundaries served as mixed electronic-ionic
conduction paths. Yet, no evidence for HfO2-Y2O3 phase segregation has been observed in
the SOT device stack. Incoherent crystallographic phase boundaries between monoclinic and
orthorhombic HfZrO4 phases had been proposed to serve as electronic and ionic conduction
paths and lead to significant RS hysteresis [244, 245]. We examined a device stack with
undoped HfO2, which displays a significant monoclinic and orthorhombic phase coexistence,
Fig. B.3. However, changes in current density or SOT mode yield were not significantly
different compared to samples with 7 mol% Y doping. The conductivity within the pristine
state possibly arises as a result of the top-electrode surface interaction in addition to a
high density of grain boundaries, which may scavenge oxygen from pre-existing grain
boundaries, rendering these more conductive. However, it cannot solely originate from the
potential oxygen-scavenging properties of the TiO2, since this intermediate pristine state
has been observed when using Pt electrodes, see section 5.3. Yet, while care was taken
to ensure minimal kinetic energy during contact sputtering, slight sub-optimal conditions
during deposition can still result in significant defects, which promote resistance-switching
behaviour [106].

Finally, an increase in resistance after negative pre-poling cannot be attributed to a redox
reaction between the TiO2 adhesion layer and the YHO film: Both electron energy loss
spectroscopy (EELS) and hard Xray photoelectron spectroscopy (HAXPES) measurements
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show already oxidised TiOx in the pristine state. This would leave the LSMO|YHO interface
to be responsible for the change in resistance. One could consider the field-enhanced
migration of oxygen anions across the LSMO|YHO interface. Since the resistance of LSMO
is highly susceptible to a change in oxygen stoichiometry, an O deficiency can cause a
significant increase in resistance. [162, 163]. Here positive (negative) bias applied at the top
electrode would let oxygen anions migrate away from (towards) the LSMO bottom interface.
However, this does not correlate with the observed behaviour here. Next, a ferroelectric field
effect on the LSMO can be considered. Applying a positive (negative) bias, switches the
ferroelectric polarisation toward (away from) the LSMO, having a positive (negative) surface
charge on the bottom interface, causing the holes in the LSMO to deplete (accumulate).
This again does not correlate with the observed behaviour. The observed resistance changes
may be explained by the filling and emptying of trap states at the YHO|LSMO interface,
where positive (negative) bias causes charge carriers to be released (trapped) at the interface,
enabling (preventing) further current flow and thereby decreasing (increasing) the resistance.
Therefore, charge trapping is a possible explanation for the resistance change during the first
negative bias sweep.

6.5 LSMO Thickness Dependence

Each of the previous sections has highlighted the importance of the LSMO|YHO interface
in participating in the SOT switching operations. This is now examined in more detail. A
facile method to tune the electrical properties of the LSMO is to reduce the film thickness
during growth resulting in the electrical dead-layer playing a more pronounced role and the
loss of the metallic properties of LSMO [151]. The device geometry so far used a LSMO
film thickness of 28 unit cells (uc), which exhibited in a significant depletion region at the
LSMO|YHO interface, as shown by ELNES in section 5.5. It was attempted to enhance or
suppress this depletion region by growing a set of films with three different thicknesses of
LSMO: 10, 28 and 50 uc.

The structural differences between the three films are portrayed in Fig. 6.6 a). Each
of the 2θω scans shows the dominant YHO [111] peak just below 30°. The YHO d111

lattice parameter increases slightly (3.006 Å→ 3.02 Å) with increasing thickness of LSMO.
Laue oscillations are observed for each peak, indicating high crystalline quality and no
evidence of parasitic phases. In contrast, the LSMO d001 lattice parameter decreases with
increasing LSMO film thickness (3.91 Å → 3.86 Å). Intriguingly, the changes in the lattice
parameter occur in opposite directions. Next, the permittivity-voltage hysteresis at 1 MHz
is examined in Fig. 6.6 b). The characteristic ferroelectric butterfly loop is still present in
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Figure 6.6: a) 2θω scans for device stacks with different LSMO thicknesses b) Permittivity-
Voltage scans c) Capacitance and resistance extracted from impedance measurements d) J-V
relation.

all three devices, indicating that at this frequency, the system can be considered as a metal-
ferroelectric-metal structure. Metal-ferroelectric-semiconductor type permittivity-voltage
relation with characteristic accumulation, depletion and inversion regimes of the capacitance
are not observed here [291]. The saturation permittivity at 4 V decreases with decreasing
LSMO film thickness. Furthermore, the loop asymmetry and tilt increase towards positive
voltage. Equally, the switching voltages increase significantly, 1 V on positive polarity
and -0.75 V on negative polarity. Finally, the imprint field becomes more significant as the
thickness of LSMO is decreased. Further insight into the electronic properties is shown by
the extracted resistances and capacitances from impedance spectroscopy. Fig. 6.6 c) clearly
shows that both R1 and R2 decrease with increasing LSMO thickness. The C1 on the other
hand, remains roughly constant, while C2 increases significantly. Finally, the J−V relation
of the devices is shown in 6.6 d). The SOT could not be stabilised in the device stack with 50
uc of LSMO, only mode B switching was observed. Similarly to the 50 uc LSMO sample, a
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device grown on undoped STO with 28 uc LSMO cannot stabilise the SOT, data not shown.
Furthermore, impedance spectra still displayed the high frequency relaxation. Hence, the
relaxation does not correspond to the NbSTO|LSMO interface. For sake of consistency, 10
mode B devices from each film were averaged and are displayed. It is clearly visible that J
decreases significantly, with decreasing LSMO film thickness. The static properties of an
increase in R2 with decreasing LSMO thickness are in line with expectation.

The LSMO film thickness therefore has a significant impact on the electronic properties
of the device stack and a slight change structurally. One could consider if the electronic
changes originate from structural changes. This may be influenced by a domain-matching
epitaxy mechanism or complex chemical reconstruction at the interface [141, 259]. LSMO
transitions from an insulating paramagnetic to a metallic ferromagnetic state with increasing
film thickness, which is accompanied by hierarchical strain relaxation mechanisms. [157]
These relaxation mechanisms are reported to occur from a small thickness, 2.5nm (7 uc),
where the film consists primarily of an electronic dead layer and energy is gained by removing
orbital degeneracy, concomitantly changing the Mn oxidation state. As the thickness increases
beyond 10nm (26 uc) energy is gained through the compression of the octahedral framework,
whereas beyond 25nm (64 uc) the main relaxation mechanism occurs through octahedral
tilts. These thickness-dependent transitions simultaneously manifest themselves in a change
in symmetry from a monoclinic tilt to a rhombohedral distortion [158], evident though a
reduction in the [001] out of plane lattice parameter of LSMO, which are of similar magnitude
to those observed here. The increase in YHO d111 with decreasing LSMO thickness may
indicate a change in the rhombohedral distortion of the YHO. Although the changes in
the YHO d111 are very small and would require a comparison between in plane and out of
plane lattice parameter to quantify a subtle change in rhombohedral distortion. A correlation
between a rhombohedral distortion in LSMO influencing the rhombohedral distortion of
the YHO is outside the scope of this work, is further complicated by the challenge of the
definite YHO phase assignment, as discussed in the appendix A.1 and would require a
precise measurement of rhombohedral distortion of the LSMO. Nevertheless these results
point towards the subtle but important role of symmetry requirements in stabilising the polar
phases in hafnia [292, 293].

Next, the changes in the permittivity-voltage relation are consistent with a more sig-
nificant p-type depletion capacitance within LSMO at the YHO|LSMO interface [247], as
similarly observed for the extracted capacitances from impedance spectra. The internal carrier
concentration of LSMO decreases with decreasing film thickness, consequently decreasing
the depletion capacitance [294]. Yet, the large magnitude of the internal bias field or imprint
field needs to be considered, as it is significantly larger than in comparable structures with Pt
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electrodes [216, 295]. First, the direction of the field is consistent with the work-function
difference between LSMO and Au. However, internal fields are complex and can have a
variety of origins, from interface-trapped charges, pinned domains, oxygen deficiency or
charged grain-boundaries [246, 296–299]. This again is consistent with the oxygen-deficient
interface as observed by ELNES in section 5.5. Interestingly, within the impedance spectra,
the resistance of the YHO layer, R1, and the interface region, R2 change concomitantly. The
increase in R2 was discussed previously. However, an increase in R1 is unexpected. One
possibility is to apply the interpretation of the pristine state, discussed in section 6.4. Here
the interface region can act as a current blocking layer to grain boundary leakage current
[244].

Figure 6.7: a-c) Z’ of the HRS of devices with different LSMO thicknesses, d)-f) Extracted
resistances and capacitances during the first 10 half-cycles of switching for a),d) the 10 uc
LSMO device b),e) the 28 uc LSMO device c),f) the 50 uc LSMO device.

We now consider the dynamic properties of the device stacks and how impedance changes
across multiple mode B switching cycles. Fig. 6.7 a), b) and c) show an increase in the
high-frequency regime in Z’ of the HRS during cycling for the 10, 28 and 50 uc LSMO HRS
respectively. The Z’ was chosen, since in Z”, R1 masks changes in R2, which also translates
into the |Z| magnitude. The extracted parameters during cycling are shown in d), e) and f)
for 10, 28 and 50 uc LSMO. Similarly to section 6.3, an irreversible process occurs during
switching, which increases R2 over time. Over 10 half cycles, the R2 increased 5200% in
10 uc LSMO, 210% in 28 uc LSMO and only 42% in 50 uc LSMO. Therefore, not only is
the R2 larger in thinner LSMO but change in R2 is much more pronounced during switching.
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This suggests that thinner LMSO participates more during resistance switching. Comparable
cycling related phenomena have been observed by other groups on epitaxial LSMO|HZO
device stack, such as a training effect [245] or the lack of RS endurance [216]. The increase
in participation likely originates from a higher defect density at the top surface of the LSMO.
As epitaxial films get closer to the substrate interface, strain can no longer be accommodated
elastically and defects form. Apart from the previously mentioned symmetry and tilt changes,
defects such such as oxygen vacancies, cation-segregation [300, 301], inter-diffusion [302]
and misfit dislocations can occur [95]. Each of these features can contribute to the dead-layer
in LSMO, which dominates the electronic properties of the film at reduced thickness [156].
The tensile strain and defects not only make the LSMO more resistive, but also have been
shown enhance oxygen surface transfer [303]. A larger concentration of defects in thinner
films may therefore facilitate oxygen exchange across the LSMO|YHO interface, which has
been shown by HAXPES in section 5.6 to play an important role during the SOT. Finally, the
cycling induced resistance increase could therefore be related to an agglomeration of oxygen
vacancies within the LSMO, which in turn makes the material more resistive, and would be
consistent with the smaller oxygen affinity of LSMO when compared to YHO [103].

6.6 Temperature Dependence

The measurement of temperature-dependent impedance spectra is a critical step in evaluating
the transport phenomena within a device. Furthermore, it serves to validate the assignment
of equivalent circuit elements to layers within the device stack [186, 304]. It is widely
known that LSMO undergoes a metal-to-insulator transition (MIT), which occurs at a Curie
temperature TC,MIT ∼ 369 K in bulk crystals [150]. As described in section 2.3, the TC,MIT

decreases in thin-films due to a magnetic and electronic dead-layer playing a more significant
role. Furthermore, when interfaced with a ferroelectric oxide, the TC,MIT can shift through a
plethora of mechanisms, which include the ferroelectric field effect [305], piezoelectric strain
[306] or oxygen ion exchange [162, 163]. The previous sections highlighted the significant
role of the LSMO bottom electrode in stabilising and participating during the SOT. The
question arises whether the RS behaviour is influenced by a metal-insulator transition (MIT)
in the LSMO [307, 308]. Impedance spectroscopy is a promising way to characterise this
transition since it can dissect the resistance and capacitance contributions from different
layers of the device stack. Observing a change from metallic to semiconducting conductivity
above a TC,MIT , with a positive to negative temperature coefficients of resistivity (TCR)
respectively, would therefore be indicative of an MIT in LSMO. A subsequent shift in TC,MIT

between the HRS and LRS would suggest a LSMO MIT to influence the SOT switching.
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Figure 6.8: Temperature dependence of the conductivity of a) the YHO layer σ1 in the HRS
with an activation energy of 66 meV b) the YHO|LSMO interfacial layer in the HRS σ2 with
an activation energy of -4.1 meV above 140K c) σ2 in the LRS with an activation energy of
-8.2 meV above 140K.

Figure 6.8 shows the extracted conductivity from the equivalent circuit analysis for the
HRS YHO feature a), the HRS interface feature b), and the LRS c) against temperature. The
low-temperature region of the YHO feature in the high resistance state was challenging to fit,
since the relaxation time was outside of the measurement range, thus giving noisy results.
An extended analysis of the temperature-dependent permittivity changes in the YHO using
the domain wall pinning element ZDWP is elaborated in the appendix, see Fig. B.1.

The observed conductivity changes between 80 and 250 K are very small, within 10%.
The conductivity values in the high temperature range were fitted using an Arrhenius law.
The YHO conductivity, σ1,HRS in the HRS shows a negative TCR with a small activation
energy of 66 meV. Conversely, the interface relaxation in the HRS σ2,HRS and the LRS σ1,LRS

have very similar magnitudes and a positive TCR with a similar activation energy of -4.1
meV and -8.2 meV, indicative of metallic conductivity. Furthermore, a transition region
is observed around 140 K, indicated by a change in the slope of the conductivity against
temperature. Interestingly, this occurs at a similar temperature for all of the investigated
conductivities.

A first consideration would be to ascribe the transition region to the TC,MIT of the resistive
phase transition within the LSMO. The transition temperature falls within the range of a
highly resistive LSMO. However, the LSMO changes from metallic to semiconducting, i.e.
from a positive to a negative TCR, whereas the opposite is observed for the high-frequency
σ2,HRS and σ1,LRS, which both describe the LSMO|YHO interface region. In addition, the
change in conductivity is expected to be significantly larger for LSMO[309]. We can therefore
conclude that the TC,MIT of the LSMO is above the measurement range of 250 K. Another
possibility would be that the transition region coincides with the antiferro-distortive phase
transition (TAFD) of NbSTO. At 0.5 wt% Nb doping, the TAFD has been measured to occur
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around 120K [310]. The NbSTO acts as a degenerate semiconductor, where the Fermi level is
above the conduction band edge and therefore displays metallic conductivity. The resistivity
ρ of NbSTO varies according to the ρ ∝ AT 2, where at TAFD the scaling parameter A changes
in magnitude. The transition temperature is not expected to change with a change in the
resistance state in the device. However, the NbSTO remains metallic and can therefore not
account for the behaviour observed in the YHO feature σ1,HRS. The expected transitions
within the NbSTO and LSMO cannot account for the observed behaviour and thus source of
the transition may be the YHO layer.

One should also the small magnitude of the activation energies, which fall in the range
for hopping conduction and is a commonly attributed transport mechanism for filamentary
HfO2 [311–315] but also ferroelectric HZO and La-doped HfO2 thin films [316]. Hopping
conduction involves the thermally activated transport of electrons near the Fermi edge,
jumping from a state below the Fermi level to just above. The activation energy is the
difference in energy between both states [37]. This is to be distinguished from Poole-Frenkel
behaviour whereby an electron is emitted from a trap state into the conduction band via
thermionic emission.

Transitions in slope with similar magnitudes of activation energies have indeed observed
in TiO2 [317] and HfO2 filamentary RS devices [318]. Wang et al identified the transition
temperature to be close to θD

2 [318], where θD is the Debye temperature, determined to be
θD ≈220K for HfO2 [319]. At θD

2 a transition between polaronic hopping regimes had been
predicted by Schnakenberg, below which certain phonon modes are frozen and no longer
contribute to conduction [320, 321]. Polaronic hopping is particularly prevalent as a type
of impurity conduction. A polaron is formed when trapped electrons couple strongly to
phonon modes and cause a distortion in the local lattice environment. Transport subsequently
would occur through phonon-assisted tunnelling between trapping sites, where the activation
energy is related to the absorption and release of a phonon. [37]. Polaronic hopping can be
described by a thermally activated Arrhenius process, shown in equation 6.1, where σ is the
conductivity, σ0 the pre-exponential factor, T is the temperature, Ea the activation energy
and kb the Boltzmann constant.

σ = σ0T−1 exp(− Ea

kbT
) (6.1)

Large electron-phonon coupling has been predicted for the formation of polarons in singly
charged oxygen vacancies in oxygen-deficient HfO2 [322, 323] and therefore the change in
slope observed here may be a plausible indication of polaronic hopping occurring within
the YHO layer. Different hopping regimes are often separated by their Tn dependencies.
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However, polaronic hopping (n = -1), variable range hopping (n = -1/4 or n = -1/3) and
nearest neighbour hopping (n = -1) could not be differentiated.

6.7 Proposed Mechanism

In this section, we will propose an elementary model of the SOT, which is consistent with
the electrical, chemical and structural information obtained within this thesis. The resistance
change during the SOT is predominantly due to a reorganisation of oxygen species, which is
schematically illustrated in Fig. 6.9.

Figure 6.9: Proposed Mechanism displaying oxygen exchange across multiple device layers,
which enable the SOT, mode A and mode B.

We begin with the film deposition process. During high temperature vacuum annealing of
the NbSTO substrate, the atomic step edges on the surface are flattened and a substoichiomet-
ric surface is created. The LSMO, which is deposited subsequently, becomes slightly more
resistive due to electron donation from the NbSTO and depletion of hole carriers at the inter-
face. Upon deposition of the YHO, either the PLD plasma or the oxygen affinity difference
between YHO and LSMO create a oxygen vacancy rich top surface within the LSMO. The
epitaxial device stack is cooled slowly and under high oxygen pressure to ameliorate oxygen
deficiency. The YHO is strained into a rhombohedral distortion, exhibiting a high density of
grain-boundaries and ferroelectric properties. The growth of the top electrode is associated
with oxygen scavenging from the top surface of the YHO, establishing a oxygen concentra-
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tion gradient across the Ti adhesion layer. Sputtering damage or a high oxygen affinity are the
main drivers behind this. The scavenging seems to mainly affect crystallographically incoher-
ent regions within the YHO, perhaps between separate crystallographic phases/orientations,
dislocations or grain boundaries . These are rendered electronically conductive, shorting the
YHO grain conduction and only leaving the LSMO|YHO interface region to limit current
conduction. Hence, the pristine state exhibits an intermediate resistance state. Device stacks
with thick LSMO buffer electrodes do not exhibit these conductive pristine states. Slight
thickness dependent differences in symmetry from a rhombohedral to a monoclinic distortion
within the LSMO may influence the symmetry of the film above. In YHO a difference in
rhombohedral distortion or the relative abundance of non-ferroelectric monoclinic phases
may alter the density of defective and chemically under-coordinated regions, which may
serve as nucleation points for filament formation. Critically, both a thickness confined and
hole depleted LSMO are required to stabilise such a conductive pristine state.

The application of a positive voltage sweep RESETs the device into the HRS. Positive
bias causes oxygen anions to migrate from the bottom LSMO electrode into the YHO,
reducing the LSMO and increasing its resistance. In addition, the high currents present
during the RESET operation cause significant Joule heating. Oxygen from the interlayer may
diffuse into the YHO to alleviate concentration differences. The oxygen may accumulate near
the conductive channels, rapidly increasing their resistance. Conversely, the SET process is
achieved by application of a negative bias. Oxygen anions depart the YHO and are absorbed
by the top and bottom interface through field enhanced drift and Soret thermodiffusion.
Conductive filaments are nucleated along the under-coordinated regions and break through
the LSMO|YHO interface region. A high defect concentration near the top surface of the
YHO also facilitates electron transport, leaving the device stack in a highly conductive LRS.
Ferroelectric polarisation reversal may contribute to the SET process.

A number of closely related switching modes of the same switching polarity were
observed within different devices of the same thin film stack. Mode A switching exhibited
a HRS similar to the pristine state and the same LRS as the SOT. However, this mode did
not fully RESET into the SOT HRS. The conductive channels within the YHO remained
and the resistance change was confined to the LSMO|YHO interface region. Mode B on
the other hand, was significantly more resistive. The HRS was of similar magnitude as
the SOT, but this mode did not exhibit a conductive pristine state. Mode B still was of
filamentary nature, however not breaking through the LSMO|YHO interface region. This was
the dominant switching mode observed in devices with 50 uc LSMO and those with undoped
STO substrate, indicating the crucial role of sufficiently tuned LSMO in stabilising the SOT.
The lack of a conductive pristine state may originate from fewer under-coordinated regions,
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such as incoherent grain boundaries present underneath the electrodes or due to locally
diminished Ti oxygen scavenging. During cycling of all three modes, a degradation effect
was observed in the LSMO|YHO interface region, which manifested itself as an increase in
resistance over time. Repeated high voltage stress may cause an agglomeration of oxygen
vacancies over time at the LSMO top interface. Such an oxygen depletion would increase the
LSMO resistance over time. A similar effect has been observed in similar device stacks and
was termed a training-effect[245] or a low RS endurance [216].

6.8 Conclusion

To conclude, a comprehensive microscopic understanding of the RS processes occurring
during SOT switching was developed using impedance spectroscopy. Relaxations originating
from the YHO grains and LSMO|YHO interface region were detected and separated. In the
conductive pristine state, the LSMO|YHO interface region was indicated to be the current
limiting element. The YHO grain resistance was bypassed by localised conduction paths
induced by the top electrode fabrication. The enhancement of a strain induced oxygen
vacancy concentration at the LSMO|YHO interface and thickness related symmetry changes
within the LSMO were hypothesised to be the root cause behind stabilising the SOT only
at low LSMO thicknesses. The complex switching processes and stages were disentangled
by observing impedance spectra in intermediate resistance states of different switching
modes. A related RS mode was detected, where solely the interface region undergoes
filamentary switching, akin to a virtual cathode model [287]. Furthermore, degradation
of the LSMO|YHO interface over multiple switching cycles could successfully be tracked
using impedance spectroscopy. Next, a potential MIT within the LSMO does not seem
to play a significant role in determining the resistance state within the SOT. Finally, the
temperature dependent transport investigations suggested that current flows through the
device are governed through a polaronic hopping regime.



Chapter 7

Conclusions and Outlook

In this thesis the resistance switching of ultrathin epitaxial ferroelectric HfO2 based devices
is explored for its application in future non-volatile memory and neuromorphic computing
applications. A device stack was engineered to obtain both high ferroelectric polarisation
and high oxygen mobility to probe for coupled resistance switching phenomena. The HfO2

film (4.5 nm) was doped with Y (YHO), to generate a controlled oxygen vacancy concentra-
tion, and grown epitaxially for high ferroelectric polarisation. The bottom buffer electrode
employed a LSMO (11nm) on NbSTO stack to allow for a tuneable carrier concentration
with electrode thickness.
X-Ray diffraction, piezoresponse force microscopy and capacitance voltage measurments
demonstrated the ferroelectric properties of the YHO. Upon contacting the stack with Ti|Au
top electrodes, a resistance switching mode was found with a high on/off ratio which changed
the conduction properties from Schottky emission limiting to ohmic transport, a Schottky-to-
ohmic transition (SOT). The application of voltage pulses stabilised intermediate resistance
states and given a suitable pulse scheme, an accumulation function, integrate-and-fire, was
demonstrated.
Several features of the SOT switching mode hinted towards a complex interplay of interac-
tions. First, the device in the pristine state was in an intermediate resistance state between
the HRS and the LRS. An inspection of the area dependence of the current indicated that
the conduction in the LRS occurs through a conductive filament. This area independence
of conduction current was already present in the pristine state, indicating the role of the
stack engineering to form conductive channels. Hence, the device did not require a forming
process. Capacitance-voltage measurements revealed that the SET process did correlate with
ferroelectric polarisation reversal, whereas the RESET operation did not. This indicated a
predominantly ionic mechanism to govern the switching mode. The FE polarisation reversal
may aid in the SET process through additional displacement current, heat, piezoelectric or
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interfacial termination effects.
Changes to the interface chemistry revealed that the Ti adhesion layer of the Au electrode
is indeed not inert and a carefully tuned interface oxygen leaching at the top electrode is
required to stabilise the SOT, possibly making under-coordinated regions in YHO, such as
incoherent grain boundaries, conductive. Furthermore, the crucial role of the bottom interface
was established, that thickness confined LSMO is essential for the switching mode, through
enhanced oxygen exchange or symmetry transfer. Chemical analysis indicated that oxygen
moves out of the YHO film into the Ti interlayer and the LSMO during the SET operation
and subsequently returns during the RESET operation, indicating a predominantly ionic
origin to the SOT.
It was demonstrated that impedance spectroscopy is an effective and powerful method to
investigate microscopic resistance changes in complex heterostructures. A number of poling
schemes and film modifications were employed to disentangle the RS contributions from
the LSMO|YHO interface region and the YHO film. Both the interface and the film region
switched simultaneously during the SET process, whereas the RESET process occurred
separately, indicating separate mechanisms, which was proposed to occur through first field
enhanced drift and subsequently thermally stimulated motion of ionic species. However, a
possible metal-insulator transition in the LSMO does not seem to play a significant role.

In the study of ionic and ferroelectric resistance switching systems, it is important to
recognize that the conditions favourable for each can often be contradictory. Interfacial strain
in oxide electrode, presents an intriguing method to enhance oxygen transport across material
interfacial barriers and enhance resistance switching performance. However, it presents a
double-edged sword due to its tendency to accelerate the degradation of the ferroelectric and
the electrode material. Strain can also contribute to the formation of a high density of grain
boundaries, where oxygen scavenging by top electrode materials may alter the conductivity
of the grain boundaries. This process could eliminate the need for the electro-forming step
typically required in filamentary resistive switching devices, a step associated with high
variability. However, this same approach is detrimental for ferroelectrics. Finally, this
thesis clearly demonstrates that impedance spectroscopy is a powerful analytical tool to
disentangle convoluted resistance switching phenomena. Yet, it remains underutilized in this
field. Specifically in multi-layer stacks, the voltage dependent changes in different layers can
be identified and degradation processes monitored, providing valuable insights into device
stack behaviour.
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A number of intriguing phenomena were observed in this thesis, which may be of interest
for further study using simplified device stacks. Some potential avenues are suggested:

The thickness of the LSMO clearly had a significant electronic impact on the HfO2 based
devices and a structural change within the YHO was indicated. A structural correlation
between the degree of the rhombohedral distortion within the LSMO and YHO could be
studied using a wide thickness range, high resolution XRD and STEM measurements. This
could shed light on the impact of the rhombohedral distortion on the ferroelectric properties
of HfO2.

The LSMO|YHO interface seems to exist in an unstable state as-grown, leading to a training
effect of decreasing device leakage over a number of switching cycles, observed here and
elsewhere [216, 245]. This may be related to an oxygen-dependent alignment of LSMO
Fermi level to the charge neutrality level in the YHO [324]. Fatigue studies correlating
HAXPES based valence band offsets, CV profiling and impedance spectroscopy may be
helpful to reveal the underlying dynamics.

The nature of the conductive pristine state warrants further research. Conductive grain
boundaries in stoichiometric and oxygen deficient monoclinic HfO2 have recently been ob-
served [249]. Considering the potential conductivity of stoichiometric inter-phase boundaries
and their chemical and electronic structure using conductive AFM and EELS with high
spatial resolution, may yield opportunities to tune filamentary RS memories.

An investigation into the temperature dependence of the permittivity in ferroelectric HfO2

near the Curie temperature using the domain-wall pinning element may yield fruitful insights
into domain dynamics stabilising the ferroelectric phase.
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Glossary

AC alternating current
ANN artificial neural network
C capacitance
cAFM conductive atomic force microscopy
CPE constant phase element
DC direct current
DT Direct tunneling
EELS electron energy loss spectroscopy
ELNES electron energy-loss near edge fine structure
FNT Fowler-Nordheim tunnelling
FSD ferroelectric schottky diode
FWHM full width half maximum
GPU graphics processing units
HAADF high angle annular dark field
HAXPES hard X-ray photoelectron spectroscopy
HRS high resistance state
HZO HfZrO4

IPA isopropyl alcohol
IS impedance spectroscopy
ITO Sn doped In2O3

LRS low resistance state
LSCO LaSrCoO3

LSMO La1−xSrxMnO3
LTP-LTD long-term potentiation long-term depression
MAC multiply and accumulate
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MIT metal insulator transition
ML machine learning
NbSTO Nb doped SrTiO3

PFM piezo-response force microscopy
PLD pulsed laser deposition
PPF-PPD paired pulse facilitation paired pulse depression
PTO PbTiO3

PXRD powder X-ray diffraction
R resistance
RAM random access memory
RHEED reflection high energy electron diffraction
RS resistive switching
SCLC space-charge limited conduction
SOT Schottky-to-Ohmic transition
SPM scanning probe microscopy
STEM scanning transmission electron microscopy
STO SrTiO3

TAT trap assisted tunnelling
TCM thermo-chemical mechanism
TCR temperature coefficients of resistivity
TI thermionic injection
VCM valence change mechanism
WKB Wentzel-Kramers-Brillouin
XPS X-ray photo electron spectroscopy
XRR X-ray reflectivity
YHO Y doped HfO2

YSZ Yttria stabilised Zirconia
ZLP zero loss peak
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Appendix A

Hafnia Phase Determination

In an attempt to clarify the crystallographic phase present in this film, we combine the
use of XRD, PFM and STEM. The identity of the ferroelectric phase of epitaxial HfO2

based films grown on LSMO buffer layers is under debate. Distinctions are made between
a rhombohedral R3m phase (r-phase)[139, 325–327] or the orthorhombic [135, 140, 211]
Pca21 phase (o-phase), which has also been observed in polycrystalline samples [112] and
epitaxial films grown on ITO [137].

Crystallographically, these two phases are distinguished by their lattice parameters, where
for the o-phase (a ̸= b ̸= c) and for the r phase all edges are equal. Furthermore, the angles
between the edges equivalent, but for the o-phase α = 90° and the r-phase α ̸= 90°. The
debate arises from a rhombohedral distortion being present in the (111) oriented hafnia based
films, where the out of plane lattice parameter is slightly larger than those of in plane oriented
domains. Yun et al. observed this rhombohedral distortion, yet by analysing the family (002)
lattice planes observed a ̸= b ≈ c, significant evidence for the o-phase. This was termed
an o-phase with a rhombohedral distortion [135]. Strictly speaking, such a phase would be
triclinic. However, the nature of the ferroelectric phase is important, since in an orthorhombic
ferroelectric phase the polarisation points along the [001] direction, whereas in an r-phase
it points along [111]. Therefore, an o-phase with (111) orientation is expected to have a
significant projection of in-plane polarisation, which was observed by Yun.

We demonstrated the existence of a rhombohedral distortion within the presently investi-
gated films in section 4.3. However, this distortion is small, having a deviation of δ = 0. 74°
from the ideal α = 90°. We further analysed the family of (002) lattice planes by performing
a φ scan at 2θ = 35° and χ = 55.7° using a lab-based diffractometer. 12 reflections were
observed, corresponding to 200, 020 and 002 reflections with a further 4 substrate symmetry
imposed domains for each reflection. Each reflection was measured along 2θ and summed
improve the signal to noise ratio, which is shown in Fig.A.1a). For o-phase symmetry, a
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Figure A.1: a) Sum of 12 reflections of 2θ scan across the in-plane 002 reflection at χ = 55.7°
b) Vertical and lateral PFM phase signal c) Bright-field image of two differently oriented
YHO grains d) FFT of a single YHO grain

difference in lattice parameters is expected to result in multiple peaks being present. Here, the
data can be fitted well with a single peak, suggesting r-phase symmetry. However, a lab-based
source has large beam size, causing significant interference from different areas from the film
and causing peak broadening. Therefore, higher resolution scans with a synchrotron point
source would be required for definite attribution. Finally, the FWHM of the 002 peak is ∼1°,
is equivalent to the FWHM of 11-1 peak at χ = 71°, suggesting suggesting the experimental
data corresponds to a single peak.

We can distinguish a ferroelectric o-phase from a ferroelectric r-phase by the presence
of an in-plane signal from the projection of a [001] polarization along in-plane for (111)
out-of-plane grain orientation in the former and lack of projection of [111] polarization along
in-plane for (111) out-of-plane orientation in the latter. We performed PFM to determine
the presence of in-plane polarisation by poling the sample surface with +6V and -4V and a
reading AC amplitude of 1V. Fig. A.1 b) displays the vertical piezoresponse phase signal
(VPFM) and lateral PFM (LPFM) phase signal, corresponding to mainly out of plane and
singly in plane polarisation contributions respectively. The measured amplitudes, data not
shown, did not show a significant response, as expected for ferroelectrics. The phase images
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in VPFM do show the clear phase contrast between up and down polarisation directions.
A weaker difference in phase signal is also present in the lateral direction, indicating the
presence of in-plane polarisation. However, this is not conclusive evidence on the o-phase vs
r-phase, since the in-plane polarisation signal is low and can also originate from minority
contributions of grain orientations other than (111).

We now inspect a bright field STEM image showing two different grain orientations,
shown in Fig. A.1 c). Three-fold symmetry is clearly present in the right grain, indicative
of (111) orientation. The left grain does not show obvious three-fold symmetry, indicative
of (001) orientation or a parasitic monoclinic phase. A (001) oriented r-phase grain could
contribute to an in-plane polarisation response. A fast-fourier transform (FFT) would be
required for phase identification, however the signals here are too noisy for adequate analysis.

An FFT of a single grain from the HAADF STEM image in Fig 3.7 is shown in Fig.
A.1 d). The 111, and -111 the distances of crystallographic planes were determined to be
3.07 Å and 2.26 Å, correlating with the results measured in section 5.5. The observed FFT
corresponds well to the simulated pattern of the o-phase.

The results from XRD and STEM therefore yield inconclusive phase assignments. It is
important to note that for XRD, a YHO sample with 9 nm thickness was used to maximise
the signal to noise ratio. For STEM, a sample with nominally 5 nm thickness was used.
However the STEM lamella was extracted at the edge of the sample, yielding to artificially
thinner LSMO and YHO. It is therefore not possible to assign the crystallographic phase
with confidence.





Appendix B

Extended Impedance Analysis

B.1 Fitting with the Domain Wall Pinning Element

Figure B.1: a)|Z| and d) phase of the HRS fitted in section 6.2 where the CPE is replaced by
ZDWP b,c,e,f) showing the temperature dependence of the YHO layer fitted with a parallel
(R-ZDWP) with b) the layer resistance R c) the real part of the permittivity ε ′r e) the dispersion
of the real part of the permittivity ∆ε ′r and f) the imaginary part of the permittivity ε ′′r

Fig. B.1 a) and d) show the fitted impedance spectra where the CPE in the equivalent
circuit described in section 6.2 is replaced by ZDWP. The features in the spectra are well
accounted for and show an excellent fit. The fit parameters are summarised in Table B.1 and
compared to parameters obtained from poly-crystalline undoped HfO2 [278] and Si-doped
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HfO2[184]. As discussed previously, the ε ′r is lower than comparable systems, whereas the
losses ε ′′r are of similar magnitude. However, the dispersion obtained is significantly lower
than those obtained in [278], which indicates a lower degree of domain pinning. This may
originate from the difference between poly-crystalline and the epitaxial films used here.

Ref [184] Ref [278] This work

ε ′r 35.4 37.4 14.4

ε ′′r 0.33 0.1 0.197

∆ε ′r N/A 0.176 0.063

Table B.1: Summary of ZDWP fit parameters in the HRS, compared with literature values.

The coupling between the frequency dispersion and the excitation field can be investigated
through Rayleigh analysis by successively increasing the measurement AC amplitude [184].
This was attempted, however irreversible degradation in the interfacial layer prevented
reliable interpretation. Furthermore, the temperature dependence of the impedance spectra in
the HRS was also investigated by fitting the data with the ZDWP element instead of the CPE
for the YHO layer. The temperature dependent resistance shown in B.1b), shows a similar
trend 6.8a), where the low temperature region is difficult to fit, however decreasing slightly
at high temperature. The ε ′r shown in Fig. B.1c) increases slightly and is in accordance
with previously reported trends [328]. The ∆ε ′r shown in Fig. B.1e) again displays a plateau
until ∼150K beyond which the dispersion increases. This may be related to the freezing
of domain walls at low temperature. At higher temperature, the domain walls can become
more mobile and is therefore pinned more strongly. The losses ε ′′r do not show a clear trend.
Importantly, this type of analysis opens up wide ranging opportunities for the study and
evolution of ferroelectric domains at varying atmospheric conditions. However, such an
analysis is ill-suited for complex device stacks, such as those studied here, where many
parasitic influences to be considered.

B.2 Thickness Dependence

The impact of the YHO layer thickness was investigated. As shown in Fig. B.2 a), increasing
YHO d111 is found with decreasing thickness, consistent with previous reports. Fig. B.2 b)
shows the permittivity-voltage relation at 1 MHz and confirms that each of the films grown are
still ferroelectric. Importantly, the extracted permittivity decreases with decreasing thickness,
which is the opposite of what has been shown in the Ref. [329] using an STO|LSMO|HZO
device stack. As alluded to before, this could originate from an additional capacitance in
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Figure B.2: YHO thickness dependence of the a) 2θ −ω reflections b) permittivity voltage
relation c) impedance magnitude |Z| spectra d) SOT J-V relation

series. Fig. B.2 c) shows the averaged impedance spectra from the different films. The
low-frequency relaxation increases in magnitude with increasing thickness of the YHO layer,
confirming that the relaxation corresponds to YHO. Potential grain boundary contributions to
the impedance were considered. As shown in section 5.5 by transmission electron microscopy,
the investigated film showed columnar grains, where grain boundary conduction paths are
parallel to grain conduction. Therefore these cannot be identified separately using impedance
spectroscopy. Finally, Fig. B.2 d) shows that the SOT can be stabilised for thicknesses down
to 2.8 nm. Illustrated are average current densities, which were taken from 10 different
devices for each thickness. The current density decreases with increasing film thickness,
indicating that the current conduction is indeed bulk-limited rather than interface-limited.

B.3 Dopant Concentration Dependence

The impact of the dopant was investigated by doping HfO2 with 0, 7, 20 mol % Y and 50 mol
% Zr. Structurally, the XRD patterns in Fig. B.3 a), are consistent with the o-phase primary
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Figure B.3: Dopant concentration dependence of the a) 2θ −ω reflections b) permittivity
voltage relation c) impedance magnitude |Z| spectra d) SOT J-V relation

peak just below 30° in the doped HfO2 films and no secondary phases are evident. Conversely,
for pure HfO2, a significant reflection at 28.3° appears, corresponding to the monoclinic
phase. Considering the permittivity of the films, shown in Fig. B.3 b), surprisingly, the
permittivity of the dopant-free HfO2 is larger than the phase-pure doped films. This is in
contrast to previous reports on dopant-dependent permittivity in HfO2 [330] and strongly
suggests that extrinsic phenomena have a significant impact on the permittivity measured
here. Furthermore, the impedance spectra shown in Fig. B.3 c), indicate no significant trends
with changing dopant concentration. Finally, Fig. B.3 d) shows the SOT can be stabilised
with each dopant concentration, indicating that the dopant element plays no considerable
role during resistive switching.
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