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ARTICLE INFO ABSTRACT
Keywords: Ti-Fe-Al and Ti-Fe-Mo alloys containing B2 superlattice precipitates within an A2 matrix have attracted interest
Ti alloys for structural applications. However, few studies have considered alloys derived from the quaternary Ti-Fe-
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Mo-Al system. In this work, six Ti-Fe-Mo-Al compositions with 70at.% Ti have been aged for 1000h at 600,
800, and 1000 °C to assess their equilibrium phases. A2+B2 phase microstructures formed in two of the alloys
considered: Ti-20Fe-5Mo-5Al at both 800 and 1000 °C, and Ti-15Fe-10Mo-5Al at 800 °C. A2+B2 microstructures
were not observed in the other alloys investigated. At high temperatures, most alloys were single-phase A2,
while at lower temperatures A3 and DO;4 phases were widely observed.

Studying continuous cooling of Ti-20Fe-5Mo-5Al from the solid solution showed a change in precipitation
behaviour with cooling rate. Intermediate cooling rates permitted discontinuous B2 precipitation. The slowest
cooling rate led to continuous B2 precipitation and the observation of the D8, G-phase. This transition in
precipitation mechanism was attributed to the relative rates of bulk and grain boundary diffusion at varying

temperatures.

1. Introduction

Alloy microstructures comprising superlattice precipitates coher-
ently embedded within a solid solution matrix are exploited within
several classes of high-performance alloys for structural applications.
Notable examples include Ni- and Co-based superalloys [1,2], Al-Sc [3,
4], Al-Li [4,5], and Pt-Al [6] alloys. However, to date, no superlattice
precipitate-strengthened Ti-based alloy has been commercialised.

Ti-rich alloys within the Ti-Fe system have previously been in-
vestigated as they can form a TiFe B2 phase within an A2 solid
solution (Strukturbericht notation). The eutectic A2-B2 transformation
at 29.5at.% Fe and 1085°C [7] has been utilised to form fine as-
cast microstructures [8]. This has led to eutectic and hypoeutectic
(25 at.% Fe) alloys showing impressive properties in the as-cast state,
with high compressive 0.2% proof stress of around 1.85GPa. An al-
ternative approach to achieving A2+B2 microstructures is through
solid-state precipitation from a single-phase solid-solution [9]. This
can be achieved for binary alloys containing 14.8 to 20.9 at.% Fe [7].
Ageing of Ti-20Fe at 600 °C led to precipitation of the B2 phase, but
also the formation of brittle A3 and » phases, with w significantly
increasing hardness. Notably, the hardness of this alloy decreased upon
ageing, which was attributed to a significant loss of solid solution
strengthening [9].
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Ternary additions to Ti-Fe alloys including Sn [8,10], Cu [8], Co [8],
Mo [11-14], and Al [15-17] have been investigated to assess their
impact on strength, ductility, lattice coherence, and microstructural
stability. Mo has been of particular interest as it is a potent A2 phase
stabiliser, suppressing transformation to the A3 phase [18] and de-
creasing w phase formation [19]. In addition, it preferentially parti-
tions to the A2 phase, and can therefore be used to modify lattice
misfit between the A2 and B2 phases, impacting coherency [13]. El-
evated Mo contents have also been shown to change the morphology
of B2 precipitates, with Ti-20Fe-10Mo forming spherical B2 after a
750°C age, while Ti-20Fe-20Mo and Ti-10Fe-40Mo formed lamellar
B2 after the same ageing treatment, which increased hardness [13].
Recent studies have also shown that benefits may be derived from
Al additions, which lead to nanostructuring of B2 precipitates that
reduces lattice misfit and thereby improves precipitate-matrix coher-
ence [15]. However, excessive concentrations of Al stabilise the A3
phase, potentially compromising the A2+B2 microstructure and leading
to embrittlement [20].

While studies of alloys from the Ti-Fe-Mo and Ti-Fe-Al ternaries
have identified benefits, little is known about A2+B2 phase equilibria
in the Ti-Fe-Mo-Al quaternary. To gather information on the phase
equilibria in this system, six compositions in the Ti-Fe-Al-Mo quater-
nary with 70 at.% Ti have been investigated. The composition with the
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widest temperature range over which an A2+B2 microstructure is sta-
ble was identified, and the mechanisms through which B2 precipitates
formed were studied.

2. Experimental

Predictions of thermodynamic equilibria in the Ti-Fe-Mo-Al system
were made using Thermo-Calc 2022b [21] with the TCTI2 database.
Calculations were performed for a series of compositions within the
70at.% Ti pseudo-ternary in which the concentrations of Fe, Mo, and
Al were varied in increments of 5at.%. From these calculations, six
alloy compositions were selected that were predicted to have A2+B2
phase equilibria at 800°C. The nominal compositions of the selected
alloys are given in Table 1. Ingots weighing approximately 40 g of each
composition were made with constituent elements of >99.9% purity
through arc melting in an Ar atmosphere. Each ingot was inverted and
remelted three times to ensure compositional homogeneity. The bars
were sectioned, encapsulated under Ar in a silica tube together with
a Ta getter, and solution treated at 1115°C in a box furnace for 50h
then water quenched. The temperature was measured to +1°C using
an N-type thermocouple. Each bar was then sectioned into three pieces
that were respectively aged at 600, 800 and 1000 °C for 100 h using the
same protocol as the solution treatment.

An additional bar of nominal composition Ti-20Fe-5Mo-5Alat.%
was arc melted as described above. Five 10 mm sections with parallel
faces were cut from this bar, and 4 mm diameter cylinders were made
using electro-discharge machining. These sections were solution treated
in the same way as the previous samples, at 1115°C for 50h. The
cylinders were subsequently individually heat treated using a DIL805
dilatometer (TA instruments) under vacuum (max 8 x 10~* mbar) with a
thermal cycle comprising heating from room temperature to 1115°C at
a rate of 10°Cs~!, dwelling at 1115°C for 5min, and controlled linear
cooling to room temperature at rates of 40°Cs~!, 10°Cs~!, 1°Cs7],
0.1°Cs~!, or 0.01°Cs~!.

Both the furnace-aged samples and the samples that had undergone
controlled cooling were mounted in conductive bakelite, mechanically
ground to a 4000 grit finish using SiC abrasive papers, and polished
using buffered OPUS (0.04 pm colloidal silica). Microstructural images
of the samples were acquired by scanning electron microscopy (SEM)
using the back-scattered electron (BSE) signal in a Zeiss GeminiSEM
300 and a Hitachi TM4000Plus. The former microscope was used
together with an Oxford Instruments X-MaxN 50 detector for composi-
tional analysis through energy dispersive X-ray spectroscopy (EDX). A
working distance of approximately 5 mm, an aperture of 30 pm, and an
accelerating voltage of 25 keV were used in the Zeiss microscope, while
a working distance of 8 mm and an accelerating voltage of 15keV were
used in the Hitachi microscope. Any compositional data reported is an
average of a minimum of five separate sites, with bulk compositions
being the average over five approximately 500x500 pm? areas.

Slices of the furnace-aged samples, approximately 1 mm thick, were
prepared for X-ray diffraction (XRD) by mechanical grinding to a 1200
grit finish. XRD data were acquired using a Bruker D8 Advance diffrac-
tometer equipped with Ni-filtered Cu K-a radiation, a LynxEye EX
position sensitive detector with ~ 6.5% energy resolution and variable
divergence slits. Scans were taken over 20 to 130° 20 using an 8 mm
illumination length, with 0.035° step size and 2's dwell time per step.

Synchrotron XRD (sXRD) diffraction data were acquired from the
controlled linear cooling samples using the ID22 high-resolution pow-
der diffraction beamline at the European Synchrotron Radiation Facility
(ESRF), Grenoble, France, under experiment MA-5868. Samples for
these measurements were ground to a powder using a pestle and mortar
and placed in individual silica tubes that were spun at 991 revolutions
per minute. The incident monochromatic beam was determined to have
a wavelength of 0.354273 + 0.000 004 A using a silicon NIST standard.
The beam cross-section was 2x1 mm? and the diffraction patterns were
collected using a 13-channel Si 111 multi-analyser stage between the
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Table 1

Nominal compositions of the six alloys investigated in this study, along with
their average measured compositions determined by EDX (in at.%). Quoted
uncertainties are the standard deviation of five measured values.

Ti Fe Mo Al
Nominal composition 70 20 5 5
Measured composition 720+0.2 19.9+£0.3 32+0.1 5.0+0.1
Nominal composition 70 15 10 5
Measured composition 71.5+0.2 148 +£0.2 8.5+0.2 5.1+0.1
Nominal composition 70 15 5 10
Measured composition 71.7+0.2 146 +0.4 3.6+03 102+0.2
Nominal composition 70 10 15 5
Measured composition 71.0+0.2 10.0+0.3 14.1 0.7 5.0+04
Nominal composition 70 10 10 10
Measured composition 71.1 £0.6 9.8+0.3 9.1+0.3 10.0+0.7
Nominal composition 70 10 5 15
Measured composition 715+£0.3 99+0.3 4.1+0.1 145+0.2

sample and a Dectris Eiger2 X 2M-W CdTe pixel detector with indi-
vidual detectors separated by 2° in 26. For each sample, three scans
were performed with the central detector ranging from 0° to 30° at
a scan speed of 5°min~!. Each set of three scans was averaged, and
Rietveld refinements [22] were performed using Pearson VII peak pro-
files in Topas-Academic-64 V6 and jEdit version 4.3.1. Crystallographic
Information Files (CIF) for each of the constituent phases were obtained
from the Inorganic Crystal Structure Database (ICSD ©FIZ Karlsruhe
GmbH) and copies are given in the supplementary information S1.

An electron-transparent foil of Ti-20Fe-5Mo-5Al cooled at 0.1°Cs™!
was produced using focused-ion beam (FIB) milling in a FIB/SEM FEI
Helios Nanolab microscope. This was representative of the interface
region between the two microstructural types in the sample. An FEI
Tecnai Osiris 80-200 operated at an accelerating voltage of 200 keV was
used for transmission electron microscopy (TEM), scanning transmis-
sion electron microscopy (STEM), STEM-EDX, and high-angle annular
dark field (HAADF) imaging. Selected area diffraction patterns (SADP)
were acquired using a Gatan OneView UltraScan camera. STEM data
were processed using version 2.0.1 of the Hyper-Spy Python package.

Vicker’s hardness data were obtained using a Qness Q30 A+ auto-
matic hardness tester with a 5kg load. The hardness values quoted are
the average and standard deviation of five indents in mounted, polished
sections from the samples subjected to controlled cooling.

3. Results
3.1. Equilibrium phase determination

The nominal compositions of the six investigated alloys and the
compositions measured by EDX are given in Table 1. The concentra-
tions of Fe and Al achieved in the alloys were close to the nominal
values, however, Mo inclusions from incomplete melting during the
production led to Mo depletion in the bulk of the sample in the range
of 0.9-1.9 at.%. These discrepancies were considered acceptable for the
purposes of the study. Pseudoternary phase diagrams of Ti-Fe-Mo-Al
with 70at.% Ti at 600, 800, and 1000°C, predicted using Thermo-
Calc, are shown in Fig. 1. Markers corresponding to the measured
compositions projected onto the 70 at.% Ti pseudoternary are included
for reference.

A representative XRD pattern from Ti-10Fe-5Mo-15Al after ageing
at 800°C for 1000h is given in Fig. 2. The XRD patterns for the other
compositions and ageing temperatures are available in the supplemen-
tary information S2. Reflections corresponding to A2, B2, and D0;q
(Ti;Al) phases have been identified and labelled. While the A3 and
DO0,9 phases have several common peaks, the DO;q phases can be
unambiguously identified through the occurrence of unique superlattice
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Fig. 1. Pseudo-ternary 70Ti-Fe-Mo-Al phase diagrams for (a) 1000°C, (b)
800°C, and (c) 600°C as predicted by Thermo-Calc [21]. The position of
markers corresponds to the nominal investigated compositions, and their shape
corresponds to the phases observed in XRD.

reflections such as {210}. However, as these are low-intensity reflec-
tions, the inability to identify specific superlattice peaks in addition
to the fundamental reflections does not exclude the possibility of the
DO0,9 phase being present. For this reason, in alloys where distinct
peaks from the DO;4 phase could not be discerned, these phases were
classified as A3/D0,9. The phases identified in each sample using XRD
are indicated in Fig. 1 by use of different-shaped markers. A circle
indicates single-phase A2. A triangle indicates two-phase A2+B2. A
cross indicates A2+B2+D0,, as superlattice reflections were identified.
A plus-sign indicates A2+B2+A3/D0;9, as no superlattice reflections
were identified. Finally, a square shows A2+A3/D0,q were identified,
with no B2 reflections.

The SEM-BSE images in Figs. 3, 4, and 5 show the microstructures
of the six alloys after ageing at 1000, 800 and 600°C for 1000h, re-
spectively. After ageing at 1000°C, all alloys except Ti-20Fe-5Mo-5Al
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exhibited single-phase microstructures along with XRD patterns consis-
tent with an A2 phase, seen in Fig. 3. This suggests these compositions
reside in a single-phase field at this temperature. Ti-20Fe-5Mo-5Al ex-
hibited large, blocky intraganular preciptiates and smaller, spheroidal
precipitates in the A2 matrix. EDX point analyses indicated both pre-
cipitate types were consistent, with a composition of 53.1 + 0.9% Ti,
43.8+1.1% Fe, 0.9 +0.1% Mo, 2.2 +0.1% Al (at.%), consistent with that
expected of the B2 TiFe phase. This phase identification is supported by
the XRD data, which showed discernible A2 and B2 phase reflections.

The microstructures following ageing at 800 °C for 1000 h are shown
in Fig. 4. The Ti-20Fe-5Mo-5Al alloy microstructure contained a bi-
modal distribution of light-contrast precipitates in an A2 matrix. The
composition of the precipitates was 49 + 2% Ti, 48 + 3% Fe, 1.3 +0.8%
Mo, 0.8 + 0.2% Al (at.%) according to EDX point analysis. Together
with the XRD pattern containing A2 and B2 reflections, this suggests
that these precipitates are the B2 phase. The Ti-15Fe-10Mo-5Al alloy
microstructure contained dendritic and blocky precipitates with a dark
contrast in an A2 matrix. The measured composition was 54.7+1.4% Ti,
41+2% Fe, 2.5+0.6% Mo, 1.8+0.2% Al (at.%), which is again consistent
with the B2 TiFe phase and supported by the occurrence of B2 reflec-
tions in the XRD data. The inversion in contrast between the matrices
and precipitates in Ti-20Fe-5Mo-5Al (Fig. 4a) and Ti-15Fe-10Mo-5Al
(Fig. 4b) can be attributed to the higher Mo content in the matrix of
the latter alloy, increasing the atomic number contrast of the matrix
relative to the precipitates. Alloy Ti-15Fe-5Mo-10Al contained light-
contrast precipitates in an A2 matrix, which were similarly identified
as B2 using EDX point analysis and XRD. It additionally contained a
dark-contrast phase enriched in Al, with composition 74 +3% Ti, 5+3%
Fe, 1.0+ 0.7% Mo, 19.9 + 1.3% Al (at.%). This composition is consistent
with the D0,g Ti3Al phase, which was identified in the XRD pattern,
suggesting this alloy lies in a three-phase field at this temperature.
Contrastingly, alloys Ti-10Fe-15Mo-5Al and Ti-10Fe-10Mo-10Al appear
to lie in a single-phase A2 field, according to their microstructure and
the XRD results. The final investigated composition, Ti-10Fe-5Mo-15Al,
contained light and dark contrast precipitates in an A2 matrix, which
were identified as B2 and DO,y phases, respectively, using point EDX
and XRD data.

After ageing at 600 °C for 1000 h, significant fine-scale precipitation
was observed in most alloys within an A2 matrix, seen in Fig. 5.
No EDX compositional analyses were performed on the precipitates
as the EDX interaction volume was expected to be larger than the
particle size. However, the consistency in the XRD data and BSE phase
contrast of the 600°C aged samples with the 800°C aged samples
suggests the precipitates were the A3/D0;q and B2 phases. Ti-20Fe-
5Mo-5Al contained fine dispersions of dark A3/D0,q and light B2
precipitates within an A2 matrix. Regions of radial-type precipitate
growth were also observed. Ti-15Fe-10Mo-5Al contained light-contrast
B2 phase that was present in two distinct morphologies that were well
separated: lamellar colonies and spheroidal precipitates. Isolated oc-
currences of the dark-contrast DO,o phase were additionally observed.
Ti-15Fe-5Mo-10Al contained intergrowths of the DO,9, B2, and A2
phases that had a feathery appearance. A similar microstructure was
observed in alloy Ti-10Fe-5Mo-15Al. In contrast, the microstructure
of Ti-10Fe-15Mo-5Al was dominated by the A2 phase. Fine light and
dark-contrast precipitates were observed on grain boundaries. While
reflections corresponding to the A3/D0,4 phases could be identified in
the XRD data, no B2 reflections were seen, possibly due to the small
volume fraction observed in the microstructure. Finally, in the Ti-10Fe-
10Mo-10Al alloy, a matrix of A2 containing dark-contrast A3/D0,q
precipitates was observed. In addition to these phases, the XRD data
contained reflections corresponding to the B2 phase. However, distinct
B2 precipitates were not found during microstructural examination.
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Fig. 2. Ti-10Fe-5Mo-15Al XRD pattern after 1000h at 800 °C. Reflections from A2, B2, and D0,, phases are seen, including a DO, superlattice reflection at 49°.

b) Ti-15Fe-10Mo-5Al

(c) Ti-15Fe-5Mo-10Al d) Ti-10Fe-15Mo-5Al

e) Ti-10Fe-10Mo-10Al f) Ti-10Fe-5Mo-15Al

Fig. 3. SEM-BSE images after ageing at 1000 °C for 1000 h for (a) Ti-20Fe-5Mo-
5Al, (b) Ti-15Fe-10Mo-5Al, (c) Ti-15Fe-5Mo-10Al, (d) Ti-10Fe-15Mo-5Al, (e)
Ti-10Fe-10Mo-10Al, (f) Ti-10Fe-5Mo-15Al. Note the scale difference for (a),
used to show the B2 precipitates present.

3.2. Microstructural dependence on cooling rate

Ti-20Fe-5Mo-5Al1 was the only composition to form an A2+B2 mi-
crostructure at both 1000°C and 800°C, suggesting it had the most
extensive A2+B2 phase field of the alloys studied. In addition, the
observation of a bimodal B2 precipitate distribution in this alloy after
ageing at 800°C suggests that B2 precipitation may have occurred
during the water quench. Given the rapid cooling rates associated with
water quenching, this warranted further examination of the microstruc-
tural dependence on cooling rate. Therefore, a series of controlled
cooling rate experiments was carried out on this alloy. Fig. 6 shows

(b) Ti-15Fe-10Mo-5Al

a) Ti-20Fe-5Mo-5Al

(d) Ti-10Fe-15Mo-5Al

Fig. 4. SEM-BSE images of samples aged at 800°C for 1000h for (a) Ti-20Fe-
5Mo-5Al, (b) Ti-15Fe-10Mo-5Al, (c) Ti-15Fe-5Mo-10Al, (d) Ti-10Fe-15Mo-5Al,
(e) Ti-10Fe-10Mo-10Al, (f) Ti-10Fe-5Mo-15Al.

the microstructure of the samples cooled from 1115°C at linear rates
ranging from 40°Cs~! to 0.01°Cs™!.

The fastest cooling rate, 40°Cs~!, led to an apparent single-phase
microstructure. At 10°Cs~' and 1°Cs~!, partial transformation of
the matrix to a lamellar two-phase structure occurred. This lamellar
transformation originated at grain boundaries, implying a discontin-
uous precipitation (DP) mechanism. Cooling at 0.1°Cs~! led to a
dual microstructure, with regions containing spheroidal precipitates
formed through a continuous precipitation (CP) mechanism, separated
by lamellar DP colonies. After the slowest cooling at 0.01°Cs~!, all
precipitates were blocky or spheroidal, indicating only CP occurred.

To confirm the identity of the phases formed through DP and
CP, a FIB foil from the region across the boundary between the two
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Fig. 5. SEM-BSE images after ageing at 600 °C for 1000 h for (a) Ti-20Fe-5Mo-
5Al, (b) Ti-15Fe-10Mo-5Al, (c) Ti-15Fe-5Mo-10Al, (d) Ti-10Fe-15Mo-5Al, (e)
Ti-10Fe-10Mo-10Al, (f) Ti-10Fe-5Mo-15Al.

morphologies in the 0.1°Cs™! cooled sample was investigated using
TEM. Fig. 7 shows a HAADF image and STEM-EDX maps of the same re-
gion. The precipitates in the continuous region and the bright-contrast
lamella in the discontinuous region were enriched in Fe and depleted
in Ti, Mo, and Al, as would be expected of the TiFe B2 phase. The
similar compositional variation in both regions suggests the same phase
is being formed through different mechanisms.

SADPs taken down the [100] axis in the DP region and down
[110] in the CP region are shown in Fig. 8 along with their associated
key diagrams. Both SADPs show A2 reflections and fundamental B2
reflections slightly offset due to a difference in lattice parameters.
Weak, diffuse streaks in the [110] pattern surrounding the superlattice
reflections were observed.

All controlled cooling samples were examined using sXRD to con-
firm the identity of the phases present and to quantify their volume
fractions and lattice parameters. The sXRD patterns with labelled peaks
are shown in Fig. 9, and the parameters obtained from full Rietveld
refinements are included in the supplementary information S3. Volume
fractions and lattice parameters of the identified phases are given in
Table 2. Cooling at 40°Cs~! led to near-single-phase A2, with 0.2%
B2. The sharpness of the B2 peaks suggests large precipitates, which is
unlikely given the small volume fraction and BSE images, hence, this
may be contamination from the powder-making process. The sample
cooled at 10°Cs~! was also predominantly A2, with 0.3% B2. This
is less likely to be contamination, given the peaks are broader and
DP was observed in SEM-BSE images of the microstructure. The sXRD
pattern for the 1°Cs~! cooled sample showed two sets of A2 peaks in
addition to the B2 peaks. This is further evidence of DP, as the two
distinct lattice parameters correspond to the original A2 phase and the
discontinuously transformed A2 phase. The boundary between prior A2
and the DP A2 is discontinuous in composition, resulting in two distinct
lattice parameters. With CP, the composition would be expected to vary
continuously in the matrix. This would result in a progressive variation
in the lattice parameter, leading to one set of broadened peaks rather
than the two distinct sets of sharp peaks observed.

Cooling at 0.1°Cs~! also led to a set of B2 peaks and two distinct
sets of A2 peaks, suggesting that the discontinuous transformation was
incomplete. There are also two additional, low-intensity peaks. These
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40°C/s
Fastest cool

1°C/s 10°C/s

0.1°C/s

0.01°C/s
Slowest cool 4

Fig. 6. SEM-BSE images of Ti-20Fe-5Mo-5Al linearly cooled from 1115°C
to room temperature at varying cooling rates. The precipitation goes from
inhibited, to discontinuous, to continuous as the rate is decreased. Note the
variation in scale to highlight microstructural features.

were also observed in the sXRD pattern from the 0.01°Cs~! sample,
where they were attributed to the presence of the D8, G-phase, also
known as the 7, phase in the Ti-Al-Fe ternary system. Over the range of
diffraction data acquired, 44 peaks could be assigned to the D8, phase,
including the expected high-intensity peaks. This phase was not seen in
the Ti-20Fe-5Mo-5Al samples aged at 600, 800, or 1000 °C, although the
DO0;4 phase was seen at 600 °C but not in any of the controlled cooling
rate samples.

The hardness of the 40°Cs™!, 10°Cs™!, 1°Cs7!, 0.1°Cs™! and
0.01°Cs™! cooled samples were HV549 + 2, HV543 + 6, HV534 + 11,
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Table 2
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Phases present, volume fractions, and lattice parameters in Ti-20Fe-5Mo-5Al after cooling from
1115°C at different rates, as determined from Rietveld refinements of the synchrotron data in
Fig. 9. The 0.2% B2 present after the 40°Cs~! cooling is suspected to be due to contamination.

Cooling rate Phase Volume fraction Lattice parameter, + 0.01 A
40°Cs™! A2 99.92 + 0.02% 3.15
B2 0.08 + 0.02% 3.02
10°Cs™! A2 99.79 + 0.02% 3.15
B2 0.21 + 0.02% 2.99
1°Cs™! Original A2 88.837 + 0.002% 3.15
Transformed A2 8.319 + 0.002% 3.20
B2 2.844 + 0.001% 3.00
0.1°Cs™! Original A2 24.200 + 0.007% 3.15
Transformed A2 66.00 + 0.02% 3.20
B2 9.659 + 0.003% 3.00
D8, 0.15 + 0.03% 11.34
0.01°Cs™! A2 73.1 £ 0.2% 3.20
B2 18.4 + 0.1% 3.00
D8, 8.5 + 0.2% 11.34

a

Fig. 7. HAADF and STEM-EDX of Ti-20Fe-5Mo-5Al after controlled cooling at
40°Cs~! from 1115°C, showing both lamellar, discontinuous precipitation and
spheroidal, continuous precipitation. The spheroidal precipitates and one type
of lamella are enriched in Fe and poor in Ti, Mo, and Al, as would be expected
of B2 TiFe.

HV551+9, and HV461 + 3, respectively. The hardness was therefore the
same within error for all samples except the 0.01°Cs~! cooled sample,
which was 15% lower.

4. Discussion
4.1. Phase equilibria

Ti-20Fe-5Mo-5A1 was the only composition that exhibited an A2+B2
microstructure at two different tested temperatures, 1000 °C and 800 °C.
It was also notable that fewer of the alloy compositions formed A2+B2
microstructures than predicted at all the temperatures considered. This
suggests that the two-phase A24+B2 region is less extensive than pre-
dicted, with the single-phase A2 field extending to higher Fe contents
and the three-phase A3/D0,9+B2+A2 phase fields extending to lower
Al contents. This is especially prominent at 800 °C, at which only two
compositions formed A2+B2 microstructures even though all six were
predicted to do so.

While the D0,4 phase was seen after ageing at 600°C for 1000h in
the Ti-20Fe-5Mo-5Al alloy, it was not observed in the sXRD patterns of
the controlled cooling rate samples. Instead, the ternary G-phase (D8,)
based on Al,FeTi was seen after the slowest cooling of 0.01 °Cs™!. In the
works by Palm & Inden [23], Palm & Lacaze [16], and Gorzel et al. [17]
this phase is only seen in the Ti-Fe-Al ternary system for compositions
containing >15at.% Al It was therefore unexpected to observe this
phase in Ti-20Fe-5Mo-5Al, which only contains 5at.% Al. There are
a few potential explanations for the discrepancy. First, the phase dia-
grams in the aforementioned studies [16,17,23] are for temperatures
of 1000, 900, and 800 °C. These show a progressive increase in the D8,
phase field with lower temperature. It is therefore possible that the
slowest cooling rate used here provided sufficient time at temperatures
below those of the phase diagrams, where the regions containing D8,
potentially extend to lower AL compositions, permitting the phase to
form. This may be aided by the presence of Mo in the alloy in this
study, which is known to destabilise the B2 TiFe phase [12] and may
therefore permit the D8, phase to exist in equilibrium with the other
phases observed. However, as the D8, phase was not observed in the
isothermally aged samples, its stable temperature range must be limited
to below the lowest investigated temperature of 600 °C. Second, the
formation of the D8, phase could arise as a result of Al accumulation
at the A2/B2 interface. As the temperature is decreased, the volume
fraction of B2 phase increases and the equilibrium Fe concentration in
this phase rises [7]. This requires expulsion of Al from the precipitates,
potentially locally increasing Al concentration to a level where D8,
could form. This hypothesis is supported by the SEM-BSE observations,
as the Al-rich, dark phase was only seen at the A2/B2 interface.
However, no significant Al concentration increase at the interface was
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10 1/nm
(b)

A2 + B2

Fig. 8. Selected area diffraction patterns of Ti-20Fe-5Mo-5Al after controlled
cooling at 40°Cs~! from 1115°C taken (a) down the [100] axis in a region
with discontinuous B2 phase precipitates in an A2 phase matrix, (c) down the
[110] axis in a region with continuous B2 phase precipitates in an A2 phase
matrix. The respective key diagrams are in (b) and (d).

observed in the STEM-EDX data of the sample cooled at a faster rate
of 0.1°Cs~!. If the Al accumulation after cooling at 0.01°Cs~! was
significant enough to allow for the D8, phase to be stable, it would have
been reasonable to expect some degree of Al accumulation in the faster
cooled sample. Third and finally, it is possible that the precipitation of
DO0,¢ may be kinetically hindered during cooling. If a longer time close
to the DO;g solvus is required than is possible during the controlled
cooling, the D8, phase could be formed in a metastable manner to
counter the Al supersaturation in the A2 matrix at low temperatures.
However, insufficient data have been acquired in the present study to
conclusively determine the origin of the D8, phase.

It was notable that none of the precipitate populations in the
tested alloys exhibited the plate-shaped morphology expected from
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Fig. 9. Synchrotron data for Ti-20Fe-5Mo-5Al after linear, controlled cooling
at various rates from 1115 °C. After the two fastest cools, 40°Cs~! and 10°Cs™!,
one set of A2 peaks is present, at 1°Cs~! and 0.1°Cs~' two A2 sets and a B2
set are present, and after the slowest cool, 0.01°Cs~!, one set of A2, B2 and
D8, peaks are present.

nanostructuring and the occurrence of intra-precipitate orthorhombic
phases [15]. This may be attributed to the increased stability of the A2
matrix achieved with the addition of Mo in the alloys investigated in
the present study.

4.2. Diffuse scattering from Ti-20Fe-5Mo-Al cooled at 0.1°Cs~!

The diffuse spots/streaks in the [110] SADP of the CP region from
the Ti-20Fe-5Mo-Al alloy cooled at 0.1°Cs~' may arise from several
different phenomena. First, athermal, incommensurate » has been seen
to produce spots at similar positions in SADPs acquired from other Ti
alloys [24,25], including Ti-Fe binary alloys [9,26], although the spots
that were reported were more clearly defined than those observed in
this study. The w could be identified as athermal and incommensurate
using the construction presented by Nosonova et al. [26]. However,
no o reflections were observed in the sXRD pattern, so if present, this
phase is either in a small volume fraction or sufficiently fine for Scher-
rer broadening to obscure the peaks within the background noise. As
both Fe and Mo stabilise A2 Ti against w formation [19], it is reasonable
to expect a low volume fraction of fine w, if present. Second, the diffuse
scattering may be circular strain reflections due to strained coherent
spherical superlattice precipitates [27]. As the SADP was taken in a
continuously precipitated region that contained spherical B2 with a
cube-cube orientation with the A2 matrix, a strained coherent interface
could lead to halos around the superlattice reflections. However, the
apertures in these circular halos should align towards the fundamental
(000), which is not observed in this SADP.

4.3. Effect of cooling rate on precipitation mechanisms

As seen in Fig. 6, faster cooling of Ti-20Fe-5Mo-5Al promoted
discontinuous precipitation, while slower cooling promoted continuous
precipitation. Factors influencing the competition between these two
precipitation mechanisms have been identified in several systems, such
as Mg-Al [28,29], Al-Mg-Sc-Zr [30], and Ni superalloys [31,32], as well
as through more general mathematical models [33,34]. These factors
include the driving force for precipitation in the form of undercooling
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and supersaturation, the relative rate of bulk and grain boundary
diffusion, and grain boundary mobility. The interaction of these factors
tends to give four temperature regimes with differing precipitation
behaviour. However, as shown in the Mg-Al morphology map by Duly
et al. [28], the exact temperatures at which each regime occurs may
vary greatly with composition.

* High temperature regime - At high temperatures, DP mainly nu-
cleates via the Fournelle & Clarke (F&C) mechanism [35]. This
requires the pinning of thermally vibrating grain boundaries,
which ceases above a critical temperature due to the high vibra-
tional frequency [29]. The high bulk diffusion rate instead favours
CP [28].

« Intermediate temperature regime - The nucleation rate of DP is
highest immediately below the critical F&C temperature [28].
Additionally, the grain boundary mobility and grain boundary
diffusion are high, permitting rapid DP growth [30]. In contrast,
bulk diffusion is reduced, so the CP nucleation and growth rates
are limited [34].

» Low temperature regime - A significant decrease in grain boundary

mobility inhibits DP growth [30]. If bulk diffusion rates remain

sufficiently high, some continuous precipitation can occur [28,

30].

Lowest temperature regime - Diffusion and grain boundary move-

ment, both thermally activated processes, are inhibited and no

precipitation is seen.

In the cooling of Ti-20Fe-5Mo-5Al at variable rates, all of these
regimes could be accessed, but the time spent in each depends on
the cooling rate. Both mechanisms are strongly time dependent, so
for CP to become prominent, some time needs to be spent in the
high-temperature regime or a prolonged time in the low-temperature
regime.

After cooling at the slowest rate of 0.01°Cs~', the B2 phase was
observed to have only formed via CP. This indicates that the sample
spent enough time in the high-temperature regime to fully undergo CP,
similar to that seen in Mg-Al [29]. As no DP was observed, it may be
concluded that there was insufficient supersaturation of Fe to provide
a driving force for additional DP in the intermediate temperature
regime [34].

After faster cooling at 1 to 10°Cs~!, partial transformation of the
matrix to DP A2+B2 was observed. This suggests that the time spent
in the high-temperature regime was too short for the bulk diffusion
needed for CP to occur. Instead, the supersaturation of Fe remained
high until the intermediate-temperature regime was reached, and a
DP transformation could occur. As DP growth occurs with a linear
rate [30], the longer time spent in the intermediate temperature regime
by the 1°Cs~! sample led to a greater fraction of the matrix having
undergone a DP transformation than the 10°Cs~! sample.

Following the fastest cooling of 40°Cs~!, a single-phase A2 mi-
crostructure was observed. This may be attributed to the sample not
having spent enough time in any of the first three temperature regimes
for precipitation to take place. The lack of CP at the fastest cooling rate
is different from that observed in Al-Mg-Sc-Zr [30], indicating that the
low temperature CP regime described may not exist in the Ti-Fe-Mo-Al
system. Possible causes include an increased grain boundary mobility
extending the intermediate-temperature DP regime to lower temper-
ature, and the presence of slow-diffusing Mo, limiting bulk diffusion,
therefore raising the limiting temperature at which all precipitation is
inhibited. Together, these factors may allow for DP to dominate until
precipitation is fully suppressed in the lowest temperature regime.

Cooling Ti-20Fe-5Mo-5Al at 0.1°Cs~! led to a combined CP and
DP microstructure. This included spheroidal regions of CP, with larger
precipitates in the centre of the region, and Dp lamellae surrounding
the CP regions. This can qualitatively be understood in terms of the
model presented by Robson [34]. In this sample, some CP occurred in
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the high-temperature regime, likely in regions with a small accumu-
lation of Fe. Similar microsegregation has been observed in other A2
Ti alloys, causing g-flecking [36]. The increased supersaturation may
then have led to a higher driving force for CP, and thus the precipitates
formed during the limited time spent in the high-temperature regime.
The highest Fe accumulation, in the centre of the region, would have
led to CP at the highest temperature and thus allowed the longest time
for coarsening. However, CP could not occur in regions without this
increased driving force in this time frame, so both a supersaturated A2
matrix and continuous A2+B2 regions were present when the sample
entered the intermediate temperature regime. For DP to occur, there
must be a significant driving force for the breakdown of the supersatu-
rated matrix, but when the moving grain boundary encounters a region
of prior CP the supersaturation of Fe in the matrix is significantly lower.
This decreases the driving force for DP growth to the extent that it
does not occur in these CP regions, instead growing around them. This
qualitatively follows the conclusion from Robson [34] that the decrease
in supersaturation from CP is the largest effect during the competition
between the two precipitation types.

Despite the variations in microstructures seen with the different
cooling rates, all samples had the same hardness within error except the
slowest cooled condition, which was around 15% lower. This suggests
that solid solution strengthening in the single-phase state is significant,
giving similar hardness to alloys with DP and fine CP. However, the
coarse CP formed through slow cooling caused softening, likely since
solid solution strengthening from Fe is reduced, and the resulting
precipitates were too large to provide significant strengthening. Similar
age softening due to the removal of solid solution strengthening has
been seen in binary Ti-Fe [9]. The formation of the D8, phase may also
have been a contributing factor, but more investigations are needed to
confirm this.

4.4. Effect of Mo on B2 precipitation

The effect of Mo content on the competition between the CP and
DP mechanisms may rationalise the variation in B2 phase morphology
observed with alloy composition. In a study of compositionally simpler
Ti-Fe-Mo alloys by Knowles et al. [18], ageing at 750°C for 80h
produced spherical B2 in Ti-20Fe-10Mo, coarser B2 lamellae in Ti-20Fe-
20Mo, and finer lamellae B2 in Ti-20Fe-40Mo. Based on the DP seen in
the Ti-Fe-Mo-Al alloys in this work, it is likely that ternary Ti-Fe-Mo
alloys are also prone to DP, generating lamellar microstructures. The
transition from CP to DP with Mo content in the studied alloys mirrors
the transition seen with decreasing temperature in Mg-Al alloys [28].
In the ternary Ti-Fe-Mo system, Mo is the slowest diffuser and has a
limited solubility in the B2 phase [12]. As such, for alloys with higher
Mo contents, greater Mo diffusion will be required during B2 precipita-
tion. However, higher Mo concentrations will be associated with more
sluggish bulk diffusion, which may favour grain boundary diffusion.
This would be expected to lead to a transition from CP to DP of the B2
phase. This may explain why Ti-20Fe-10Mo underwent CP when Ti-
20Fe-20Mo and Ti-20Fe-40Mo did not, and why coarser lamellae were
observed by Knowles in Ti-20Fe-20Mo than Ti-20Fe-40Mo.

This effect of Mo content, together with higher Fe contents increas-
ing the driving force for B2 formation and higher Al contents increasing
the driving force for hexagonal A3 and D0;4 formation, may explain
the morphological variations with composition. These variations were
most evident in this work after the 600°C, 1000h age (Fig. 5). Samples
(a) Ti-20Fe-5Mo-5Al and (c) Ti-15Fe-5Mo-10Al have high Fe contents
so readily form detectable amounts of B2, and their low Mo contents
do not limit the bulk diffusion rate. Thus, they formed CP B2 in
conjunction with hexagonal A3 or DO,q phases. Sample (b) Ti-15Fe-
10Mo-5Al also has a high Fe content, leading to readily detectable B2,
but the increased Mo content promoted DP. However, the Mo content
was not sufficiently high to fully inhibit CP, so both DP and CP precip-
itate morphologies were observed. In sample (d) Ti-10Fe-15Mo-5Al a
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higher Mo content and low Fe and Al contents limited precipitation.
The low Fe and Al concentrations provided only low driving forces
for B2 and A3/D0,4 phase formation, while the increased Mo content
limited bulk diffusion. This may account for the low volume fraction
of precipitates observed and their restriction to grain boundaries. In
(e) Ti-10Fe-10Mo-10Al and (f) Ti-10Fe-5Mo-15Al, the higher Al and
lower Fe contents led to little B2 phase formation, and the alloys instead
primarily precipitated the A3 or DO;4 phases.

The complex interplay between alloy composition and heat treat-
ment conditions discussed above highlights the care required when
specifying the composition and processing of an alloy based on the Ti-
Fe-Mo-Al system. In addition, the disparity between the predicted and
observed phases suggests that further studies are warranted to establish
the phase equilibria. This would facilitate subsequent studies to develop
a structural superlattice precipitate-strengthened alloy based on this
system.

5. Conclusions

This work characterised the phases formed following 1000 h isother-
mal ageing of six alloys derived from the Ti-Fe-Mo-Al quaternary
system at three different temperatures, and after controlled cooling of
Ti-20Fe-5Mo-5Al. The competition between continuous and discontin-
uous B2 precipitation mechanisms during controlled cooling and how
it influenced microstructural morphology has also been discussed.

From this work, the following conclusions are drawn:

» Isothermal ageing at 1000°C for 1000h led to single-phase A2
microstructure in most alloys, with alloy Ti-20Fe-5Mo-5Al hav-
ing a dual-phase A2+B2 microstructure. Isothermal ageing at
1000 °C for 1000 h generated an A2+B2 microstructure in Ti-20Fe-
5Mo-5Al and Ti-15Fe-10Mo-5Al, an A2+B2+D0;¢ microstructure
in Ti-15Fe-5Mo-10Al and Ti-10Fe-5Mo-15Al, and a single-phase
A2 microstructure was retained in Ti-15Fe-5Mo-10Al and Ti-
10Fe-5Mo-15Al. Isothermal ageing at 600°C for 1000h caused
the A2+B2+A3/D0,o phases to be present in the Ti-20Fe-5Mo-
5Al and Ti-15Fe-10Mo-5Al, and Ti-10Fe-10Mo-Al alloys. The
DO0,g9 could be distinctly identified, giving an A2+B2+D0;q mi-
crostructure, in alloys Ti-15Fe-5Mo-10Al and Ti-10Fe-5Mo-15Al.
An A2+A3/D0,9 microstructure, lacking B2, was observed in
alloy Ti-10Fe-5Mo-15Al.

For the composition Ti-20Fe-5Mo-5Al, fast cooling (40°Cs~!)
from the solutioning temperature led to retention of an A2 solid
solution. Intermediate cooling (10 to 0.1°Cs~!) led to discon-
tinuous precipitation of B2, with continuous precipitation ad-
ditionally being observed in a dual-morphology microstructure
after 0.1°Cs~!' cooling. Slow cooling (0.01°Cs~!) led to fully
continuous precipitation. This variation is likely due to a dif-
ference in time spent in the temperature regimes where bulk
diffusion dominates, causing continuous precipitation, and where
grain boundary diffusion dominates, giving rise to discontinuous
precipitation.

Higher concentrations of Mo were shown to be associated with
the transition from continuous to discontinuous precipitation.
This was attributed to the slow diffusion of Mo and its low
solubility in the B2 phase, which affected the relative rates of bulk
and grain boundary diffusion.
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