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Abstract 

A physical mechanism is presented to describe the relationship between processing 

parameters, microstructural evolution, and the occurrence of surface cracking in 

the hot die forging of highly γ′-reinforced cast-and-wrought nickel-based 

superalloys. The theory postulates that surface cracking is controlled by the 

dissolution of the secondary γ′ phase and its subsequent reprecipitation as very 

fine precipitates upon cooling. The commercial alloy Udimet 720 is used as a 

benchmark to explore this mechanism. A novel testing method is devised to assess 

forgeability and surface cracking through laboratory-scale tests on a Gleeble 

thermo-mechanical simulator. The method mimics the die chilling effect 

characteristic of hot die forging. FEM simulations are employed to obtain full-

scale forging data to feed this method, and thermal analysis and electron 

microscopy observations are used to map the relevant solvus temperatures. 

Remarkably, samples heated up to higher initial temperatures prior to undergoing 

die chilling showed more extensive surface cracking than those heated up to lower 

temperatures. This challenges the notion commonly accepted in industry that 

these alloys ought to be forged at temperatures below but close to the γ′ solvus. 

Post-deformation samples are examined via electron microscopy, energy dispersive 

X-ray microanalysis, and electron backscatter diffraction to confirm the 

hypothesis and explore deformation and fracture mechanisms. In addition, the 

investigation is extended by the said techniques to a second highly γ′-reinforced 

alloy – René 65 – for validation purposes. The results indicate that – along with 

the local mechanical conditions of the forging – die-chilling effects and forging 

temperatures are paramount in controlling surface cracking, as the key process 

variables governing the distribution of γ′. These findings and the novel forging 

simulation technique pave the way towards designing superalloys with improved 

processability and excellent performance.    
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 FCC  Face-centred cubic 

 FCP  Fatigue crack propagation 

 FEA  Finite element analysis 

 FEM  Finite element method 

 FSS  Fine structure superplasticity 

 G  Dissipator power content 

 GBS  Grain boundary sliding 

 GHG  Greenhouse gas 

 h  Height 

 HAGB  High-angle grain boundary 

 HCP  Hexagonal close-packed 

 HIP  Hot isostatic pressing 

 I/C  Investment casting 

 I/M  Ingot metallurgy 

 I–L SED  In-lens secondary electron detector 

 IAE  International Energy Association 

 IPF  Inverse pole figure 

 J  Dissipator power co-content 

 JMA  Johnson–Mehl–Avrami 

 LAGB  Low-angle grain boundary 

 LSW  Lifshitz–Slyozov–Wagner 

 m  Strain rate sensitivity 

 MRDV  Metadynamic recovery 

 MRDX  Metadynamic recrystallisation 

 NDE  Non-destructive evaluation 

 P  Power per unit volume entering the system 

 P/M  Powder metallurgy 

 PPB  Prior particle boundary 



 

 PSD  Precipitate size distribution 

 r  Radial coordinate 

 r  Radius 

 r̂  Mean particle radius 

 rγ′p  Radius of primary gamma prime particles 

 rγ′s  Radius of secondary gamma prime particles 

 rγ′t  Radius of tertiary gamma prime particles  

 RA  Reduction of area 

 SE  Secondary electron 

 SEM  Scanning electron microscopy/microscope 

 SESF  Superlattice extrinsic stacking fault 

 SFE  Stacking fault energy 

 SISF  Superlattice intrinsic stacking fault 

 SIT  Silicon intensifier target 

 SRV  Static recovery 

 SRX  Static recrystallisation 

 t  Time 

 t-EBSD  Transmission electron backscatter diffraction 

 T  Temperature 

 Tγ′ solvus  Solvus temperature of the gamma prime phase 

 Tγ′s solvus  Solvus temperature of secondary gamma prime 

 T0  Initial, forging, or furnace temperature 

 Tf  Final or deformation temperature 

 Th  Homologous temperature 

 Tm  Melting temperature 

 T̂  Line tension 

 TCP  Topologically close packed [phases] 

 TEM  Transmission electron microscopy/microscope 

 TET  Turbine entry temperature 

 UTS  Ultimate tensile strength 

 VAR  Vacuum arc remelting 

 VD  Void 

 VIM  Vacuum induction melting 

 w  Dimensionless constant of order unity 

 wt.  Weight 

 wt. %  Weight percentage 

 z  Axial coordinate 

 Z  Atomic number 

 

 



 

Greek symbols  

 

  

 γ  Gamma phase 

 γ  Interface energy 

 γγ/γ′  Interface energy γ / γ′ 

 γAPB  Antiphase boundary energy 

 γ′  Gamma prime phase 

 γ′p  Primary gamma prime phase 

 γ′s  Secondary gamma prime phase 

 γ′t  Tertiary gamma prime phase 

 γ′′  Gamma double-prime phase 

 δ  Delta phase 

 ε  Strain 

 εr  Radial strain 

 εz  Axial strain 

 εθ  Tangential strain 

 εrz  Shear strain r – z 

 εrθ  Shear strain r – θ 

 εθz  Shear strain θ – z 

 ε̇   Strain rate 

 η  Eta phase 

 η  Power dissipation efficiency 

 Θ  Cooling rate 

 κ  Cracked area 

 μ  Shear modulus 

 ξ  Instability parameter 

 τ  Shear stress 

 τwc  CRSS due to weakly coupled dislocations 

 τsc  CRSS due to strongly coupled dislocations 

 τrz  Shear stress r – z 

 τrθ  Shear stress r – θ 

 τθz  Shear stress θ – z 

 σ  Stress 

 σr  Radial stress 

 σz  Axial stress 

 σθ  Tangential stress 

 σY  Yield stress 

 φ  Bowing angle 
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1  Introduction 

Air transport is a key element of today’s highly interconnected world. In 

2019, the number of passengers carried reached an all-time high of 4.4 billion, up 

from 0.3 billion in 1970 [1]. In the same period, air freight grew from under 15 to 

215 million ton-km [2]. Aviation not only allows people to interact globally; it also 

boosts trade and economic growth [3]. 

However, aviation is an important source of greenhouse gas (GHG) 

emissions, and global civil aviation currently accounts for 4–5% of total GHG 

emissions [4]. Under the Paris Agreement, nearly 200 countries pledged to keep 

global warming well below 2°C. But according to the International Energy 

Association (IAE), efforts to cut aviation emissions are not on track [5]. 

Technological advances are crucial to attain net zero GHG emissions, possibly 

coupled with modal shifts and demand curtailment. Current aircraft are 

approximately 85% more efficient than those of the 1960s, and fuel efficiency has 

continued to improve at 1.9% per year between 2010 and 2019 [5]. However, the 

notable maturity of these technologies makes it improbable that future efficiency 

gains will follow past trends, and fuel reductions are unlikely to be higher than 

35% during the next four decades. Unless radical design changes are adopted, 

such as the introduction of the blended wing body aircraft, improvements in 
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airframe aerodynamics can only result in small fuel savings. Working under the 

current design paradigm, the most significant reductions in emissions are likely 

to come from the propulsion system [6].  

In gas-turbine engines, efficiency is mainly determined by the combustion 

temperature, which in turn dictates the turbine entry temperature (TET). The 

turbine (see Figure 1.2) is the section of the engine where components are subject 

to the highest temperature and stress requirements. Consequently, the main 

constraint to increasing combustion temperatures is the development of materials 

with the necessary strength, oxidation resistance, and thermal stability to 

withstand the operating conditions in the turbine.  

For over eight decades, superalloys have been the material of choice for 

aero engine turbines. The emergence of early superalloys in the 1940s was driven 

by the needs of gas turbine engines, and these have been a crucial driver for 

developing new alloys and adapting existing ones ever since [7,8]. Modern jet 

aircraft would not exist if it were not for the existence of superalloys [9]. Figure 1.1 

shows that in the 1940 to 2010 period, the TET of Rolls-Royce’s civil gas turbine 

engines rose by 700°C. Out of this, around 300°C – 400°C can be attributed to 

the increase in high temperature capability of superalloys themselves [9]. 

Despite being profoundly intertwined with gas turbine engines, superalloys 

have progressively found their way into many other applications, such as furnaces, 

heat-exchangers, oil equipment and biomedical implants [1, 3]. Recent research in 

superalloy metallurgy has continued to seek improvements in temperature 

capability, but significant efforts are being devoted to developing novel alloys for 

land-based turbines for power production, driven by the growing demand in 

developing countries [3]. Similarly, hydrogen-fuelled turbines are strong 

contenders in the race to decarbonise aviation and power-generation, posing new 

challenges for superalloy metallurgists.  In essence, superalloys have never been 

as technologically and economically important as they are nowadays [1, 3].  
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1.1 The turbofan engine 

Most modern commercial aircraft are powered by turbofan engines such as 

that shown schematically in Figure 1.2. A typical turbofan engine consists of a 

fan at the front of the engine and a core engine formed of several compressor 

stages, a combustor, and high- and low-pressure turbine stages. As with other jet 

engines, turbofans produce thrust by capturing ambient air, compressing it, 

mixing it with fuel, igniting it, and expanding the resulting hot gas through an 

exhaust nozzle [10].  

The distinctive feature of turbofans is that part of the air captured by the 

fan passes through the engine without entering (bypassing) the core section. Since 

the velocity of the bypassed airflow increases as it goes through the fan, the fan 

is effectively acting as a propeller. The remaining air goes through the core engine 

and undergoes the flow process outlined above: first, the compressor squeezes the 

 

Figure 1.1. Evolution of material capability, processing innovation, and take-

off turbine entry temperature (TET) of Rolls-Royce’s civil gas-turbine 

engines [9]. 



1 
 

air and increases its pressure and potential energy. Secondly, air is mixed with 

fuel in a combustor and ignited, producing hot expanding gases at up to 1700°C. 

The hot gases expand through a turbine, where they pass through several stages 

of blades making them rotate. The turbine is connected with the front fan and 

the compressor through a shaft; hence, the mechanical work extracted at the 

turbine serves to move these components. Finally, the resulting airflow is 

exhausted through a nozzle to produce thrust; often, the hot air is mixed with the 

cold bypassed air prior to exhaustion in order to reduce noise. By combining a 

high-velocity jet of hot exhaust gas and a propeller to generate thrust, turbofans 

have higher propulsive efficiency than conventional turbojets [11–14]. 

1.1.1  Turbine discs 

Turbine discs are the components that provide fixturing for the turbine 

blades and connect them to the engine shaft. Discs rotate at more than 10,000 

revolutions per minute and are thus subject to very high rotational stresses. 

Stresses are maximum at the bore, where they are as high as 1000 MPa. But 

 

Figure 1.2. Impression of a Rolls-Royce Trent 1000 gas turbine engine. 

Adapted from [15]. 
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unlike turbine blades, which are exposed to temperatures of up to 1800°C, discs 

operate in a relatively cool environment. The temperature at the rim of a high-

pressure turbine disc is typically in excess of 650°C and decreases towards the 

inner diameter. To reduce heat conduction from the blades, both sides of the disc 

are exposed to a flow of cooling air [9,13].  

Discs are commonly made of polycrystalline nickel-based superalloys. 

Ideally, their microstructure should account for the differences in thermal and 

mechanical loading along the radial direction. At the rim, where temperature is 

higher and stress lower, coarse grain microstructures are required for good creep 

and fatigue crack growth resistance. Conversely, fine grain microstructures are 

favourable at the bore, where temperature is relatively low and tensile stresses 

significant [9,17,18]. Discs are either manufactured as part of an integral shaft 

 

Figure 1.3. Impression of two methods of attaching blades to turbine discs. 

Adapted from [14,16]. 
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assembly or joined with the shaft via a bolted flange. Similarly, the blades can be 

linked directly to the rim or attached with a ‘fir-tree' fixing (Figure 1.3). Since 

the stress at the fixing and the blade root is relevant to the maximum rim speed, 

the method of fixing the blades is a critical design feature [13,19]. 

1.2 Problem description 

The manufacturing of nickel-based superalloys turbine discs is complex, 

costly, and energy intensive. Whereas extensive efforts have been devoted to 

improving their temperature and mechanical in-service capabilities, many 

manufacturing hurdles remain unsolved. For example, a typical 5kg compressor 

disc processed conventionally via vacuum melting and cold forging requires an 

initial billet of approximately 95 kg; that is, 94% of the material is discarded along 

the process [7]. Although a comprehensive life-cycle assessment of gas turbine 

discs is lacking, an estimate can be readily obtained. In 2019, Rolls Royce 

delivered 510 large engines, and in 2020 it had a 12% share of the global 

commercial engines market [20,21]. Thus, manufacturers deliver ∼ 4250 new 

engines per year for the civil aviation sector. A modern civil turbofan like Rolls-

Royce’s Trent 800 can have up to seven turbine stages accounting for ∼ 20% of 

its total weight (6078 kg) [9,22]. The CO2 footprint associated with primary 

production of typical nickel-based superalloy forging stock is 

13 kg/kg – 18.3 kg/kg [23]. Assuming that the 94% figure quoted above applies 

to turbine discs, the CO2 footprint attached to the discarded material totals 

∼ 1.5 Mt of CO2 per year. This is equivalent to 0.15% of aviation’s yearly CO2 

emissions [24], and it excludes the CO2 footprint attached to reprocessing or 

disposing of the waste material. Since significant environmental and economic 

benefits can be gained from reducing energy consumption and waste, process 

optimisation is an urgent task. 

Superalloys for turbine discs are processed via two distinct routes: ingot 

metallurgy (I/M) and powder metallurgy (P/M). The powder metallurgy route is 
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more complex and costly, so it is typically reserved for highly alloyed (i.e. highly 

γ′ reinforced) grades where cracking and macro-segregation make conventional 

ingot metallurgy thermo-mechanical working unviable [7,9,25]. In exchange for 

higher costs, powder metallurgy alloys can increase the strength of discs by up to 

10%; this allows increasing the rotational speed of the discs, hence boosting 

efficiency [13]. Alloys processed via ingot metallurgy are commonly referred to as 

cast-and-wrought (C&W) alloys. 

Both ingot and powder metallurgy include forging steps. However, the 

forging of superalloys is particularly difficult, since they are designed to resist 

deformation up to very high temperatures [26]. Cast-and-wrought superalloys 

tend to have very narrow processing windows but can often be conventionally hot 

die forged [27]. Highly reinforced grades cannot normally be hot die forged and 

require isothermal forging. Isothermal forging significantly increases the 

processing costs, particularly when combined with powder metallurgy. 

Consequently, there is a continuing interest in researching if alloys that are 

currently isothermally forged can be hot die forged [28].  

More recently, there has been a growing interest in high γ′ content cast-

and-wrought alloys, such as René 65, Udimet 720, and Udimet 720Li [29–33].  

These alloys sit on the limit of the cast-and-wrought process capability [32] and 

bridge the gap between current ingot and powder metallurgy grades. They can be 

processed through conventional ingot metallurgy but can operate at temperatures 

higher than 650°C – the upper limit of the widely used Alloy 718 [29,30,33]. In 

this context, an ideal alloy is one which combines hot die forgeability with the 

highest γ′ volume fraction possible. However, the forging of high γ′ content cast-

and-wrought alloys is not without hitches. Udimet 720Li is difficult and expensive 

to process due to its 45% γ′ volume content [32]. Udimet 720 – a similarly 

composed alloy – has a rather limited forging window, even when forged 

isothermally [34].  
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The hot die forging of high γ′ content cast-and-wrought alloys remains 

largely unexplored. So far, the efforts to optimise thermo-mechanical processing 

routes have been primarily empirical [35]. This may be due to the complexity of 

replicating industrial hot die forging in laboratory-scale testing. Accordingly, most 

research on the hot-workability of these alloys is focused on their isothermal 

forging, mostly using processing maps [28,34,36–40]. Similarly, several studies 

have analysed the microstructural evolution of Udimet 720, Udimet720Li and 

GH4720Li during forging, but not surface and internal cracking. This is despite 

the relevance of cracking in industrial practice, where it is a major cause for 

rejecting forged parts [41].   

1.3 Thesis outline 

The aim of this research project is to study the hot die forgeability of high 

γ′ content cast-and-wrought polycrystalline nickel-based superalloys. The focus is 

on surface cracking, with the objective of elucidating the relationship between 

processing conditions, microstructural evolution, and the occurrence of surface 

cracking during hot die forging. The commercial alloy Udimet 720 is studied as a 

representative of this class of materials.  

This thesis is structured as follows: the literature review in Chapter 2 

introduces the physical metallurgy of superalloys, with particular emphasis on the 

relationship between microstructure and mechanical properties. The two main 

manufacturing routes of turbine discs are discussed, followed by a review of hot-

temperature behaviour and forgeability in superalloys. The experimental methods 

and techniques used are described in Chapter 3. Chapter 4 explores the 

microstructural evolution of Udimet 720 within a prospective hot working window 

via thermal analysis, heat treatments, and electron microscopy examinations. In 

Chapter 5, the forging of a model full-scale turbine disc is studied via finite 

element analysis to understand and estimate the evolution of the relevant thermo-

mechanical variables. Subsequently, in Chapter 6 a hypothesis is proposed on how 
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surface cracking is controlled by the dissolution and reprecipitation of the 

secondary γ′ phase. A novel thermo-mechanical testing method is proposed to 

assess hot-forgeability under different processing conditions, and an experimental 

matrix is designed for Udimet 720 based on the FEA full-scale forging simulations. 

The results of these experiments are shown and discussed in Chapter 7. The 

thermo-mechanically tested specimens are analysed in Chapter 8 via fractography, 

electron microscopy, EDX microanalysis, and crystal orientation mapping. 

Possible deformation and fracture mechanisms at play are described and linked 

to the hypothesis. In Chapter 9, full-scale forging tests on Udimet 720 and 

laboratory-scale tests on another alloy – René 65 – are used to further validate 

the hypothesis. Finally, the conclusions of this study are presented in Chapter 10, 

followed by possible future work proposals. 
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2  Literature review  

Superalloys are high temperature structural materials. They can be defined 

as metallic alloys which display excellent mechanical and environmental resistance 

at high homologous temperatures (Th = T/Tm, where Tm is the melting point). 

They show significant resistance to creep, optimal static properties (yield stress, 

ultimate tensile strength, fracture toughness), good fatigue behaviour, and 

substantial oxidation resistance [7,9]. 

In gas-turbine engines, superalloys are the material of choice in sections 

where the temperature surpasses 700°C. Up to this temperature, titanium is an 

alternative on account of its lower weight. Below 540°C, less costly high-strength, 

creep-resistant ferritic steels can be used (Figure 2.1A). In turn, superalloys are 

iron-nickel-, cobalt-, and nickel-based. Iron-nickel alloys can withstand lower 

temperatures than nickel- and cobalt-based alloys, but they are less expensive and 

have lower thermal expansion coefficients. Cobalt-based superalloys are 

sometimes used in place of nickel-based superalloys depending on the strength 

and corrosion resistance requirements. Nickel-based superalloys are suitable for 

the hottest applications as they can be used at 800–1000 °C for long periods of 

time (Figure 2.1B) [7,9,42–44]. Against this backdrop, the question of why nickel 

makes an optimal solvent for superalloys arises naturally. 
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2.1 Physical metallurgy of nickel-based superalloys 

2.1.1  Alloying elements 

Nickel is a transition metal with a face-centred cubic (FCC) structure. 

FCC crystals have four {111} non-parallel closed-packed planes with three 〈110〉 

closed-packed directions each. These account for 12 slip systems and grant FCC 

crystals with high ductility. Nickel has a rather high melting point: Tm = 1455°C. 

It preserves its FCC structure from room temperature up until its melting point, 

precluding the undesirable expansions and contractions associated to phase 

transformations. Nickel also has considerable toughness thanks to the high 

cohesive force of its outer d-electrons bonds [9]. 

However, pure nickel cannot provide the outstanding properties required 

of superalloys. Nickel-based superalloys often contain as many as fourteen alloying 

elements – mostly transition metals and significant amounts of chromium and 

aluminium. Some alloying elements reside within the γ nickel phase in solid 

 

Figure 2.1.  (A) Stress rupture strength curves (time not specified) for typical 

aerospace materials [42]. (B) Stress rupture strength (100h) for nickel-, cobalt- , 

and iron-nickel-based superalloys hardened by solid solution strengthening or 

precipitation strengthening [42,44]. 
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solution, while others promote the formation of beneficial second phases. Alloying 

elements can be broadly classified as follows [7,9]: 

 Cobalt, iron, chromium, rhenium, tungsten, and molybdenum all 

have similar radii to nickel, so they tend to reside in the γ phase. They 

stabilise γ and serve one or several purposes, such as solid solution 

strengthening (Mo, W, Co, Fe, Cr, Re) or oxidation resistance (Cr) [7,45]. 

 Aluminium, titanium, niobium, and tantalum have greater radii than 

nickel and promote the formation of ordered phases such as Ni3(Al, Ta, Ti). 

This phase is known as γ′ and is crucial to attain good mechanical properties, 

particularly at high temperatures. When in solid solution, aluminium 

provides oxidation resistance, and titanium enhances hot corrosion 

resistance [7]. 

 Carbon and boron have very different radii from nickel and tend to 

segregate to the grain boundaries of the γ phase. In certain concentrations 

they are present as monolayers covering the grain boundary, but they often 

appear as distinct carbide and boride phases. They are called ‘grain 

boundary strengtheners’ since it is believed that they inhibit grain boundary 

sliding (GBS), enhancing creep performance [9,46,47]. However, the 

mechanism behind this beneficial effect remains highly contentious [48,49].   

(a) Cr, Mo, W, Nb, Ta, and Ti promote the formation of carbides. 

(b) Cr and Mo also promote the formation of borides. 

 Zirconium, and hafnium are added due to their strengthening effects on 

grain boundaries, other than promoting the formation of carbides and 

borides [7].  

Additionally, there might be several harmful tramp elements that have 

been associated to a reduction of properties – such as sulphur, phosphorus, 
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nitrogen, silicon, lead, tellurium, selenium, and especially bismuth. These cause 

damage through various mechanisms. Some (Pb, Bi, Te) migrate to grain 

boundaries promoting grain boundary decohesion and cause significant drops in 

ductility, creep, and stress rupture. Others (N) create micro-porosity. In the case 

of bismuth, concentrations as small as 0.2 ppm can cause a 20% loss of ductility 

[7,50,51]. 

Table 2.1 shows the composition of five common superalloys: the γ′′-

strengthened Alloy 718, its improved version ATI 718Plus®, the γ′-strengthened 

cast-and-wrought alloys René 65 and Udimet 720, and RR100. The latter is a 

powder metallurgy alloy used in gas turbine discs. It is observed that there are 

significant compositional differences in γ′ promoting elements (Ti, Al, Nb) and 

those which favour its precipitation (Co). 

Table 2.1. Compositional ranges of five commercial nickel-based superalloys 

(wt. %) [9,33,52–54]. 

Alloy Cr Co Mo W Nb Al Ti 

Inconel 718 19.0 - 3.0 - 5.1 0.5 0.9 

ATI 718Plus® 18.0 9.0 2.75 1.0 5.45 1.45 0.7 

René 65 16.0 13.0 4.0 4.0 0.7 2.1 3.7 

Udimet 720 17.9 14.7 3.0 1.25 - 2.5 5.0 

RR1000 15.0 18.5 5.0 - 1.1 3.0 3.6 

Alloy Ta Fe Hf C B Zr Ni 

Inconel 718 - 18.5 - 0.04 - - Bal 

ATI 718Plus® - 10.0 - 0.020 0.006 - Bal 

René 65 - 1.0 - - 0.016 0.05 Bal 

Udimet 720 - - - 0.035 0.033 0.03 Bal 

RR1000 2.0 - 0.5 0.027 0.015 0.06 Bal 
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The chemistry of superalloys strongly affects their properties [9,55–57]. For 

example, some studies indicate that the antiphase boundary (APB) energy in γ′ 

– a crucial parameter for its strengthening effect – is very sensitive to alloy 

composition [58,59]. However, nickel-based superalloys are highly complex 

chemical systems, and there are no undisputed guidelines for chemistry selection. 

The classification above should therefore be understood as an outline of trends. 

Alloying elements interact in complex manners, making the outcome of adding or 

removing elements difficult to predict. Molybdenum partitions preferentially to 

the γ phase and strengthens the alloy by solid solution. But it also changes the 

lattice misfit and the coarsening kinetics of γ′ precipitates, impacting the 

mechanical behaviour at high temperature [60]. Figure 2.2 shows that increasing 

concentrations of molybdenum elevate the solvus temperature of the γ′ phase [61]. 

 

Figure 2.2. Influence of molybdenum, titanium, and aluminium (N.B. a/o 

stands for atomic percent) on the γ′ solvus temperature of Ni-Cr-Al systems for 

alloys with a Ni:Cr ratio of approximately 5.2 [61]. 
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2.1.2  Microstructure and phases 

The mechanical behaviour of superalloys is controlled by the distribution, 

size, and morphology of its microstructural features. In turn, the microstructure 

is determined by the alloy’s chemistry and processing path. Since the 

microstructure is key to attaining the highest properties, understanding the 

processing-microstructure-property relationship is of the utmost importance 

[7,62]. 

The microstructure of a typical nickel-based superalloy consists of up to 

four types of phases: a gamma phase (γ) matrix, gamma prime precipitates (γ′), 

carbides and borides, and topologically close-packed (TCP) intermetallic phases. 

What follows is a discussion of the structure and composition of these phases and 

how they govern the macroscopic behaviour of nickel-based superalloys. The 

defects present in each phase are discussed in Section 2.1.3, since they are crucial 

to explain the mechanical behaviour of superalloys [3]. 

 

Figure 2.3. Diagram showing the unit cells of the FCC γ and L12 γ′ phase. 
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I. The gamma phase (γ) 

In most nickel-based superalloys, the γ-phase constitutes a continuous 

matrix where other phases reside. It consists of nickel atoms and typically a 

significant amount of alloying elements in a disordered FCC structure 

(Figure 2.3). Section 2.1.1 describes the properties that make γ an ideal matrix 

for superalloys. Alloying elements can significantly shift its melting (liquidus and 

solidus) temperatures: Re, W, Ru, and Co raise it; while Al, Mo, Ta, Ti, C, and 

B depress it [9,53,59].   

II. The gamma prime phase (γ′) 

Nickel and aluminium have the same crystal structure, so mutual solid 

solubility could be expected. Conversely, the Ni-Al system shows non-FCC phases 

with significant chemical order – i.e. there is a significant degree of directional 

covalent bonding and precise stoichiometric relationships between the number of 

nickel and aluminium atoms in each unit cell. More precisely, crystal structures 

where lower energy Ni-Al rather than Ni-Ni or Al-Al bonds are preferred. Among 

these phases, the most relevant is the gamma prime (γ′) phase (Ni3Al), since it 

confers significant strength to nickel-based superalloys. 

The γ′-phase displays a primitive cubic L12 (Strukturbericht designation) 

crystal structure with Al atoms at the cube corners and Ni at the centres of the 

faces. Each Ni atom has four Al atoms as closest neighbours, and each Al atom 

is coordinated by twelve Ni atoms. Other elements can be present in the gamma 

prime phase. Co and Pt substitute Ni, Ti and Ta substitute Al, and in rare cases 

– e.g. Cr, Fe, and Mn – a mixed behaviour is observed. This behaviour depends 

strongly on their size relative to Ni and Al [9]. It has been proved that γ′ remains 

ordered up to approximately its melting point of Tm = 1375°C, although the 

stoichiometry and the presence of impurities can change these two temperatures 

[9,63,64].  
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Interface coherency and lattice misfit 

The coherency of the γ/γ′ interphase affects the properties of superalloys. 

The lattice parameters of γ and γ′ are very similar: aγ′ = 3.570 Å and 

aγ = 3.517 Å at room temperature. Consequently, γ′ precipitates often remain 

coherent with the matrix and display a distinct cube-cube orientation with low 

energy interfaces (γγ/γ′ ∼ 20 mJ / m2) along {100} planes [9,65,66].  

There is an interplay between the lattice misfit () and the size and 

morphology of γ′ precipitates. A polydisperse γ/γ′ mixture is not in its lowest 

energy state. In the absence of external stress, the system will reduce its interfacial 

area to reach equilibrium in a processed called Ostwald ripening. This normally 

happens by increasing the size of larger particles at the expense of dissolving 

smaller ones [67]. However, particle coarsening also depends on the γ/γ′ lattice 

misfit. The total energy of a coherent particle is the sum of its interfacial energy, 

the elastic energy due to the γ/γ′ misfit, and the elastic energy associated with 

interactions between particles. Precipitate coarsening implies a loss of coherency. 

Doi and Miyazaki [68] suggested that when the misfit is high, the coarsening rate 

decreases with time due to a change in the driving force from surface energy to 

elastic interaction energy. They confirmed this result by comparing large misfit 

Ni-Cu-Si alloys with low misfit Ni-Si-Al and Ni-Cr-Al alloys [9,68,69]. The shape 

of γ′ precipitates is also affected by the lattice misfit. At sufficiently high 

temperatures, small spherical precipitates grow into cubes to minimise coherency 

strains. The rate at which this happens depends on the magnitude of . In high 

misfit alloys, the morphology changes occur at smaller precipitate sizes on account 

of their higher coherency strains. Low misfit precipitates retain their spherical 

shape until they reach larger sizes [65,69,70]. 

Morphology and size 

The strengthening effect of γ′ is also crucially dependent on the size and 

distribution of the precipitates – hereafter particle size distribution (PSD) – as 
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well as their chemical composition. Polycrystalline alloys for turbine discs 

normally contain a bimodal or trimodal distribution of precipitates. Large 

precipitates of 1 to 5 μm termed primary γ′ (γ′p) reside at the grain boundaries 

of the γ phase. They are generally incoherent with the γ matrix and serve for 

pinning the grain boundaries during thermo-mechanical processing (see 

Section 2.4.2). Smaller secondary (γ′s ∼ 100 nm – 500 nm) and tertiary 

(γ′t < 50 nm) precipitates exist within the γ grains and are responsible for the 

bulk of the γ′ strengthening [69,71–75].  Figure 2.4 shows a sample of Udimet 720 

displaying all three populations of γ′. 

The PSD and phase chemistry can be engineered with heat treatments and 

by controlling the temperatures and cooling rates during thermo-mechanical 

processing [76,77]. γ′p forms at high temperature below the γ′ solvus. Once present, 

γ′p remains largely unaltered when alloys are heated below the solvus, as it is 

often the case in forging. By contrast, γ′p is absent after annealing at super-solvus 

temperatures and cooling at sufficiently rapid rates (∼ 10°C/min in Chen et al. 

[76]). γ′s and γ′t develop through multiple nucleation bursts at different 

temperatures upon cooling; they are the result of an interplay between nucleation, 

growth, and coarsening kinetics of γ′. The drop in temperature provides the 

driving force for new precipitates to nucleate from the supersaturated matrix. At 

 

Figure 2.4. Scanning electron microscope (SEM) micrographs showing a 

trimodal distribution of γ′ – primary (γ′p), secondary (γ′s), and tertiary (γ′t) – in 

Udimet 720. (A) Low magnification; (B) high magnification. 
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sufficiently slow cooling rates, γ′ forming elements have enough time to diffuse 

into the newly formed γ′s precipitates, and a bimodal (γ′p + γ′s) distribution 

results. But when the cooling rate is high, the diffusion time is cut short, and 

several supersaturation and nucleation events occur. This gives rise to a trimodal 

(γ′p + γ′s + γ′t) precipitation structure, where intragranular precipitates are 

smaller and more narrowly size distributed.  At even higher cooling rates, low γ′ 

content alloys have been reported not to form intragranular precipitates. Since 

the relative amount of γ′ forming elements in the matrix tends to change as 

cooling and reprecipitation develop, successive populations of γ′ often have 

different chemical compositions [75,76,78]. 

The morphology of γ′ precipitates also depends on the cooling rate. 

Masoumi et al. [78] studied the morphology of γ′ upon cooling from super-solvus 

temperatures in AD730TM (Figure 2.5). Their results showed that high cooling 

rates of 120°C/min resulted in spherical precipitates, whereas coarser cuboidal 

and butterfly precipitates were observed at slower cooling rates (15°C/min and 

10°C/min). This agrees with the findings of Ricks et al. [65] in a number of alloys 

during ageing. They noted that irrespective of the lattice misfit, precipitates 

 

Figure 2.5. Diagram showing SEM micrographs of AD730TM samples heated 

above the γ′ solvus and cooled down at different cooling rates [78].   
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evolved upon coarsening in the sequence: sphere, cubes, arrays of cubes, and 

finally solid-state dendrites, as shown in Figure 2.6. 

III. Other phases 

Gamma double-prime phase (γ′′): Certain nickel superalloys with significant 

amounts of niobium – such as Alloy 718 – are primarily strengthened by coherent 

precipitates of γ′′. This phase displays a body-centred tetragonal (BCT) D022 

crystal structure and a composition Ni3(Nb,Al,Ti) [7,9,79]. γ′′ precipitates are disc 

shaped and are typically coherent with high coherency strains. The large lattice 

misfit makes the formation kinetics of γ′′ much slower than γ′. The reinforcing 

effect of γ′′ is a function of the coherency and the distortion introduced by its 

tetragonal axis (c-axis), where the matrix-precipitate misfit is concentrated.  

Delta phase (δ): The transformation of γ′′ into the brittle, thermodynamically 

stable δ phase imposes an upper limit on the use of γ′′-strengthened alloys; for 

 

Figure 2.6. Schematic diagrams of the development from (1) to (7) of γ′ 

precipitates during ageing. Left: projection along ⟨111⟩; right: projection along 

⟨001⟩. Adapted from [65] 
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Alloy 718, this limit is approximately 650°C [80,81]. δ shows an orthorhombic D0a 

crystal structure and a Ni3Nb stoichiometry. It is always incoherent with the 

matrix and therefore does not strengthen the alloy, even when present in high 

quantities [9,52,81]. This phase can be beneficial for grain size refinement when 

present in small amounts at the grain boundaries [7,82]. 

Eta phase (η): η is a generally undesirable phase with a hexagonal close-packed 

(HCP) ordered D024 crystal structure. It is found in nickel-, iron-nickel-, and 

cobalt-based superalloys with high Ti/Al ratios after extended thermal exposures 

[83,84]. It exists in its stoichiometric composition, Ni3Ti. η typically appears as 

large platelets in a Widmanstätten pattern or at the grain boundaries in a cellular 

form, and it is non-coherent with the matrix [83]. Accordingly, its presence is 

generally associated to a degradation of the mechanical performance. However, 

certain alloys like ATI 718Plus® rely on carefully precipitated distributions of η 

to control the grain size and strengthen the grain boundaries [85].  

Carbides and borides: Small quantities of grain boundary elements such as C 

and B are present in the chemistry of polycrystalline superalloys on account of 

their grain-boundary strengthening properties. These additions significantly 

enhance their mechanical performance, namely their creep strength, ductility, and 

low-cycle fatigue behaviour [46,86]. The most relevant of these species are MC, 

M6C, M23C6 (Figure 2.7), M7C3, and M3B2, where M denotes one of the 

aforementioned metals. Certain carbide phases or morphologies are undesirable. 

For example, M23C6 carbides in a continuous or discontinuous-cellular (zipperlike) 

morphology are detrimental for ductility and rupture life [7].  

TCP phases: Topologically close packed (TCP) phases are undesirable phases 

that share several features. They have very high atomic packing density; large 

and complex crystallographic structures; and a degree of directional, non-metallic 

bonding. Precipitation of TCPs ensues when excessive amounts of beneficial 

elements (particularly refractory metals) such as Cr, Mo, W and Re are added in 
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excessive quantities. TCPs thereby form as extensive plates, highly coherent with 

{111} planes of γ and γ′ [49]. TCPs are known to notably undermine the 

mechanical performance of nickel-based superalloys [7,9,87,88]. This is a 

consequence of their lack of ductility, which makes them sites for crack initiation 

[89], and their tendency to remove solid-solution strengthening elements from the 

matrix [88,89]. 

2.1.3  Deformation and strengthening mechanisms 

Several deformation mechanisms have been identified in γ′ strengthened 

nickel-based superalloys. These include dislocation glide in γ, dislocation shear 

(weakly and strongly coupled) in γ′, Orowan looping, cross-slip of 

superdislocations in γ′, climb-assisted glide within the γ matrix, and twinning 

[90–94]. Normally, time-independent athermal yielding occurs from ambient 

temperature to ∼ 700°C via dislocation shear or Orowan bypassing of γ′ 

precipitates. Time-dependent creep deformation dominates at high temperatures 

(≳ 850°C) or low strain rates and is associated with climb-assisted glide [95]. At 

intermediate temperatures of ∼ 650°C – 850°C, a time-dependent, viscous 

deformation mode termed microtwinning is known to operate [93,96].  

The deformation mechanisms in highly γ′ reinforced single crystal nickel-

based superalloys have attracted significant interest (Figure 2.8) [93,97–99]. 

 

Figure 2.7. M23C6 carbides at the grain boundary of a second-generation single-

crystal superalloy [9]. 
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Research on lower γ′ content polycrystalline grades for discs is sparser, although 

several studies exist [35,97,100]. What follows is a brief review of these 

deformation mechanisms and their relationship with crystallographic defects and 

microstructural features. 

I. Dislocation glide 

Dislocation glide – or slip – is the movement of dislocations on their slip 

plane. It is the main method of deformation in the γ matrix of nickel-based 

superalloys [92,101]. Macroscopically, plastic deformation in FCC metals occurs 

by gliding of dislocations with Burgers vector a/2⟨11̅0⟩ on {111} planes. But 

micromechanically, perfect dislocations dissociate as per Eq. 2.1 into two partial 

dislocations known as Shockley partials. 

 

Figure 2.8. Deformation mechanism map for a single crystal nickel-based 

superalloy illustrating the dominant deformation mechanisms as a function of 

the stress, temperature, and strain rate [93]. 
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Partial dislocations do not displace atoms by a lattice vector. Therefore, a 

passing Shockley partial does not leave behind a perfect crystal but a local 

stacking fault. A perfect FCC lattice is equivalent to a stack of close-packed 

planes with a periodicity of three (ABCABCABC...). Two consecutive planes are 

displaced by a/6, where a is the length of the side of a unit cell. A stacking fault 

arises when the stacking sequence is altered by either removing a plane 

(ABCA[ ]CABC) or inserting an extra plane (ABCACBCABC) – see Figure 2.9. 

The former is called intrinsic stacking fault and creates locally a hexagonal close-

packed (HCP) structure (ABCACABC); the latter is called extrinsic stacking 

fault and generates two HCP planes (ABCACBCABC) separated by an FCC 

plane (ABCACBCABC) [9,102]. In the case of Shockley partials, a stacking fault 

is created by the passage of the first partial. The second partial annihilates it as 

it glides past it and restores the original crystal structure. 

 

Figure 2.9. Illustration of an intrinsic and an extrinsic stacking fault in an 

FCC lattice. The planes shown are close packed {111}. Adapted from [103]. 

Dissociation has important implications in dislocation dynamics, 

particularly at high temperatures. The dissociation of a/2⟨11̅0⟩ dislocations into 

Shockley partials is energetically favourable on account of Frank’s rule; this states 

that the elastic energy per unit length of a dislocation is directly proportional to 

the square of the magnitude of its Burgers vector [104]. The distance between two 
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Shockley partials is determined by the balance of energy between their elastic 

repulsion energy and the stacking fault energy (SFE) [105]. The repulsive elastic 

interaction energy decreases as partial spacing increases, while the SFE decreases 

with decreasing partial spacing. Thus, high stacking fault energies can reduce 

partial spacing. Nickel has an SFE of ∼ 240 mJ/m2, although it is highly 

dependent on the presence of alloying elements [9,106–109].  

II. Dislocation shear 

Dislocation glide in the γ′ precipitates is termed particle shear. γ′ deforms 

significantly differently from the γ matrix where it resides. In γ, the shortest 

lattice vectors a/2⟨11̅0⟩ reside in the closed-packed planes {111}. In the L12 

lattice, the close-packed planes are the same, but the lattice vectors are a⟨100⟩ 

and do not lie in them. Thus, it is not immediately obvious what the preferred 

slip system is: a⟨110⟩{001}, a/2⟨11̅0⟩{001}, or a⟨11̅0⟩{111}, but it is clear that 

a/2⟨11̅0⟩{111} dislocations are not perfect in γ′ [9].  

When a/2⟨11̅0⟩{111} dislocations enter γ′ precipitates, they create planar 

defects termed antiphase boundaries (APBs). APBs are generated by shearing 

one {111} plane in a perfect L12 crystal by a/2 ⟨1̅01⟩ (i.e. the vector that links Ni 

and Al atoms), as shown in Figure 2.10A [97,110]. The number of Ni-Al bonds is 

considerably lower in the vicinity of the APB, since ‘incorrect’ Ni-Ni and Al-Al 

exist. Consequently, the creation of an APB is associated with a significant energy 

penalty (γAPB ∼ 250 mJm-2  – 350 mJm-2 [111]). APBs can also lie on {110} or 

{001} planes, but these are associated with different γAPB [112–114].  

The closure vector required to restore the γ′ lattice to its perfect state is 

twice the Burgers vector of a single a/2⟨11̅0⟩ dislocation. Consequently, these 

dislocations travel in pairs in γ′: the leading dislocation creates an APB, and the 

trailing dislocation restores order (Figure 2.10B,C). Each of these dislocations is 

called superpartial, and a pair of superpartials separated by an APB constitute a 

superdislocation. Superdislocations typically reside in the same precipitate on 
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account of the high value of γAPB. This arrangement is called strong coupling and 

is observed especially when the γ′ precipitates are large. When the γ′ precipitates 

are small, superdislocations can be spaced by several faulted particles and are said 

to be weakly coupled [35,115]. 

 

Figure 2.10. (A) Schematic of the [111] projection of {111} planes in the L12 

γ′ phase structure, showing the formation of different types of planar defects in 

the γ′-phase. (B) Schematic diagram of the formation of APBs by 

a/2⟨11̅0⟩{111} dislocations gliding on γ and γ′. Adapted from [110]. 

Dislocations in the γ′-phase L12 superlattice dissociate into partial 

dislocations in the same way as a/2⟨11̅0⟩{111} dislocations do in γ. Besides, APBs 

are one of four planar defects identified in the γ′ phase – together with complex 

stacking faults (CSF), superlattice intrinsic stacking faults (SISF), and 

superlattice extrinsic stacking faults (SESFs). CSFs, SISFs, and SESFs are formed 
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by shearing {111} planes by a/6⟨11̅̅ ̅2⟩, a/3⟨2̅11⟩, and a/3⟨21̅̅ ̅1⟩ respectively 

(Figure 2.10A). Since various planar faults exist in the L12 structure, complex 

dislocation dissociations are possible; the interested reader is referred to [9,112] 

for further information on these reactions. CSFs, SISFs, and SESFs have been 

noticed to arise upon γ′ shearing by various dislocation systems in the 

intermediate temperature range (∼ 650°C to ∼ 815°C) [97]. As these faults are 

also associated with significant energies, they impart resistance to γ′ shearing and 

contribute to strengthening the alloy. 

Precipitation strengthening 

Biphasic γ/γ′ alloys show considerably higher yield strengths than γ or γ′ 

systems alone, both at room and high temperature. While solid solution 

strengthening is partially responsible for it, the γ/γ′ synergy causes most of this 

strengthening [7,91,115–117]. Precipitation strengthening is mainly ascribed to 

the formation of high energy planar defects by gliding dislocations (order 

strengthening), the coherency strain induced γ′ by precipitates (coherency 

strengthening), and a particular mechanism linked to cross-slip (Kear-Wilsdorf). 

The strengthening effect of the γ′ phase depends on its volume fraction (f) 

and PSD. Classic γ′ strengthening models are limited to unimodal distributions 

of γ′ precipitates. They are based on the well-established fact that dislocations 

glide in pairs to cut through γ′ particles and consider two cases: weak coupling 

and strong coupling. Weak coupling occurs when the volume fraction and particle 

size of γ′ is low and is normally observed in underaged samples. It denotes the 

configuration where the spacing of the two superpartials is large compared to the 

precipitates; so, fully faulted particles exist in the space between superpartials. In 

strong coupling, the spacing of superpartials is comparable to the size of γ′ 

particles, meaning that superdislocations can reside within any given particle. 

Strong coupling occurs when precipitates are large, for example in over-aged 

condition [9,115,118,119].  
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The main difference between both situations lies in the length of the 

bowing dislocations, which determines the force a precipitate of a given size can 

resist.  In turn, this is controlled by the bowing angle φ. In weak coupling, the 

leading dislocation controls the start of γ′ shearing. The dislocation is pinned by 

γ′ particles and must bow (φ < 180°) to develop a component of line tension in 

the gliding direction. Conversely, the controlling stress in strong coupling happens 

when the trailing superpartial reaches the precipitate, and φ for the leading 

dislocation is ∼ 180°. The critical resolved shear stress (CRSS) due to weakly 

paired dislocations (τwc) and strongly coupled dislocations (τsc) are given by 

Eq. 2.2 and 2.3, where b is the magnitude of the Burgers vector, r̂ is the mean 

particle radius, T̂ is the line tension (∼ ½ µ b2), w is a dimensionless constant of 

order of unity, and µ is the shear modulus. The reader is referred to [9] for a 

detailed derivation of these equations. 

The classical precipitation hardening model proves to a first approximation 

that in unimodal size distributions, optimum hardening lies at the transition 

 

Figure 2.11. Weak and strong coupling in the classical precipitation hardening 

model for γ/γ′ alloys. Adapted from [91]. 
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between weak and strong coupling. This has been confirmed by experimental 

observations. It must be noted that the precipitate size corresponding to optimum 

hardening depends on both f and γAPB. Reppich et al. [120,121] studied the 

behaviour of alloys PE16 (γAPB = 0.125 J/m2) and Nimonic 105 (γAPB = 0.110 

J/m2) following different heat treatments (Figure 2.12). The optimum precipitate 

size was 26 nm – 30 nm for PE16 and 55 nm – 85 nm for Nimonic 105. For 

Udimet 720Li, Jackson and Reed [122] found that the maximum theoretical 

critical resolved shear stress occurred at ∼ 40 nm. Collins and Stone [119] 

predicted that for RR100 in the range 600°C – 700°C, maximum yield strength 

corresponded to precipitates of 34 nm – 57 nm. 

 
Figure 2.12. Critical resolved shear stress (divided by the square root of the 

volume fraction of the particles) versus mean particle diameter for Nimonic 

PE16 and Nimonic 105. Regime 1 corresponds to weak coupling, regime 2 to 

strong coupling, and regime 3 to the Orowan mechanism. The peak strength 

occurs at the transition from weak to strong coupling [9,91]. 
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However, the actual behaviour is more complex than this simplified model. 

Galindo-Nava et al. [91] noted inaccuracies of this model for both weak and strong 

coupling, as well as the incompatibility of the weak and strong pair models in the 

transition regime, where both models should converge. They developed a new 

model for the yield stress in P/M superalloys. This model accounts for multimodal 

distributions of γ′ and reconciles the incompatible weak and strong models using 

an intermediate dislocation pair-coupling configuration. Using this model, they 

determined that tertiary γ′ size and volume fraction are the crucial parameters 

which define the yield stress (σY). It was suggested that maximum strength in 

multimodal distributions corresponds to rt = 10 nm – 15 nm and ft ≥ 10%, where 

rt is the radius and ft is the volume fraction of tertiary γ′ precipitates. Additionally, 

it was found that yield stress is only marginally higher for alloys with unimodal 

and fine γ′ sizes.  

Achieving high static yield strength via γ′ precipitation strengthening 

needs to go together with appropriate creep and fatigue strength. There is strong 

evidence linking the volume fraction of tertiary γ′ and creep behaviour 

[29,123,124]. Locq et al. [125] studied the creep behaviour of the P/M alloy NR3 

at 700°C. They concluded that fine tertiary γ′ distributions impede dislocation 

motion and confer the alloy strong resistance against creep deformation. Smaller 

γ′ precipitates are also known to result in higher dwell-time fatigue crack 

propagation (FCP) [126]. Thus, Galindo-Nava et al. suggested that besides having 

a certain amount of primary γ′ to prevent grain growth, a secondary and tertiary 

γ′ structure is desirable since it improves ductility, fatigue, and creep behaviour 

at the expense of small yield stress decrements.  

III. Orowan looping 

The Orowan mechanism (also referred to as Orowan looping or bowing) 

describes a process by which dislocations bypass rather than shear gamma prime 

particles. Orowan looping is believed not to be a prevalent deformation mode in 

nickel-based superalloys. This is attributed to the generally small size and high 
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volume fraction of the γ′ precipitates, the low γ/γ′ misfit, and the complex 

multimodal precipitation structures [35,115]. However, this contradicts the 

findings of other authors [127,128]. Preuss [35] reported that Orowan loops have 

rarely been observed in polycrystalline nickel-base superalloys, and it is widely 

thought that cutting of strongly coupled dislocations is the predominant 

deformation mechanism in coarse (< 400 nm) γ′ precipitates.  

IV. Twinning 

Deformation twinning entails the homogeneous movement of atoms in a 

crystal structure to generate a band where atoms are oriented as a mirror image 

with respect to the parent lattice [129,130]. Traditionally, deformation twins were 

assumed to arise by highly coordinated atom displacements resulting in the simple 

shear of the original lattice. This orderly mechanism is unlike the seemingly 

chaotic dynamics of dislocation glide. However, some authors [129] have 

questioned this hypothesis: it has been proposed that twins thicken by coalescence 

of embryonic twins that nucleate on twin boundaries, within grain boundaries, 

and within slip bands. This idea implies that deformation twins contain many 

stacking faults and is consistent with the fact that FCC materials with high SFE 

(like aluminium) do not normally twin [129]. 

Twinning and dislocation glide are considered the main deformation 

mechanism at low homologous temperatures, when diffusion effects are not 

significant. Many researchers believe that twinning is necessarily accompanied by 

glide [129]. In particular, twinning in FCC metals only happens after substantial 

deformation by glide. Deformation twins have also been frequently observed at 

high strain rates, following the general equivalence of high strain rates and low 

temperatures in thermally activated processes [129,131,132]. 

 In nickel-based superalloys, it is well established that microtwinning 

occurs in the ∼ 650 to 850°C temperature range [93,96]. However, there is very 

  



2 
 

limited research on deformation twinning of high temperature alloys at typical 

hot die forging temperatures (> 800°C) and strain rates (ε̇ ∼ 0.1 s–1) [94]. Pu et 

al. [133] conducted high temperature compression tests on the UNS10276 alloy; 

they found deformation twins in specimens deformed at 950°C and 1100°C at a 

strain rate of 10 s-1. Fahrmann and Suzuki [134] studied the forgeability of Udimet 

720 via Gleeble tension tests. They annealed polycrystalline samples at 1100°C 

and cooled them down at rates of 0.03°C/s (‘slow cooling’) or 30°C/s (‘fast 

cooling’) to testing temperatures of 950°C – 1100°C, prior to deformation at 

ε̇ ∼ 1 s–1. The fast-cooled samples deformed at 1010°C showed twin bands of 

thickness 10 nm – 30 nm that seemed to penetrate the γ′ precipitates. Since little 

sign of dislocation glide was observed, it was assumed that twinning was the main 

deformation mechanism in this condition. This was attributed to the presence of 

very fine γ′ precipitates (∼ 40 nm) that hindered dislocation motion and triggered 

microtwinning. The most comprehensive study of deformation twinning in hot die 

forging conditions is by Kienl et al. [94] on ATI 718Plus®. Deformation twins 

were found in all samples compression tested at temperatures of 850°C – 1025°C 

(below and above the γ′ solvus) and strain rates 0.01 s–1 – 1 s–1, as shown in 

Figure 2.13. They concluded that this was due to the low SFE of the alloy. 

 

Figure 2.13. ATI 718Plus® samples deformed at 850°C with a strain rate of 

1.0 s–1 showing: (A) deformation twinning and high dislocation density; (B) 

deformation twins on two different slip systems [94]. 
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Importantly, no difference was detected in twinning at super-solvus temperatures, 

but samples deformed below the solvus showed more propensity to twinning. This 

is consistent with Fahrmann and Suzuki’s hypothesis on the role of γ′ in 

controlling twinning in these conditions. 

V. Other mechanisms 

Dislocation cross-slip: Dislocation cross-slip in FCC metals is the process by 

which screw dislocations switch from a {111} plane to another one that contains 

the direction of their Burgers vector. Cross-slip is possible since pure screw 

dislocations, unlike edge and mixed dislocations, do not have a unique slip plane 

[135]. Cross-slip activates when dislocation pile-ups impede the motion of the 

cross-slipping dislocation on its slip plane [136,137]. 

Dislocation climb: Dislocation climb refers to the non-conservative movement 

of dislocations out of their slip plane along the γ/γ′ interfaces. It is considered a 

key mechanism in creep deformation of superalloys [138–141]. Climb involves the 

diffusion of atoms and vacancies to and away from the dislocation site to create 

small steps called jogs. Climb then develops by the generation and motion of these 

jogs along the dislocation line. As all diffusion processes, climb is highly dependent 

on the temperature and is enhanced at high temperatures [142–144].  

Grain boundary sliding: Grain boundary sliding (GBS) describes the motion 

of grains relative to each other in a polycrystalline metal. This happens at high 

homologous temperatures by plastic flow at the grain boundaries. GBS is one of 

two main deformation mechanisms controlling creep in nickel-based superalloys, 

together with dislocation glide and climb. But whereas the latter mechanism 

dominates at high temperatures and stresses, GBS is preeminent at lower stresses 

and temperatures [42].  
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2.2 Turbine disc manufacturing 

Superalloys are typically processed by three different methods: investment 

casting (I/C), ingot metallurgy (I/M), or powder metallurgy (P/M). Both I/M 

and P/M involve forging steps. I/C is used in very highly alloyed compositions to 

avoid excessive cracking during forging, and to produce directionally solidified 

and single crystal parts. Turbine discs are normally manufactured via I/M or 

P/M, whereas I/C is used to produce turbine blades [9,25,145].  

The first step of both I/M and P/M is the production of large ingots of 

material, normally via vacuum induction melting (VIM) [146]. VIM is a more 

costly route than conventional (EAF/AOD) melting, but it provides better 

control of alloying elements and significantly enhances the micro-cleanliness of 

the alloy by reducing the presence of oxides, nitrides, and tramp elements such 

as lead and bismuth [9,146].  

VIM starts by charging raw materials into a refractory crucible kept under 

vacuum. The raw materials typically include virgin, scrap, and reactive materials. 

Scrap comes from both melting and component manufacturing, while reactive 

materials include strong oxide and nitride formers (like aluminium and titanium) 

that can only be added to the melt after degassing the virgin portion. Then, 

carefully selected currents are passed through water-cooled copper coils that 

surround the crucible. This allows heating and electromagnetic stirring without 

eroding the inner surface of the crucible. Once all portions are charged and the 

appropriate chemical adjustments are made, the melt is poured into a mould 

under a partial pressure of argon. More than thirty elements can be removed or 

refined through VIM [9,146].  

As-cast VIM ingots do not yet possess suitable properties and need to go 

through several melting and thermo-mechanical working processes before they are 

ready to be forged or machined into their final shape. Once that an appropriately 
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solidified ingot is obtained, the processing route that ensues is dictated mainly by 

the chemistry of the alloy [9,25].  

2.2.1  Ingot metallurgy 

Ingot metallurgy is employed on lean alloys – like Alloy 718 and Waspaloy 

– with low levels of strengthening elements. These are commonly referred to as 

cast-and-wrought (C&W) alloys [25,32,146]. In this route (see Figure 2.14), 

secondary and tertiary meltings are carried out by vacuum arc remelting (VAR) 

and electro-slag remelting (ESR). This pursues three objectives. First, reducing 

the significant levels of macro-segregation found in as-cast VIM ingots. Secondly, 

refining the population of refractory ceramic particles originated from the 

refractory lining. Finally, suppressing the solidification pipe, cracks, and porosity 

[9]. 

In vacuum arc remelting (VAR), direct current is passed through a 

consumable electrode – a VIM/ESR casting – to the bottom of a water-cooled 

 

Figure 2.14. Schematic diagram showing the processing steps for producing 

turbine discs via ingot metallurgy [9]. 
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crucible kept under vacuum. The heat generated by the arc between the electrode 

(cathode) and the pool of molten metal on top of the solidifying ingot melts the 

surface of the electrode, transferring material as droplets onto the crucible. VAR 

processing results in ingots with improved micro-cleanliness (especially tramp 

elements, oxygen, and nitrogen), and reduced macro-segregation and defects 

[9,147]. However, VAR can introduce inclusions, freckling, and white spots [147].  

Electro-slag remelting (ESR) is similar to VAR, except that here molten 

droplets pass through a molten slag pool rather than vacuum. Additionally, an 

alternating current is used instead of direct current, and the heat source for 

melting the electrode comes from the slag. The molten material is exposed to the 

slag to allow certain chemical reactions which refine the material and reduce 

oxides and sulphur contents [7,148]. While a secondary (VAR) melting following 

VIM is enough for certain chemistries and applications, triple-melts (VIM + VAR 

+ VAR or VIM + ESR + VAR) are used for attaining the highest levels of micro-

cleanliness. In this case VAR always follows ESR, since ESR induces more defects 

in large ingots and results in greater chemical heterogeneity than VAR [9].  

Once the material has gone through secondary and tertiary meltings, a 

sound, clean billet is obtained. These billets are still not suitable as an end of the 

line material, and thermal-mechanical working is required to break-down their 

microstructure, refine the grains, and reduce the still excessive levels of 

segregation [9]. Some alloys require homogenization heat treatments before hot 

working, while in others the heat cycle during hot working is sufficient to reduce 

compositional gradients [7]. 

Among the main hot working operations are cogging, extrusion, and 

rolling; these are schematised in Figure 2.15. Rolling is used to produce bars, 

sheets, and shapes, and it is remarkably challenging for superalloys. Extrusion is 

mainly used for powder consolidation in P/M alloys [7]. Cogging is a forging 

operation that entails reducing (typically halving) the diameter and increasing 
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the length of an ingot. The result of the cogging operation is a forged billet, and 

thus the whole process is called ‘ingot to billet conversion’. 

The manufacture of gas-turbine discs normally involves cogging steps. 

Conversion by cogging consists of heating the ingot in a furnace and subsequently 

pressing it between two hydraulically driven dies. The combination of high 

deformation and high temperature triggers substantial dynamic and metadynamic 

recrystallisation, and results in a more refined microstructure. The process is then 

re-started in a series of cycles or ‘heats’ – as many as seven. They allow reducing 

the initially coarse (≥ 10 mm) and often columnar grains to smaller and equiaxed 

∼ 5 μm – 60 μm grains. The last heats are performed at temperatures below the 

solvus of the relevant grain-pinning phase to avoid grain growth [9,146,150]. 

Finally, the material is processed into its final shape via forging or ring 

rolling (see Section 2.4.2), followed by machining, a heat treatment to attain an 

appropriate distribution of reinforcing precipitates, and non-destructive 

evaluation (NDE) via ultrasonics. 

2.2.2  Powder metallurgy 

Not all nickel-based superalloys can be processed by the C&W route. 

Highly alloyed grades such as Astroloy, IN100, RR1000, and René 95 are prone 

 

Figure 2.15. Schematic diagrams showing the three major thermal-mechanical 

working processes used to break-down an as-cast ingot. Adapted from [7,149]. 
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to cracking during melt and thermal-mechanical working. This is due to their 

greater levels of segregation in ingot form of elements such as W, Mo, Nb, Ti, and 

Ta; and their higher flow stress – and thereby lower ductility – at high 

temperatures [9,146,151]. The P/M route was developed to overcome these 

difficulties and is extensively used in superalloy production [7,152,153]. 

The P/M process (Figure 2.16) starts by remelting a VIM-produced stock 

ingot. This is followed by atomisation in an inert-gas atmosphere or vacuum, 

which effectively eliminates macro-segregation by cooling rapidly 

(102 K/s – 103 K/s) the molten material into small particles (30 μm to 300 μm). 

These particles are sieved to remove large, undesired inclusions and thereby 

improve the micro-cleanliness of the alloy. Next, the powder is loaded into a can, 

degassed, sealed, and consolidated into a billet or preform via hot isostatic 

pressing (HIP), extrusion, or a combination of both.  

HIP entails heating the powders below or above the γ′ solvus and keeping 

them under a hydrostatic pressure. These conditions trigger diffusion bonding and 

yield a fully dense product (typically a billet) after several hours, in a process 

termed sintering. If sintering is performed above the γ′ solvus temperature, 

significant grain coarsening ensues [7,9,146]. One key aspect of sintering is 

avoiding pernicious prior particle boundary (PPB) precipitation [154–156]. 

Pollock and Tin [146] claimed that consolidation via hot extrusion is preferred on 

account of lessened PPB effects and the possibility of obtaining finer grains. This 

is disputed by Donachie and Donachie [7], who suggested that HIP is more 

advantageous because it allows obtaining products free of PPBs. 

The remaining steps are analogous to the I/M route: forging (except in 

direct HIP), machining, and ultrasonic inspection. Hot or hot die forging are not 

normally suitable for these highly alloyed compositions with limited ductility, so 

isothermal forging often becomes a necessity. Isothermal forging involves 

maintaining both the workpiece and dies at identical temperatures along the 
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entire forging process. The combination of high temperature, very fine grains 

(thanks to P/M processing), and slow strain rates results in certain cases in 

superplastic flow. Superplasticity allows attaining near-net shape parts while 

controlling recrystallisation and grain growth [7,9,146,157]. 

Overall, powder metallurgy has evolved into a well-established technique. 

It has proved to be advantageous in terms of input of raw materials and reduced 

number of forging and machining operations. However, it is a complex route and 

the costs associated to P/M nearly always exceed those of conventional C&W 

processing [151,158].  

 

Figure 2.16. Schematic diagram showing the processing steps for producing 

turbine discs via powder metallurgy [9]. 
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2.2.3  Bridging the gap: high γ' cast-and-wrought alloys 

In addition to the well-established I/M and P/M grades, a new class of 

‘hybrid’ alloys has attracted considerable attention recently. These are high γ′ 

content cast-and-wrought alloys, such as Udimet 720, Udimet 720Li, René 65, 

and AD730TM [29–33].  

Nearly 60 years after being patented, the cast-and-wrought Alloy 718 is 

still the most widely used nickel-based superalloy. It is extensively employed in 

turbine and compressor discs thanks to its ease and cost of manufacture, 

versatility, and remarkable properties [159–161]. However, Alloy 718 cannot 

operate at temperatures higher than 600°C – 650°C due to the coarsening of the 

γ′ and γ′′ strengthening precipitates and the formation of the deleterious δ phase 

[29,30,33]. There is hence a gap in temperature design space between Alloy 718 

and P/M grades. High γ′ content cast-and-wrought alloys aim to bridge this gap 

[29]. An ideal high γ′ content cast-and-wrought alloy combines hot die forgeability 

with the highest γ′ volume fraction possible. 

In the quest for replacing Alloy 718, two main alloys were considered: 

Waspaloy and Udimet 720. Waspaloy has a higher temperature capability but a 

low fγ′ ∼ 26% and lower yield strength than Alloy 718. By contrast, Udimet 720 

and its derivative Udimet720Li have a high fγ′ ∼ 44%, and they have been 

successfully used for three decades now.  

Efforts have also been devoted to developing new 718-type alloys. Such 

alloys would benefit from sluggish precipitation kinetics and a non-strengthening 

high-temperature phase (δ) for ease of hot working and grain refinement [162]. 

These efforts yielded positive results with ATI 718Plus®, an alloy mainly 

strengthened by γ′ precipitation. It is claimed that this alloy increases the 

temperature capability of Alloy 718 by ∼ 55°C with minimal losses in terms of 

yield strength, hot workability, weldability, and cost [163,164]. Yet Devaux et 

al. [30] argued that 718Plus cannot match the combination of cost and mechanical 
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properties combination of Udimet 720Li. 718Plus is less costly, but it behaves 

worse in creep at 700°C compared to Udimet 720Li. Another 718-type alloy is the 

newly developed VDM Alloy 780, which is claimed to increase by 100°C the 

temperature capability of Alloy 718 [162,165,166]. However, the limited number 

of studies for VDM Alloy 780 make difficult drawing a comparison between this 

grade and the aforementioned alloys.  

Udimet 720 is a high strength alloy reinforced by γ′ precipitation and solid 

solution of Mo, W, Cr, and Co [31]. It was originally intended for land-based 

turbine blades but was later used for turbine discs and second and third row 

 

Figure 2.17. For various C&W superalloys: (A) Ultimate tensile strength 

versus temperature. (B) Creep behaviour characterised by the Larson-Miller 

Parameter [30]. 
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blades. Udimet 720 is corrosion resistant and shows outstanding stress corrosion 

resistance at intermediate temperatures in sulphate/chloride environments. It is 

also a versatile grade that shows a range of properties depending on thermo-

mechanical processing, microstructural control, and grain size [31,34,167,168]. In 

fine grain form it possesses competitive strength levels and a temperature 

capability of 650°C – 700°C [29,167,169]. Although it is difficult to forge, it can 

be successfully forged via ring rolling, hot die forging, and superplastic isothermal 

forging [29,34,170].  

A low interstitial version of Udimet 720 was developed to minimise its 

propensity to form the detrimental σ phase [122,171]. This grade – termed Udimet 

720Li – also shows less tendency to TiN and TiCN inclusions [29,169]. Udimet 

720Li can be processed via the I/M and P/M routes. Some authors [172,173] have 

extended the temperature capability of Udimet720Li up to ∼ 730°C. 

René 65 is a cast-and-wrought grade for turbine disc applications that 

derives from the successful P/M alloy René 88DT. It was developed by General 

Electric and ATI Specialty Materials with the stated aim of bridging the gap 

between Alloy 718 and P/M alloys. With this in mind, they started with 

René 88DT and adapted its chemistry to enable cast-and-wrought processing. The 

result was René 65: an alloy with a fγ′ ∼ 40% and forgeable via hot die forging 

and ring-rolling [54,174]. According to Heaney et al. [33], the temperature 

capability of René 65 is ∼ 90°C higher than that of Alloy 718. René 65 is currently 

used in several General Electric engine applications [33]. 

Similarly, AD730TM is a cast-and-wrought turbine disc superalloy 

developed recently by Aubert & Duval. In this case, alloy developers were aiming 

for a more cost-effective version of Udimet 720 for aeroengine turbine discs and 

land-based turbines. Its chemistry derives from alloys Ni 30 and Ni 33 [32]. 

AD730TM has a fγ′ ∼ 37 % at 700°C, and a temperature capability that lies in the 

700°C – 750°C range [30,78,175]. Because of the novelty of this alloy, much 
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independent data are still lacking on its properties, microstructural 

characteristics, and processing route. According to Aubert & Duval, AD730TM 

shows a tensile strength, fatigue resistance, and creep strength comparable to 

Udimet 720 [175,176]. Devaux et al. [30] reported that AD730TM can be 

successfully forged via conventional ring-rolling and closed-die forging. Moreover, 

they found that the alloy can be forged both above and below its γ′ solvus, 

contrary to Waspaloy and Udimet 720. They suggested that this is advantageous 

since super-solvus forging can be used to break up the as-cast structure, followed 

by sub-solvus forging for grain refinement. However, recent work on hot-forging 

of AD730TM by Konkova et al. [176] and Pérez et al. [177] found bimodal 

distributions of recrystallised grains and large non-recrystallised grains, 

particularly at lower strains. These duplex microstructures are avoided in forging 

because they have been linked to a decrease in fatigue life [178–180].    

2.3 Hot deformation behaviour of metallic materials  

Hot working is ubiquitous in metal processing. It refers to operations where 

metallic workpieces are deformed at high homologous temperatures (typically 

Th ∼ 0.7 – 0.8) to change their shape, microstructure, or properties. It is 

sometimes referred to as ‘hot forming’ [181–183]. Hot working normally offers 

several advantages over cold working: higher ductility, lower flow stress, reduced 

chemical heterogeneity, and a positive effect in closing internal voids. However, 

this is only a broad principle, and many materials require a careful selection of 

optimal deformation temperatures and strain rates [184]. Superalloys cannot 

normally be cold forged, so they are formed at high temperatures [7].  

The coupled micro- and macro-mechanisms that govern hot working are 

highly complex. At a microstructural level, hot working entails changes in 

dislocation structures, phase transformations, and annealing phenomena 

(recovery, recrystallisation, and grain growth). In turn, these affect the 

mechanical properties of the material [185]. What follows is a concise review of 



2 
 

the metallurgical phenomena relevant to hot working. Hot working operations as 

such are discussed in Section 2.4. 

2.3.1  Deformation and fracture mechanisms 

High temperature deformation can progress through different mechanisms 

to those dominant at low temperatures. Dislocation glide often remains a primary 

deformation mode, but it can be accompanied by thermally activated creep modes 

such as diffusional flow, dislocation climb and glide, and grain-boundary sliding 

(GBS). Among these, Dieter et al. [184] sustained that GBS plays a preeminent 

role at hot working temperatures, especially at slow strain rates. An analysis of 

the main high temperature deformation mechanisms for nickel-based superalloys 

is presented in Section 2.1.3. 

 

Figure 2.18. Classification of fracture mechanisms according to temperature 

and brittle – ductile nature. Upper row: low temperature modes where plastic 

flow does not depend strongly on temperature or time. Lower row: high 

temperature (T ≥ 0.3 Tm) modes [186]. 
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Similarly, specific fracture mechanisms arise at high temperatures. Ductile 

fracture at low temperatures is frequently transgranular and associated to 

nucleation, growth, and coalescence of voids (see Figure 2.18). Nucleation occurs 

due to stress concentrations that result from the interaction between the yielding 

matrix and non-deformable second-phase particles [187–189]. These voids grow in 

regions with large triaxial stresses, and their eventual coalescence results in 

transgranular fracture [189]. Conversely, fracture at high temperature is often 

intergranular. This is attributed to the higher atomic mobility at grain boundaries 

outweighing the dislocation-barrier strengthening effect that dominates at low 

temperatures. Thus, once a crack nucleates it readily propagates through the 

weakened grain boundary [190]. The concept of ‘equicohesive temperature’ (ECT) 

was coined to differentiate both modes of fracture. The ECT is defined as the 

temperature at which grains and grain boundaries have equal strengths [191].  

In addition, at high temperature there exists an extra mechanism for 

nucleating voids. It occurs when the temperature and strain regime are such that 

GBS is active but not accompanied by other stress-relieving or strain 

accommodation mechanisms. Then, wedge-shape cracks nucleate at grain 

boundaries causing a low-ductility fracture mode (see Figure 2.18) [187,192,193].  

2.3.2  Annealing phenomena 

Annealing phenomena refer to processes by which metallic materials 

rebuild their microstructure following deformation. Deformation creates defects 

that raise the free energy of the material and destabilise its thermodynamic 

equilibrium. Given sufficient thermal activation, the material will restore 

equilibrium via three main mechanisms: recrystallisation, recovery, and grain 

growth [194,195]. 

Recrystallisation involves the nucleation and growth of new, strain-free 

grains in a deformed microstructure. It is triggered by the combination of high 



2 
 

temperature and elevated dislocation density in strained grains [184]. Hot working 

is so closely linked to recrystallisation that some authors have defined it as ‘plastic 

deformation operations conducted above the recrystallisation temperature’ 

[196,197]. 

Dieter et al. [184] claimed that dynamic recrystallisation (DRX) is common 

at industrial metal-forming strain rates (≥ 1 s–1). This agrees with recent studies 

by Buckingham et al. [198] on the newly developed P/M alloy V207M, Wang et 

al. [199] on Alloy 718 , and Kienl et al. [200] on ATI 718Plus®. In addition, it is 

believed that dynamic recrystallisation acts as an accommodation mechanism in 

superplastic deformation. If that is the case, recrystallisation happens at strain 

rates as low as 10–3 s–1 – 10–5 s–1, on the boundary of creep conditions [201]. Recent 

research by Medeiros et al. [202] on Alloy 718 provided evidence that supports 

this assumption. Although DRX is normally recognised as a main restoration 

mechanism, it often competes with dynamic recovery (DRV). The question of 

which mechanism dominates in hot working conditions for nickel-based 

superalloys remains open, with data pointing in both directions [203,204]. It is 

thought that the strain, strain rate, and deformation temperature determine the 

dominant mechanism [198].  

By contrast, Hosford [193] suggested that while typical hot working 

temperatures are above the recrystallisation temperature, hot working is often 

performed at too high a strain rate to allow for recrystallisation to occur during 

deformation. Consequently, recrystallisation ensues after deformation while the 

material is still at high temperature. A distinction is then made between dynamic 

(DRX), metadynamic (MDRX) and static (SRX) recrystallisation, on account of 

its occurrence simultaneously with, following, or without deformation [7].  

Recovery implies a reduction of grain-stored energy by removal or 

rearrangement of crystallographic defects – particularly dislocations. This includes 

the annihilation of dislocations because of favoured dislocation climb, cross-slip, 
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and unpinning; and the formation of dislocation sub-cell structures (sub-grains) 

that act as sinks of mobile dislocations. Equivalently to recrystallisation, recovery 

is further classified as dynamic (DRV), metadynamic (MDRV), and static-

recovery (SRV) [184,205]. 

Grain growth refers to the growth of strain-free grains following 

recrystallisation. In this case, the driving force is reducing the total grain 

boundary area. The kinetics of grain growth are dependent on the temperature 

and the presence of second phase particles. Grain growth advances more rapidly 

as the temperature increases. Conversely, second phase particles act as obstacles 

that retard the movement of grain boundaries – a phenomenon termed Zener 

pinning [206,207]. For nickel-based superalloys, intergranular primary γ′ 

precipitates are known to have a grain pinning effect that prevents γ grain growth 

at sub-solvus temperatures [9,208].  

Both recovery and recrystallisation oppose the rise in dislocation density 

upon deformation (strain hardening). Yet the stress relaxation associated to each 

 

Figure 2.19. Model stress-strain curves for a metal undergoing dynamic 

recrystallisation (DRX) and dynamic recovery (DRV). Adapted from [184,209]. 
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process manifests in a different manner. This is shown in Figure 2.19: the flow 

stress in a metal undergoing DRV increases until a steady state is reached, 

whereas DRX is associated to a peak in flow stress and a subsequent steep drop 

once recrystallisation starts.  

Recovery and especially recrystallisation also play a crucial role in facture. 

DRV increases ductility by reducing the flow stress and delaying cavity nucleation 

and growth. DRX is associated to various favourable processes. First, it prevents 

void nucleation thereby making possible fracture by rupture (see Figure 2.18). 

Gandhi and Ashby [210] defined rupture as a mode defined by such great ductility 

(reduction in area > 90%) that the specimen necks to zero cross-section. DRX is 

also beneficial for GBS wedge-cracking because grain boundary migration hinders 

void coalescence. This sometimes happens in synergy with diffusional void-

shrinkage, which has been detected under certain stress states [211]. 

2.4 Forgeability of metallic materials 

Forming operations can be divided in two categories: bulk working and 

sheet forming. Sheet forming entails large changes in the shape of a workpiece 

while preserving its thickness. Bulk forming processes cause significant changes in 

the cross-sectional area of a workpiece and, optionally, in its shape. In turn, bulk 

forming processes are divided in primary and secondary operations. Primary 

operations refer to fabricating mill products – like sheets, tubes, or bars. 

Secondary operations turn mill products into final products and include cold and 

hot forging, rolling, extrusion, and others. So, forging is only one of numerous 

forming processes – although arguably the most relevant one. The analysis that 

follows is focused on forging, but most concepts and considerations can be readily 

applied to other wrought processes. 

In a broad sense, workability refers to the ease with which a material can 

be plastically deformed into various shapes. When the stock material is deformed 
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via localised compressive forces, this property is called forgeability [184]. 

Nevertheless, forming operations should not be designed in isolation but as part 

of a multi-step thermal-mechanical processing route. Nielsen et al. then defined 

workability as the extent to which a material can be deformed in a specific metal 

working process without creating undesirable defects [212]. A more comprehensive 

definition was provided by Scallan [213]: “formability refers the ease with which 

a material can be formed while satisfying quality requirements”. In this sense, 

forging aims to attain not only a prescribed shape but also a certain 

microstructure that provides desirable properties [7]. 

Workability (hereafter forgeability) is a complex property that depends on 

both the material’s properties and the process parameters. Typical forging 

parameters include the initial temperature of the billet; the ram speed; and the 

initial temperature, geometry, and material of the dies. The forging parameters 

and the microstructural state determine the deformation variables (temperatures, 

strains, and strain rates) on the billet. To add complexity, the microstructure 

evolves dynamically depending on the deformation variables. Other aspects like 

lubrication, friction, wear, thermal expansion, and the effect of the oxide film also 

 

Figure 2.20. Summary of the physical phenomena relevant to hot working 

operations in metallic materials. Adapted from [184]. 
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play a key role [184]. Figure 2.20 provides an overview of the main variables 

relevant to hot working.  

All things considered, forgeability can be expressed as Eq. 2.4, where the 

ductility of the material depends on the initial microstructure, local temperature, 

and local strain rates. Similarly, the local state of stresses and strains are dictated 

by the geometry of the dies and the friction between these and the workpiece. 

Although several forgeability ratings for materials have been developed 

with a view to objectivity, these remain somehow subjective [7]. Even so, it is 

clear that the flow stress and plastic strain until failure (ductility) of a material 

are strong indicators of its forgeability. 

2.4.1  Processing maps 

Maps based on the dominant deformation mechanisms and fracture modes 

at different temperatures and strain rates are commonly used for studying 

forgeability [214–217]. Figure 2.21 shows a processing map for Udimet 720Li at 

ε = 0.8 developed by Wan et al. [217]. In this map, two safe forging domains 

(domain A) are identified. The first one exists at temperatures and strain rates of 

1080°C – 1100°C and 0.01 s–1 – 0.3 s–1; the second one at 1140°C – 1160°C and  

0.01 s–1 – 0.1 s–1. These correspond to homogeneous, fully recrystallised 

microstructures without defect. Domain B is an instability domain in the 

temperature range of 1140°C – 1180°C and strain rate range of 1 s–1 – 10 s–1 linked 

to intergranular cracking and incomplete recrystallisation. Domain C is unstable 

due to the formation of adiabatic shear bands and occurs at temperatures of 

1060°C – 1100 °C and strain rates of 1 s–1 – 10 s–1.  

 

Forgeability = f1 (material ductility) ∙ f2 (stress–strain states) =      

= f1 (T, ε̇, material conditions) ∙ f2 (die geometry, friction) 

2.4 
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A model termed dynamic material modelling (DMM) is frequently used to 

obtain processing maps [218–220]. In this model, the material is assumed to act 

as a power dissipator that follows the dynamic constitutive equation 2.5. In 

Eq. 2.5, σ is the stress and ε̇ is the strain rate. The efficiency is given by Eq. 2.7, 

where m is the strain rate sensitivity that partitions power per unit volume 

entering the system (P) into two terms: G and J (Eq. 2.7). The G-term comprises 

power dissipated by plastic work – mostly as heat but also as lattice defects. The 

J-term is associated to several dynamic metallurgical processes such as dynamic 

recrystallisation, dynamic recovery, internal fracture, or deformation-induced 

phase transformations.  

 

Figure 2.21. Processing map for alloy Udimet 720Li at ε = 0.8 and 

micrographs corresponding to the different deformation domains [217]. The 

black lines are isoefficiency (η) contours, while the shaded areas are regions of 

unstable flow. 

σ = ε̇m    2.5 
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Since the material flow is maximum where most power is dissipated via 

safe dynamic metallurgical processes (such as. DRV and DRX), optimal forging 

conditions are those with the highest J [184,219,221]. Therefore, optimal strain 

rates and temperatures can be determined by plotting η(T,ε̇) contour maps and 

identifying the dominant mechanism for each domain (peak) via microstructural 

examination [221]. 

Instability domains are associated to undesirable plastic instabilities such 

as fracture, grain boundary cavitation, flow localisation, and flow instabilities. 

Flow localisation describes the process whereby deformation is confined to narrow 

areas of the workpiece. This creates inhomogeneity that can lead to failure in 

service. If flow localisation is severe, it can even cause cracking during hot working 

[184]. There are two main modes of flow localisation. The first mode is due to 

poor lubrication or cooling at the tool-workpiece interface; it manifests as dead 

zones with little or no deformations along with bands of intense shearing [184].  

The second flow localisation mode is termed flow instability; it is more 

severe and often leads to fracture. Flow instabilities result from negative strain 

hardening due to microstructural phenomena (flow softening). Such 

microstructural phenomena include DRV, DRX, grain coarsening, texture 

softening, deformation heating, and others [222]. Adiabatic shear bands are 

especially strong flow localisations associated to deformation heating. They arise 

at high strain rates due to high conversions of power into heat (∼ 90%). If not 

dissipated at a sufficient rate, this heat causes flow softening – which in turn 

triggers further deformation. This way, deformation and adiabatic heating grow 

in an unstable manner  [184,222]. An instability parameter called ξ similar to the 

power dissipation efficiency (η) is derived from irreversible thermodynamics and 

used to identify flow instability regions (Eq. 2.8). 

P = G + J 2.6 

  η = J / Jmax = 2 m/ (m + 1)  2.7 
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The identification of unstable domains is then straightforward: a 

temperature and strain rate dyad is unstable if and only if ξ < 0. This allows 

plotting flow instability maps similar to the power dissipation contour maps. Flow 

instability and power dissipation maps are typically presented superimposed in a 

single processing map, as in Figure 2.21. This way, restricted domains can be 

found within the safe (stable) area where material flow is maximum. These 

domains constitute the optimum forging conditions [217,220,223]. 

Despite their popularity, processing maps are based in models made for 

pure metals and simple alloys and have limited application for more intricate 

microstructures. Besides, the domains distribution is quite sensitive to the 

microstructural state and the thermo-mechanical history of the alloy [184]. Hence, 

processing maps have been used extensively to study isothermal deformation [214–

216,223,224]; yet they are not readily adaptable to processes like hot forging where 

the workpiece undergoes complex thermal cycles. For example, processing maps 

cannot account for thermal transfer (die chilling) effects, or the dynamic evolution 

of γ′ precipitates in nickel-based superalloys – both of which have been shown to 

be relevant to the hot forging of these alloys [27,134,225]. 

2.4.2  Forgeability of nickel-based superalloys 

Superalloys are designed to resist deformation up to very high 

temperatures, so they are intrinsically difficult to hot work [26]. Early iron-nickel 

based superalloys were not excessively difficult to forge, but the advent of nickel-

based precipitation strengthened alloys brought new challenges. This is due of the 

hardening effect of γ′, but also to the shrinking hot working window. Increasing 

the amount of alloying elements elevates the recrystallisation temperature and 

reduces the incipient melting temperature, thereby reducing forgeability [7]. 

ξ =  
∂  ln [m / (m + 1)]

∂  ln ε̇
 2.8 
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Due to their narrow hot working window, the forging of superalloys 

requires a tight control of the processing parameters, especially temperature and 

strain rate. When the hot working window is particularly limited (e.g. Astroloy, 

U-500, René 41) cracking constitutes a major problem. The microstructure of the 

material – particularly its micro-cleanliness and chemical homogeneity – is also 

crucial [7]. Powder-metallurgy alloys in ingot form are a prime example of hard-

to-work alloys due to segregation [9]. The hot working window of nickel 

superalloys may lie below, above, or contain the γ′ solvus temperature. 

Ingot metallurgy (C&W) alloys are often hot die forged in a variety of 

open and closed die operations, depending on the shape and tolerance required. 

These include die forging, upsetting, ring rolling, extrusion, forge rolling and 

swaging [1]. The typical forging process of a turbine disc includes two forging 

steps, as shown in Figure 2.22.  

 

Figure 2.22. Schematic diagram of the typical two-step hot forging process of 

turbine discs. Adapted from [226]. 
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I/M grades are typically forged below their γ′ solvus temperature. This 

prevents undesirable grain-growth, since primary γ′ particles inhibit grain 

boundary motion through Zener pinning [9,28,227]. Carbides, borides, and oxides 

have been reported to act in a similar manner, particularly when forging at super-

solvus temperatures [208,228]. However, not all cast-and-wrought alloys are forged 

below the γ′ solvus. Waspaloy is a difficult to work alloy normally forged over the 

narrow window of 1000°C – 1100°C. Below 1000°C, the flow stress increases 

significantly, and deformation tends to be inhomogeneous, often resulting in 

cracking. Above 1100°C, it becomes prone to cracking and hot shortness [150]. Its 

γ′ solvus temperature is ∼ 1040°C – 1050°C, and its M23C6 carbide solvus 

temperature is ∼ 1060°C – 1080°C [150,229]. Therefore, Waspaloy does not really 

have a fine-grain hot working window [30,230]. 

Highly reinforced grades cannot normally be hot die forged [7,9]. Instead, 

they require isothermal forging (not necessarily superplastic) to avoid die chilling 

and adiabatic heating [27,231,232]. Die chilling lowers the temperature of the 

forging below the relevant solvus, and the precipitation of reinforcing phases that 

follows reduces workability and favours cracking. Similarly, adiabatic  heating 

can cause melting at the grain boundaries, where low-melting-point phases are 

sometimes present [27].  

The isothermal forging of finely grained materials at slow strain rates and 

elevated temperatures can result in superplastic behaviour. Superplastic flow is 

defined as the ability of a (polycrystalline) material to exhibit extraordinarily 

large elongations – commonly up to 200% – 500% and in some cases up to 5500% 

– before failure. The best understood mechanism of superplasticity is fine 

structure superplasticity (FSS), where deformation takes place by grain boundary 

sliding. FSS is assumed to occur by the motion of extrinsic dislocations along the 

grain boundary. Wedge-cracking is avoided thanks to accommodation 

mechanisms like grain boundary migration, DRX, dislocation movement, or 

diffusional flow. These relieve the stress associated to dislocation pile-ups and 
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prevent extensive cavity growth [201]. Superplastic flow allows attaining large 

strains without cracking or (ideally) substantial generation of dislocations [28]. It 

also provides a better control of recrystallisation and grain growth, preventing 

the undesirable microstructural differences that sometimes arise in cold die forging 

[9,181]. Finally, isothermal superplastic forging allows obtaining parts with a 

geometry very close to the ‘sonic shape’ required by ultrasonic testing, creating 

significant material savings [9]. 

According to Blankenship et al. [28], P/M grades for gas turbine 

applications are isothermally forged at temperatures slightly below their γ′ solvus. 

This agrees with Higashi and Kanno’s [233] study of Udimet 720Li in P/M form, 

where significant grain growth was observed at 1180°C (above the γ′ solvus) and 

optimum isothermal hot workability at ∼ 1100°C (sub-solvus). They concluded 

that hot workability was optimum at 1100°C due to the occurrence of superplastic 

flow, whereas the coarse grains at 1180°C prevented it. Similarly, Hardy et al. 

[29] noted that extremely fine grains are required for superplasticity. Following 

forging, super-solvus heat treatments are used to increase the grain size to 

20 µm – 40 µm and thus optimise high-temperature properties [29]. The lower 

forging temperature limit is normally related to flow localisation [34,234], the 

onset of cracking due to concentration of dislocations [28,41], or prior particle 

boundary (PPB) cracking [234].  

Isothermal forging significantly increases the processing costs, particularly 

when combined with powder metallurgy. Consequently, there has been a 

continuous interest in researching if alloys that are currently isothermally forged 

can be hot die forged. In hot die forging, the temperature of the die is lower than 

that of the workpiece (540°C – 830°C [181], ∼ 600°C [28]) but still much higher 

than the temperatures used in conventional forging (205°C – 425°C [235], ∼ 315°C 

[181]). Blankenship et al. [28] investigated the hot die forging of René 88DT, a 

P/M alloy. They achieved acceptable grain structures under certain conditions, 

but die filling issues and cracking persisted. To date, published research on hot 
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die forging of P/M is very sparse. Furthermore, the optimisation of thermo-

mechanical processing routes and the resulting material properties still relies 

heavily on empirical trial and error approaches [35,236].  

2.4.3  Forgeability of high γ' cast-and-wrought alloys 

The forgeability of high γ' cast-and-wrought alloys has received little 

attention. Some research has been conducted on the isothermal deformation of 

Udimet 720 [31,34,237] and its variant Udimet 720Li [36,217,238,239], both of 

which can be processed via the P/M route [240]. Similar studies exist for René 65 

[54], AD730TM [30], VDM Alloy 780 [165], and GH4720Li [37,241,242] – a newly 

developed grade derived from Udimet 720. Research work on their hot die 

forgeability is even more sparse [54,134,176,177]. 

Monajati et al. [34] studied the isothermal deformation of Udimet 720 in 

the temperature range 1000°C – 1175°C, to strains of ε = 0.8, and at strain rates 

of 10–3 s–1 – 1 s–1. They reported limited DRX below 1150°C, with a recrystallised 

fraction below 10% at 1125°C that increased to more than 90% at 1150°C (see 

Figure 2.23). It was suggested that recrystallisation was inhibited by γ' at 

temperatures below 1125°C. This was supported by the observation of 

recrystallisation in regions free from precipitation. In addition, recrystallised 

grains were observed in heavily deformed areas of the specimens deformed at 

1000°C and 1050°C. These existed at the grain boundaries of elongated grains and 

were attributed to the dissolution of γ' locally due to adiabatic heating. 

Homogeneous deformation happened at 1150°C, whereas shear bands were 

observed below 1150°C and grain boundary separation above 1150°C. They thus 

concluded that the hot working window for Udimet 720 lies in the 

1100°C – 1150°C temperature range. This agrees with the results of Sczerzenie 

and Maurer [31] who found the most ideal superplastic behaviour at 1121°C linked 

to the presence of γ' only as primaries. For Udimet 720 in P/M form, Hyzak et 

al. [237] reported cracking at PPBs when deforming isothermally at low 
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temperatures and high strain rates (1050°C and 3.0 min–1) and at large grain 

boundaries at high temperatures and slow strain rates (1140°C and 0.006 min–1). 

The findings of Wan et al. [217] on the isothermal forging of Udimet 720Li 

(see Figure 2.21) are discussed in Section 2.4.1. Similarly, Wang et al. [36] studied 

this alloy using processing maps and isothermal uniaxial compression tests at 

temperatures of 1060°C – 1160°C, strain rates of 10–3 s–1 – 20 s–1, and to strains of 

0.1 – 0.7. They noted the existence of two instability domains at ε = 0.5 (domains 

I and II) and three at ε = 0.7 (domains I, II, and III).  Domain I corresponded to 

 

Figure 2.23. Micrographs of Udimet 720 deformed isothermally at 1100°C, 

1125°C, or 1150°C and strain rates of 0.001 s–1, 0.01 s–1, 0.1 s–1 , or 1 s–1 to a 

strain of ε = 0.8 [34]. 
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strain rates of 0.007 s–1 – 0.7 s–1 and temperatures of 1060°C – 1075°C; shear bands 

were detected in this domain. Domain II existed at strain rates of 1.34 – 20 s–1 

and temperatures of 1105°C – 1160°C  and was characterised by incomplete and 

heterogeneous DRX. Domain III corresponded to strain rates of 1 s–1 – 20 s–1 and 

temperatures of 1060°C – 1095℃ and was linked to the development of shear 

bands. In Domain I and III, they found incomplete DRX at the grain boundaries 

in heavily deformed shear band regions. This is in agreement with Monajati et al. 

[34] and was attributed to the dissolution of primary γ' due to adiabatic heating. 

Additionally, two full recrystallisation regions were identified: one at 

temperatures of 1080°C – 1120°C and strain rates of 0.001 s–1 – 1 s–1, and the 

second one in the temperature range 1120°C – 1160°C and strain rate range 

0.01 s–1 – 1 s–1. These are similar to the optimum hot working conditions reported 

by Wan et al. [217]. By contrast, the similarly composed alloy GH4720Li showed 

significantly different regions in the studies of Qu et al. [241] and Yu et al. [37]. 

 For René 65, Bond et al. [54] conducted isothermal rapid strain rate tensile 

tests and noted that the reduction of area (RA) increased in the ∼ 900°C – 1025°C 

temperature range. The RA then plateaued at 100% until 1150°C, but grain 

coarsening to a duplex structure was detected at temperatures above 1085°C. 

Therefore, its optimum isothermal forging temperature lies in the 

1025°C – 1085°C range. The forging of AD730TM and VDM Alloy 780 is not 

reviewed here, since these alloys are not considered in this research project. The 

interested reader is referred to [30,165,176,177] for data on these grades. 

Fahrmann and Suzuki [134] conducted an insightful study on the hot die 

forgeability of Udimet 720 billet stock. They measured the tensile RA at 

temperatures in the range of 950°C – 1110°C. To simulate ingot to billet press 

forging, they prior to deformation annealed the specimens for 5 minutes at 1110°C 

and cooled them at 30°C/s (fast cooling) or 0.03°C/s (slow cooling) to the 

deformation temperature. Their results revealed a steep loss of ductility on the 

rapidly cooled specimens below 1050°C, whereas slowly cooled specimens 
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preserved significant ductility (Figure 2.24). Microstructural examinations 

revealed that high cooling rates from annealing temperatures resulted in the 

precipitation of copious amounts of very fine γ' (∼ 40 nm). It was rationalised 

that this changed the dominant deformation mechanism from <110> {111} 

dislocation gliding to microtwinning, dramatically decreasing the tensile ductility.  

Sczerzenie and Maurer [31] researched the hot die forgeability of Udimet 

720 by similar means (Figure 2.25). They preheated specimens to temperatures 

∼ 975°C – 1150°C for 10 minutes and cooled them to 982°C followed by tensile 

testing at a strain rate of 5 cm/s. They found that ductility decreased 

monotonically in the 1050°C – 1150°C range, with superior forgeability 

 

Figure 2.24. For Udimet 720: (A) RA as a function of the test temperature 

for samples annealed at 1110°C and cooled at 30°C/s or 0.03°C/s to the test 

temperature. (B) RA as a function of the cooling rate from 1110°C to the 

deformation temperature of 1010°C. Also shown are SEM and transmission 

electron microscopy (TEM) micrographs of specimens in the slow and fast 

cooling conditions showing differently sized γ' populations. Adapted from [134]. 
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(RA = 80%) at 1050°C and poor ductility (RA < 30%) at temperatures of 1100°C 

and above [31,184]. Conversely, yield strength increased at higher preheating 

temperature. The authors postulated that this was due to the solution of greater 

amounts of γ' at higher preheating temperatures. This caused grain coarsening 

and the precipitation of fine γ' on cooling, decreasing ductility and increasing 

strength.  

Bond et al. [54] reported similar results on René 65. They obtained the 

rapid deformation RA for 254 mm billets at temperatures of 900°C – 1150°C. To 

simulate cooling from furnace temperature, the specimens were preheated to 

1093°C, 1066°C, or 1038°C and cooled down to room temperature, prior to 

reheating to the test temperature and deformation. The ductility of specimens 

decreased as the preheating temperature increased. The authors attributed this 

to the dissolution of γ' and its subsequent reprecipitation as fine particles. 

 

Figure 2.25. For Udimet 720 samples preheated at the x-axis temperature for 

10 minutes, cooled to 982°C, then pulled at 5 cm/s: yield strength (left axis, 

black dots) and RA (right axis, white dots) versus preheat temperature [31]. 
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The results of Fahrmann and Suzuki [134], Sczerzenie and Maurer [31], 

and Bond et al. [54] indicate that the ductility of these alloys is substantially 

affected when specimens are annealed and subsequently cooled down to a lower 

testing temperature. This has important implications for their hot forgeability 

and hints that die chilling effects could be significant. Yet many questions remain 

open. Only Fahrmann and Suzuki related their mechanical testing results with 

electron microscopy (EM) micrographs. A comprehensive study of the interplay 

between processing conditions, microstructural evolution, and forgeability is still 

lacking. Besides, simulating forging through laboratory-scale tests requires careful 

experimental design. Fahrmann and Suzuki [134] and Sczerzenie and Maurer [31] 

used short annealing times and relatively high deformation temperatures. Bond 

et al. [54] used air cooling to room temperature followed by reheating and 

deformation. It remains unknown if these parameters are good representatives of 

full-scale forgings. This research project aims to answer some of these questions.  

2.4.4  Surface cracking 

The appearance of surface cracks in the working of metallic materials is 

acknowledged as a problem of technological and scientific significance 

[184,243,244]. This extends to the hot forging of nickel-based superalloys 

[7,41,150]. Hard to work alloys often present fracture-related problems. Fracture 

in bulk metal working can occur on free surfaces, on die contact surfaces, or 

internally. Internal fracture can develop by the mechanisms described in 

Section 2.3.1. Free surface cracking refers to fracture on surfaces that are 

expanding freely due to compressive loads. Surface cracking on exposed surfaces 

during upsetting falls into this category.  It is caused by tensile stresses termed 

secondary because they are not applied directly by the die [184,245]. By contrast, 

die contact surface cracking happens on surfaces directly in contact with the dies. 

It is a common defect that often appears near the corner of the dies, where there 

is a combination of shear deformation and tensile stress or low hydrostatic 
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pressure. Die contact surface cracks do not normally extend inside the workpiece, 

yet they can result in excessive machining depths [184].  

Surface cracking in nickel-based superalloys remains largely unexplored. 

Recently, G. He et al. [41] investigated forging cracking in a bespoke P/M hot-

extrusion nickel-based superalloy. They conducted isothermal compression tests 

at temperatures of 1000°C – 1100°C, strain rates of 10–3 s–1 – 1 s–1, and to strains 

of 0.1 – 0.7. They successfully replicated surface cracking in laboratory-scale tests 

(Figure 2.26). The severity of cracking decreased with increasing temperatures, 

which was ascribed to intensified dislocation annihilation and the concomitant 

decrease in flow stress. It was found that a critical strain existed for each 

temperature and strain rate dyad, such that cracks emerged only when the strain 

exceeded it. However, this critical strain was lower than 0.4 for all conditions – a 

fairly low value. Indeed, all samples deformed at ε = 0.7 (Figure 2.26) showed 

significant cracking.  

To the knowledge of the author, no published work on surface cracking of 

high γ' cast-and-wrought alloys exists to date. However, there exists limited 

evidence from Otto Fuchs KG – a collaborator to this project – that the hot die 

 

Figure 2.26. Specimens of the bespoke P/M alloy in G. He et al. [41] deformed 

isothermally to a true strain of 0.7 at various deformation temperatures and 

strain rates. All specimens show significant free surface cracking.  
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forging of Udimet 720 pancakes can result in surface cracking. This research 

project aims to elucidate this phenomenon. 
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3  Experimental  methods  

3.1 Materials 

The main alloy used in this research project was Udimet 720; all 

investigations in Chapters 4 – 8 pertain to this material. The chemical 

composition of Udimet 720 is provided in Table 3.1. 

Udimet 720 material was made available by Otto Fuchs KG in the form 

of three as-forged pancakes. A round billet of diameter ∼ 120 mm and height  

∼ 95 mm was upset (3:1) to produce a first pancake of height ∼ 32 mm. Samples 

were cut from this pancake for thermal analysis, heat treatments, and 

microstructural analysis via electron microscopy (EM). The outermost and 

innermost regions were avoided as macroetching revealed that inhomogeneous 

deformation occurred in these areas. Two other pancakes were processed in the 

same manner to obtain thermo-mechanical testing samples. 33 double cone 

specimens were machined out of the second pancake and 33 circular cylinders out 

Table 3.1. Nominal composition of Udimet 720 (wt. %). 

Cr Co Mo W Al Ti C B Zr Ni 

17.9 14.7 3.0 1.25 2.5 5.0 0.035 0.033 0.03 Bal 
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of the third pancake. The double cones measured Ø1 = 10 mm, Ø2 = 15 mm, and 

h = 15 mm – where Ø1 is the diameter at the base and top surface, Ø2 is the 

maximum diameter at the middle of the specimen (‘equator’), and h is the height. 

The circular cylinders measured Ø = 10 mm and h = 15 mm. The rationale 

behind the selection and design of the specimen geometries is presented in 

Section 6.3. Udimet 720 billet material was employed for the full-scale forging 

trials of Section 9.1.  

Alloy René 65 was used for the supplementary tests of Section 9.2. The 

chemical composition of this alloy is provided in Table 3.2. A section of a René 65 

disc forging was provided by Otto Fuchs KG. Samples were cut from the disc-

forging section for thermal analysis, heat treatments, and EM examinations. In 

addition, 38 double cones and 32 circular cylinders with identical dimensions to 

the Udimet 720 samples were machined out of this material for thermo-mechanical 

testing.  

3.2 Thermal analysis 

Differential scanning calorimetry (DSC) was employed to investigate phase 

transformations and phase transition temperatures in Udimet 720 and René 65. 

In DSC, samples of known mass are heated to a prescribed temperature at a fixed 

rate, and the heat flow is measured as a function of time and temperature.  

DSC samples were prepared by cutting slices of ∼ 1 mm of thickness using 

a Struers Accutom-5 precision cutting machine. This was followed by electro-

discharge machining (EDM) into round discs of diameter ∼ 3 mm. The discs were 

Table 3.2. Nominal composition of René 65 (wt. %). 

Cr Co Mo W Nb Al Ti Fe B Zr Ni 

16.0 13.0 4.0 4.0 0.7 2.1 3.7 1.0 0.016 0.05 Bal 
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manually finished to 2500-grit silicon carbide grinding paper to remove EDM 

marks. 

DSC was conducted with a Netzsch DSC 404 high temperature differential 

scanning calorimeter. This instrument uses S-type thermocouples (Pt-Pt 10% Rh) 

on both the sample and the reference, calibrated against the Tm of pure nickel 

and pure gold. In order to minimise oxidation, tests were conducted using high-

purity Al2O3 crucibles in a dynamic high-purity argon environment with an argon 

flow rate of 50 mL/min. 

Samples were heated up to 1250°C to ensure the full dissolution of the γ′ 

phase. Since the hot die forging window necessarily lies below Tm, complete 

melting was not required. The thermal cycle started with a 10-minute isothermal 

segment at 50°C, followed by heating to 1250°C at 10°C/min, a 3-minute dwell 

at 1250°C, and cooling to 80°C at a rate of − 10°C/min.  

3.3 Heat treatments 

The Udimet 720 as-forged pancake was cut into smaller 

(∼ 30 x 30 x 10 mm) sections with a Birkett Cutmaster Ltd. Aquacut power saw 

and a computerised numerical control (CNC) EDM machine. In turn, these 

sections were cut into 10 mm cubes using a Struers Accutom-5 precision cutting 

machine. The heat treatment of samples was performed in argon-backfilled quartz 

ampoules for 20 minutes or 4 hours at 1030°C, 1060°C, 1100°C, or 1150°C. All 

samples were swiftly water-quenched to preserve most microstructural features 

for SEM examination.  

René 65 heat treatment specimens were obtained from the disc-forging 

section using the same equipment and procedure described above. They were 

subsequently heat treated for 20 minutes or 4 hours at 1000°C, 1030°C, and 

1070°C, followed by swift water quenching. 
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Following SEM analyses, Udimet 720 and René 65 micrographs were 

processed with ImageJ to quantify the total area fraction of γ' (fγ'), the area 

fraction of primary, secondary, and tertiary γ' (fγ′p, fγ′s, fγ′t); as well as the average 

size of each population (rγ′p, rγ′s, rγ′t). The results were compared with equilibrium 

phase predictions computed using the Thermo-Calc software package with the 

TCNI8 database.  

3.4 Finite element analysis  

The hot die forging of a model Udimet 720 turbine disc and of laboratory-

scale thermo-mechanical testing specimens were simulated by finite element 

analysis (FEA). The simulations were conducted by Otto Fuchs KG with the 

commercial package FORGE®. The raw data were subsequently curated, 

analysed, and visualised with MATLAB R2018a and Microsoft Excel.  

The hot die forging of the turbine disc was modelled as a two-step process. 

In the first operation (‘pre-forging’), forging stock was deformed into an 

intermediate shape. The second closed-die forging operation (‘forging’) turned the 

workpiece into its final shape. The cooling step following deformation was also 

simulated for 3,600 s. Adiabatic heating and die chilling (heat transfer) effects 

were incorporated to the model. The heat transfer coefficient between the 

workpiece and the die was 10 000 W m–2 K–1 for all conditions; the heat transfer 

coefficient between the workpiece and the air was 50 W m–2 K–1. For forging, a 

sliding friction (Coulomb) coefficient of µ= 0.15 and a friction factor of m = 0.3 

were used. Based on technical expertise, these were doubled for pre-forging (µ = 

0.30, m = 0.6) to account for lower lubrication. The temperature of the workpiece 

at the start of pre-forging and forging was 1030°C, 1060°C, or 1100°C. To simulate 

the transfer of the workpiece from the furnace to the dies, a time lag of 15 seconds 

was introduced where heat transfer occurred without deformation. The ram speed 

was kept constant at 15 mm/s.  
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The thermo-mechanical testing of laboratory-scale Udimet 720 specimens 

was simulated for three geometries (Figure 3.1): a truncated double cone (‘double 

cone’), a truncated double cone with a central cylindrical section, (‘cylindrical 

double cone’), and a cylinder (see Section 6.3). They were compressed to a strain 

of 0.8, at a strain rate of 0.1 s–1, and at temperatures of 1030°C, 1060°C, or 1100°C. 

These simulations used tungsten carbide anvils at a temperature of 550°C as 

recommended by Otto Fuchs KG. 

Stress, strain, and temperature maps were produced with FORGE®. 

Tracer points were located at different locations of the simulated parts, for each 

of which data series with temperature, stress, strain, strain rate, and time were 

generated. Cooling rates were obtained by linear regression. The results of the 

FEA simulations were used to design the laboratory-scale thermo-mechanical 

tests aimed at mimicking full-scale hot die forging. 

 

Figure 3.1. Candidate geometries for producing laboratory-scale thermo-

mechanical testing specimens, which were studied by FEA. 
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3.5 Thermo-mechanical testing 

High temperature compression tests were performed with a Gleeble 3800-

GTC thermal-mechanical simulation system at Delft University of Technology. 

Figure 3.2A shows a schematic of the testing system. For Udimet 720, 14 cylinders 

and 26 double cone specimens were tested. For the validation experiments with 

René 65, 23 cylinders and 8 double cone specimens were tested. 

The Udimet 720 testing specimens were subject to the thermo-mechanical 

cycle shown in Figure 3.2B, which was designed to mimic full-scale hot die forging. 

The rationale behind this cycle is developed in Section 6.2. First, they were 

rapidly heat up to a ‘forging temperature’ (T0) of 1030°C, 1060°C, or 1100°C. 

This was followed by a dwell step of 15 minutes to obtain microstructures 

representative of full-scale processing and ensure temperature homogeneity across 

the sample. Subsequently, the samples were cooled down at rates of 1°C/s, 10°C/s 

 

Figure 3.2. (A) Schematic of the Gleeble 3800-GTC thermal-mechanical 

simulation system. (B) Thermo-mechanical testing cycle. (C) Circular 

cylindrical and double cone specimens used for the forging simulation thermo-

mechanical tests. 
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or 30°C/s to a final temperature (Tf) of 880°C. Cooling at rates of 1°C/s, 10°C/s 

were achieved through natural cooling – reducing the heating input – whereas 

cooling at 30°C/s necessitated air quenching. After a stabilisation dwelling of 10 

to 20 seconds to reach temperature homogeneity, samples were deformed to 

strains of ∼ 0.60 – 0.85 at a strain rate of 0.1 s–1. Finally, the specimens were air 

quenched to room temperature to freeze their microstructures for EM analysis. 

To minimise oxidation, all tests were conducted in vacuum. 

To ensure appropriate induction heating, the oxide layer was removed by 

polishing the surface of the specimens with 2500-grit silicon carbide grinding 

paper. Before each test, an R-type thermocouple was welded to the centre of the 

specimen to measure the surface temperature. To reduce friction, anti-seizure 

nickel paste and graphite foil were applied between the specimen and the ISO-T 

tungsten carbide anvils. Prior to thermo-mechanical testing, all samples were heat 

treated for 4-hours at their respective T0, followed by swift water quenching; this 

allowed obtaining microstructures representative of hot die forging using a dwell 

time of only 15 minutes (see Section 6.2). 

Following thermo-mechanical testing, specimens were visually inspected 

and classified qualitatively according to their level of surface cracking. Their final 

dimensions were measured with callipers; with this, a strain measurement was 

obtained which was compared to the strain figure provided by the Gleeble. Data 

series of temperature, force, stress, ram displacement, strain, strain rate, and time 

were obtained. The raw data were processed and visualised with OriginPro and 

Microsoft Excel. 

3.6 Full-scale forging 

To validate the findings of Chapters 4 – 8, Udimet 720 forging stock was 

hot die forged into a turbine disc. The forging trial was completed by Otto Fuchs 

KG in Meinerzhagen, Germany. The workpiece was furnace heated at 1100°C 
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until thermal and microstructural homogeneity were achieved. Next, it was 

deformed through the two-step process (forging, reheating, forging) previously 

simulated by FEA. After forging, the workpiece was inspected for cracks. The 

sections where cracks were detected were imaged, cut, and provided by Otto 

Fuchs KG. They were cut into smaller sections by EDM and subsequently into 

SEM compliant samples (∼ 10 x 10 mm) with a Struers Accutom-5 precision 

cutting machine. 

3.7 Metallographic sample preparation 

The heat treated specimens were prepared into SEM samples using 

standard metallographic preparation techniques. They were mounted in 

conductive resin, ground with successively finer grades of SiC paper, and polished 

down to 1 μm diamond paste using a semi-automatic grinder/polisher Saphir 560. 

The samples were later electrolytically etched using a 10% phosphoric acid 

solution at ∼ 3 V.  

Selected Udimet 720 thermo-mechanically tested specimens were examined 

fractographically and subsequently prepared into SEM samples. Figure 3.3 shows 

a schematic of the sample preparation process. Specimens were cut in parallel and 

perpendicularly to their vertical axis using a Struers Accutom-5 precision cutting 

 

Figure 3.3. Schematic of the cutting and mounting process for Udimet 720 

thermo-mechanically tested specimens. 
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machine. The resulting semi-circular sections were prepared into EM samples 

using standard metallographic preparation techniques. Final chemical mechanical 

polishing was performed for 20 min – 30 min with non-crystallising 0.04 µm 

colloidal silica to obtain samples for backscattered electron (BSE) imaging, energy 

dispersive X-ray (EDX) microanalysis, and electron backscatter diffraction 

(EBSD). Later, the thermo-mechanically tested samples were electrolytically 

etched using a 10% phosphoric acid solution at ∼ 3 V for secondary electron (SE) 

imaging.  

Full-scale forging samples were prepared into SEM-BSE samples through 

the same procedure as Udimet 720 thermo-mechanically tested specimens. 

3.8 Microstructural analyses 

3.8.1  Scanning electron microscopy imaging  

The microstructures of the heat treated, thermo-mechanically tested, and 

full-scale forging specimens were examined using a field emission gun scanning 

electron microscope Zeiss GeminiSEM 300. The heat treated specimens were 

imaged solely with SEs, whereas the rest were imaged with both SEs and BSEs. 

SE imaging was performed with an acceleration voltage of 5 kV using an 

in-lens SE detector (I-L SED) and an Everhart Thornley detector (ETD). SEs 

result from inelastic interactions between the electron beam and atoms in the 

sample. They originate at the surface or near-surface of the sample, and their 

emission depends strongly on the topography of the sample. Therefore, collecting 

SEs allows using this contrast to create images of the topography of the sample. 

I-L SEDs provide better spatial resolution than ETDs [246], so the I-L SED was 

used to observe the smallest features – such as tertiary γ′. The ETD was used for 

lower magnifications as it displayed lower sensitivity to surface contamination 

and charging effects. 
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An annular backscatter detector (aBSD) was used for BSE imaging at 20 

kV and working distances (WDs) of 4 – 6 mm. BSEs are incident beam electrons 

that upon hitting the sample are elastically scattered back out of it. BSEs have 

high energy and originate from a much larger region within the sample 

(interaction volume) than SEs. High atomic number (Z) elements increase the 

scattering frequency and thereby the yield of BSEs. This is used for imaging in 

the SEM by creating maps where the brightness of the pixels is a function of the 

BSE signal intensity. Since the intensity depends on Z, compositional contrast 

occurs whereby high-Z phases appear brighter than low-Z phases.  

BSE imaging can also provide topographic and crystallographic 

information. Annular BSE detectors are normally divided in two or four segments. 

Subtracting the signal of alternating segments cancels the compositional contrast 

and allows recovering topographic information. For this reason, BSE imaging at 

20 kV and WD ∼ 4 mm – 6 mm was used for imaging a number of Udimet 720 

and René 65 etched samples where charging and carbon contamination weakened 

SE topographic contrast. 

3.8.2  EDX/EBSD 

Energy-dispersive X-ray spectroscopy (EDX) and electron backscatter 

diffraction (EBSD) were performed on the Udimet 720 thermo-mechanically 

tested specimens using a Zeiss GeminiSEM 300 equipped with an Oxford 

Instruments X-Max EDX detector and an Oxford Instruments Symmetry EBSD 

detector. 

EDX analysis was performed using an acceleration voltage of 20 kV, and 

a working distance of 10 mm. EDX provides information about the elemental 

composition of materials. It entails bombarding a sample with a focused electron 

beam and measuring the resulting X-ray emission spectrum. Incident electrons 

can excite inner shell electrons into higher energy states, creating vacancies in the 
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inner shell. As electrons from the outer shell fall to lower energy states to fill these 

vacancies, they emit element-specific X-ray photons. EDX detectors measure the 

intensity and energy of these X-rays. This allows identifying the elements present 

in the sample and their proportions – typically to an accuracy of ± 1 at. %.  

Electron backscatter diffraction (EBSD) is an SEM based technique to 

study the crystallographic structure of materials. It provides information on the 

grain size distribution, grain boundary types, crystallographic orientation, 

misorientation, texture, and phase structure on a scale of millimetres to 

nanometres. In EBSD, samples are inclined to ∼ 70° and hit by an electron beam. 

Primary beam electrons can be diffracted by the atomic planes of the crystal, and 

a phosphor screen is used to produce visible light diffraction patterns. These 

patterns – termed Kikuchi bands – are specific to the crystal structure and 

orientation of the material. The light produced by electrons hitting the phosphor 

screen is then detected by a CCD/SIT camera, converted to an image, and 

indexed digitally to obtain the structure and orientation of the crystal.  

EBSD maps were acquired using an acceleration voltage of 25 kV, working 

distances of 10 – 15 mm, and step sizes of 0.1 – 0.2 µm. The EBSD maps were 

post-processed with Oxford Instruments HKL Channel 5 and AZtec software. 

Wide spikes and zero solutions were replaced with extrapolations from 

neighbouring pixels. For zero solutions, a minimum of five indexed neighbouring 

pixels were required. Separate grains were defined by a minimum of 100 pixels 

and a misorientation angle of 15°. Grain boundaries were divided in low-angle 

grain boundaries (LAGB) with misorientations lower than 15°, and high-angle 

grain boundaries (HAGB) with misorientations greater than 15°. Twin boundaries 

were defined by a misorientation of 60° about the ⟨111⟩ axis with a tolerance of 

8.66°, according to Brandon’s criterion for FCC crystals [247]. 
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3.8.3  Panoramic imaging 

A Zeiss GeminiSEM 300 was used to obtain SE panoramic images of the 

processed Udimet 720 thermo-mechanically tested samples. For each sample, 

∼ 10 x 30 individual SE images of magnification 100 X and a resolution of 4096 x 

3072 pixels were acquired. These were stitched with Carl Zeiss SmartStitch 

software to high accuracy. The resulting panoramic images were split in two and 

post processed with ImageJ as described in Section 3.8.4. Splitting the images was 

required since ImageJ did not support images as large as ∼ 40 K x 92 K pixels. 

3.8.4  Image analysis 

Image analysis was conducted using the ImageJ 1.50b software. For the 

Udimet 720 and René 65 heat treated samples and the Udimet 720 thermo-

mechanically tested specimens, the PSD (area fraction and average size) of γ′ 

precipitates was measured following the operations outlined in Figure 3.4. 

First, as-acquired SE images were converted to 8-bit grayscale. A median 

filter with a radius of 2 pixels was applied, followed by thresholding and noise 

reduction. Noise reduction consisted of removing bright and dark outliers with a 

radius of 5 pixels, as well as despeckling. Subsequently, the ‘close’, ‘fill holes’, and 

‘watershed’ binary operations were employed. Closing particles is equivalent to a 

dilation and erosion operation, while watershed serves for cutting apart 

incorrectly connected particles into separate ones. Finally, the particle analysis 

tool was used for measuring the area fraction and average size of γ′ particles. 

Particles were filtered by area to separate γ′p, γ′s, and γ′t. The Feret diameter was 

used to quantify the average particle size. A minimum of 100 particles of each 

population of γ′ in each condition were averaged to obtain the average size. 

Similarly, ImageJ was used to obtain the fraction of surface cracks of the 

panoramic images of Section 3.8.3. The stitched images were converted to 8-bit 

grayscale, and the black background surrounding the sample was made into RGB 
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Figure 3.4. Image processing sequence used for measuring the γ′ PSD on the 

Udimet 720 and René 65 heat treated material and the Udimet 720 thermo-

mechanically tested specimens. 
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(255, 255, 255) white. The contour of the semi-circular samples was traced 

manually, and the area outside of it converted to RGB (0,0,0) black. After that, 

the thresholding tool was used to measure the area fraction of RGB (255, 255, 

255), corresponding to the surface cracks. Finally, a multiple linear regression 

model was fitted with MATLAB to describe the relationship between forging 

temperature, cooling rate, and fraction of surface cracks. 
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4  Microstructura l  evo lut ion  

 

In this chapter, the microstructural evolution of Udimet 720 is studied 

within an exploratory hot working window. Research by Monajati et al. [34] on 

Udimet 720, and Wan et al. [217] and Wang et al. [36] on Udimet 720Li  indicates 

that the isothermal forging window of Udimet 720  lies in the 1080°C – 1160°C 

temperature range. For hot die forging, the studies of Fahrmann and Suzuki [134] 

and Sczerzenie and Maurer [31] suggest that ductility is highest at 

∼ 1000°C – 1100°C. Therefore, this analysis considers the entire 1000°C – 1160°C 

range as a starting point. 

The chapter is structured as follows: first, thermal analysis is employed to 

investigate phase transitions and track γ′ evolution in the preliminary hot die 

forging window. Then, the initial (as received) material is characterised by EM. 

Heat treatments and SEM examinations are used to comprehensively study the 

microstructural evolution of the material. The volume fraction and mean size of 

γ′ particles are quantified and compared to Thermo-Calc equilibrium predictions. 

Finally, the evolution of γ′ with temperature is discussed in relation to hot die 

forgeability, and an upper limit is established for the forging window. 
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4.1 Thermal analysis 

Figure 4.1 shows the DSC thermogram of Udimet 720 from initial (as 

forged) state. The dissolution of γ′ occurs between ∼ 760°C and ∼ 1240°C, and 

melting starts slightly above the γ′ solvus. The dissolution of the different 

populations of γ′ is discussed below. No other phase transformations are identified. 

A small endothermic peak is detected at ∼ 760°C – 840°C. Although γ′t is 

not observed via SEM in the as-received condition (see Section 4.2), this event 

could be linked to the dissolution of γ′t precipitates below the SEM resolution 

limit. The larger endothermic peak at ∼ 860°C – 1110°C corresponds to the 

 

Figure 4.1. DSC thermogram of as-forged Udimet 720 material. The bottom 

figure is a close-up version of the γ′ dissolution window shown at the top. 
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dissolution of γ′s. Here, the heat flow markedly decreases until 1095°C before 

starting to return to the baseline. This shows that the γ′s dissolution rate 

accelerates until it peaks at ∼ 1095°C. By ∼ 1110°C all the γ′s is dissolved.  

A final endothermic event overlaps with the dissolution of γ′s. The peak 

starts at 1110°C, extends until 1230°C, and is attributed to the dissolution of 

intergranular γ′p. This event occurs considerably above the solvus temperature 

∼ 1143°C – 1157°C commonly reported in the literature [31,34,248]. Heat 

treatments and EM examinations (see Section 4.3) confirm that the material 

contains substantial amounts of γ′p following 4 hours heat treatments at 1150°C. 

This suggests that equilibrium is not achieved when the material is heated at a 

rate of 10°C/min, so higher temperatures are required to completely dissolve γ′p. 

Although the splitting of γ′-dissolution in distinct γ′p, γ′s, and γ′t events 

during DSC/DTA has been reported by some authors [249–251], it is not 

immediately obvious that this approach can be used effectively for Udimet 720. 

Moreover, no data on the γ′s and γ′t solvi of Udimet 720 are found in the literature. 

These results demonstrate that DSC can be successfully used for this purpose. 

The γ′s and γ′t solvi are determined to be ∼ 1110°C and ∼ 840°C, respectively. 

4.2 EM analysis of as-received material 

The SEM and EBSD characterisation of the material in as-forged condition 

are shown in Figure 4.2 and Figure 4.3, respectively. The microstructure consists 

of γ′ precipitates of various sizes in a γ matrix. γ′p precipitates of ∼ 1 μm are 

present at the grain boundaries (Figure 4.2A–C). The interior of the grains is 

filled with fine γ′s precipitates of ∼ 100 nm. Cuboidal geometries and precipitate 

splitting are observed for γ′s, indicating partial ageing. No other phases are 

observed. Image analysis reveals that γ′p precipitates occupy an area fraction of 

17% and have a mean size of 3 μm ± 3 μm, while γ′s precipitates occupy an 
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Figure 4.2. BSE (A) and SE (C – D) images of Udimet 720 material in initial 

(as-forged) state. Images of increasing magnification showing intergranular 

primary γ′ (A – C) and intragranular secondary γ′ (B – D) in a γ-matrix. 

 

Figure 4.3.  For the as-forged Udimet 720 material: EBSD inverse pole figure 

(IPF) maps and corresponding grain size distribution functions of different regions 

of the pancake. The colours indicate which crystal direction of the stereographic 

triangle is normal to the sampling plane.   
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area fraction of 32%, and their mean size is 80 nm ± 40 nm, where the 

measurement uncertainty is taken as the standard deviation. In this context, it is 

important to distinguish between the actual volume fraction occupied by a certain 

phase and the area fraction that can be measured experimentally from 2D 

micrographs. All area fraction measurements of this research work were obtained 

from uniform, random samples. Hence, according to Delesse’s principle, the 

expected value of the area fraction is equal to the volume fraction [252]. Hereafter, 

a single variable (f) is often used to represent both quantities. 

Certain variability in grain size is found across the pancake. Grains span 

from ∼ 1 μm in some regions (Figure 4.3A) to ∼ 10 μm in others (Figure 4.3C). 

The mean grain diameters for the EBSD maps of Figure 4.3A–C are 

2 μm ± 2 μm, 4 μm ± 2 μm, and 10 μm ± 8 μm, respectively. In addition, 

regions of finer grains pinned by smaller γ′p precipitates are identified (see 

Figure 4.4). Heaney et al. [33] reported similar structures in René 65; they stated 

that these are a carry-over from the billet microstructure where the volume 

fraction and composition of γ′ are equivalent to other areas.   

 

Figure 4.4. (A) SE SEM micrograph of the as-forged Udimet 720 material 

showing regions of finer grains and finer primary γ′ precipitates (1 – 4). (B) Higher 

magnification micrograph with one such area highlighted.  
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4.3 Heat-treatments 

Udimet 720 specimens were heat treated for 20 minutes or 4 hours near 

the limits of the exploratory hot die forging window – at 1030°C or 1150°C. Based 

on the thermal analysis results, samples were also heat treated at 1100°C – slightly 

below the γ′s solvus – and at the intermediate temperature of 1060°C. The heat 

treatment time of 4 hours is selected to represent typical industrial furnace times 

prior to forging. Due to the unavailability of industrial data, the sub-solvus 

solutionising time for Udimet 720Li reported by Gopinath et al. [253] is used as 

a proxy. The 20-minute heat treatment is selected as an intermediate step, and 

to ascertain whether this time is long enough to achieve equilibrium. The latter 

consideration has implications for thermo-mechanical testing, as detailed in 

Section 6.1.  

SE SEM images of heat treated and γ-etched specimens are shown in 

Figure 4.5. In this analysis, secondary γ′ (γ′s) refers to the unimodal distribution 

of intragranular γ′ precipitates observed in the as-forged condition 

(Figure 4.2C,D) and retained upon heat treatment. Tertiary γ′ (γ′t) denotes newly 

formed γ′ – for example those observed below in Figure 4.5R. Henceforth, this 

nomenclature will be employed consistently in this thesis. The volume fraction 

and mean size of γ′p and γ′s measured with ImageJ are plotted in Figure 4.6. γ′p 

is observed at the grain boundaries in all low magnification (Figure 4.5A–F) and 

medium magnification images (Figure 4.5G–L). For the 4 hours heat treatments, 

fγ′p decreases modestly from 17% in as-forged condition to 14% at 1030°C. As the 

temperature increases to 1060°C and 1100°C, it drops slightly further to 13% and 

11%. γ′p dissolution is even less significant for the 20-minute heat treatments (see 

Figure 4.6A), with fγ′p = 13% at 1100°C. γ′p is consistently smaller in size after 

heat treatment, although substantial dispersion exists. 
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Figure 4.5.  SE SEM images of heat treated Udimet 720 specimens at low 

magnification (A – F), medium magnification (G – L), and high magnification 

(M – R). Primary, secondary, and tertiary precipitates γ are labelled γ′p, γ′s, 

and γ′t. 

A

D

B

E

C

F

1030°C 1060°C 1100°C

10 µm

20 
min

4h

10 µm 10 µm

10 µm 10 µm 10 µm

G

J

H

K

I

(L)

5 µm

20 
min

4h

5 µm

5 µm

5 µm

5 µm

L

5 µm

M

P

N

Q

O

R

500 nm

20 
min

4h

500 nm 500 nm

500 nm 500 nm 500 nm

γ+γ′sγ′p

γ′s

γ′p

γ+γ′s

γ′t

γ′s

γ′s



4 
 

Significant γ′s coarsening by Ostwald ripening occurs upon heating. This 

phenomenon is well documented for γ′ precipitates in nickel-based superalloys 

[254,255]. Coarsened precipitates are visible at low magnification in the samples 

heat treated at 1030°C for 4 hours (Figure 4.5D), 1060°C for 20 minutes (Figure 

4.5B) and 4 hours (Figure 4.5E), and 1100°C for 20 minutes (Figure 4.5C) and 4 

hours (Figure 4.5F). Medium and high magnification images (Figure 4.5G,M) 

reveal that γ′s also coarsens in the sample heat treated at 1030°C for 20 minutes. 

Incomplete γ′s coarsening is found in the samples heat treated for 20 

minutes. In particular, the 1030°C – 20 minute sample (Figure 4.5G,M) displays 

smaller and more numerous γ′s precipitates than the 1030°C – 4 hours one (see 

Figure 4.5J,P). The mean γ′s particle size is 80 nm for 20 minutes versus 200 nm 

for 4 hours, and their area fractions are 20% and 14% respectively. The 

1060°C – 20 minutes sample (Figure 4.5H) shows a bimodal distribution of coarse 

and fine γ′s. The sizes of each population are 400 nm  50 nm and 80 nm  40 nm; 

their combined mean size is 100 nm and their combined volume fraction 18%. 

After 4 hours (Figure 4.5E,K,Q) the fine γ′s dissolves, and only the coarse particles 

remain. Their mean size increases to 300 nm and the volume fraction decreases 

to fγ′s = 14%. γ′ coarsening kinetics appear to accelerate at higher temperatures: 

the 1100°C – 20 minutes sample (Figure 4.5C,I,O) contains very few γ′s, and 

almost none are present after 4 hours (Figure 4.5F,L). In all cases, γ′s precipitates 

morph from quasi-cuboidal to spherical, with no signs of ageing. Interestingly, 

very finely dispersed γ′t are observed in the 1100°C – 4 hours sample (Figure 

4.5R); they are believed to form during water quenching owing to the increased 

availability of γ′ forming elements in the matrix.  

The γ′s area fraction decreases as the heat treatment temperature increases 

(Figure 4.6). The decline in fγ′s is particularly pronounced from 1060°C to 1100°C. 

At 1100°C, almost all γ′s dissolves. Similarly to the trend described for γ′s particle 

sizes, the difference in fγ′s between the 20 minutes and 4 hours heat treatments is 

less significant at higher temperatures, indicating faster kinetics. At 1030°C, fγ′s 
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is ∼ 8% higher for the 20-minute treatment, yet at 1100°C that difference narrows 

to ∼ 0.3%. Overall, the dissolution of virtually all γ′s at 1100°C is consistent with 

the γ′s solvus obtained through thermal analysis. Moreover, the intergranular γ′p 

remaining largely unaffected in the 1030°C to 1100°C window is also in accordance 

with the onset of γ′p dissolution at 1100°C found via DSC.  

 

Figure 4.6. Measured volume fraction (A, B), mean size of γ′p (C, D), and 

mean size of γ′s (E, F) as a function of heat treatment temperature and time. 

The error bars represent the standard deviation of the sample. 

 

 

   

 

   

  

                        

      

 

   

 

   

  

                        

       

 
  

 
  
  
  
 

  
  
 
 
 

 
  

 
  
  
  
 

  
  
 
 
 

                                

 

   

   

   

   

                        

      

 

   

   

   

   

                        

       

     

  

 

 

  

  

  

  

  

                        

      

       
 

 

  

  

  

  

  

                        

      
       

      

   

        



4 
 

Figure 4.7 shows BSE and SE micrographs of a specimen heat treated for 

4 hours at 1150°C. Here, notable differences are seen with respect to previous 

conditions. First, the microstructure is not bimodal γ′p/γ′s but bimodal γ′p/γ′t; in 

other words, all the γ′s precipitates dissolve, and numerous new γ′t precipitates 

form upon cooling (Figure 4.7C,D). This finding further supports the hypothesis 

that the dissolution of greater amounts of γ′s at higher heat treatment 

temperature gives rise upon cooling to a dispersion of very fine γ′t precipitates. 

Secondly, a significant fraction of γ′p dissolves into the matrix (Figure 4.7C,D). 

Yet, although ∼ 1150°C lies within the equilibrium solvus temperature range 

reported in the literature, intergranular γ′p can be clearly seen in Figure 4.7A,B. 

This agrees with the γ′p dissolution temperature obtained via thermal analysis 

and indicates that the material necessitates more than 4 hours at 1150°C to reach 

equilibrium. Finally, it is apparent that significant grain growth occurs; γ′p 

precipitates appear to be in the interior of grains, and large annealing twins are 

 

Figure 4.7.  BSE (A) and SE (C – D) images of Udimet 720 heat treated for 

4 hours at 1150°C. Images of increasing magnification showing intergranular 

primary γ′ (A, B) and intragranular tertiary γ′ (C,D) in the γ matrix.  
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found (Figure 4.7A). This is attributed to the partial dissolution of γ′p particles 

and their resulting diminished capacity to pin the grains during grain growth. 

4.4 Comparison with thermodynamic simulations 

The results of Section 4.3 were compared against equilibrium 

thermodynamic calculations. Thermo–Calc was used to obtain fγ′ predictions in 

the 800 – 1200°C temperature range for the five typical nickel-based superalloys 

of Table 2.1. These results are shown in Figure 4.8A. In Figure 4.8B, the fγ′ for 

Udimet 720 is compared with the fγ′ (where fγ′ = fγ′p + fγ′s) obtained through heat 

treatment and image analysis. 

For all five considered alloys, fγ′ decreases monotonically above 800°C as 

the temperature increases. Moreover, the rate of change (i.e. | dfγ′ / dT |) also 

increases with temperature. Both high γ′ cast-and-wrought alloys – René 65 and 

Udimet 720 – have significantly larger fγ′ than the two 718-type alloys. Their 

equilibrium γ′ solvus temperatures are also higher: 1096°C for René 65 and 1127°C 

for Udimet 720 versus 975°C for Alloy 718 and 991°C for 718Plus. In turn, 

Udimet 720 has not only a higher Tγ′solvus than René 65 but also a consistently 

greater fγ′. The predicted solvus for René 65 agrees with that reported by Bond 

et al. [54] (Tγ′solvus ∼ 1111°C), whereas for Udimet 720 it appears to be significantly 

underestimated.  

The equilibrium predictions for Udimet 720 are below the measurements 

obtained through heat treatment. Importantly, the low Tγ′solvus suggests that the 

fγ′ prediction is underestimated, and hence the difference between fγ′ in 

equilibrium and the measured data points is presumably narrower than shown in 

Figure 4.8B. The gap between equilibrium predictions and experimental data 

points is larger for the 20-minute than for the 4-hour heat treatments. It shows 

that fγ′ measurements tend to the predicted fγ′ curve as the heat treatment time 

increases. Such behaviour is in accordance with the observations of Sections 4.2 
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and 4.3. Therefore, the material is not in equilibrium after a 4-hour heat treatment 

but is relatively close to it. Moreover, the gap between the equilibrium prediction 

and the 20-minute heat treatment measurements decreases as the temperature 

increases, suggesting that γ′ dissolution kinetics accelerate at higher temperatures. 

 

Figure 4.8. (A)  Thermo-Calc predictions of the equilibrium γ′-phase volume 

fraction versus temperature for five typical nickel-based superalloys. (B)  

Equilibrium Thermo-Calc prediction for Udimet 720 and heat treatment 

experimental measurements. 
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4.5 Summary 

The results and discussion of Sections 4.1 – 4.4 allow drawing several 

conclusions on the microstructural evolution and hot die forgeability of Udimet 

720. First, DSC data and Thermo-Calc equilibrium predictions reveal a monotonic 

decrease of fγ′ with temperature and no other phase transformations in the 

preliminary forging window. DSC is successfully employed to study the dissolution 

of different populations of γ′ in the multimodal material. The previously 

unreported γ′s and γ′t solvi are found to be ∼ 1110°C and ∼ 840°C. Heat treatment 

and EM analysis reveal that a 4-hour heat treatment at 1150°C causes partial γ′p 

dissolution and significant grain growth. Together with the mechanical testing 

experiments of Fahrmann and Suzuki [134] and Sczerzenie and Maurer [31], a 

clear picture emerges that the upper limit of the hot die forging window is 

∼ 1100°C. Below that temperature, γ′p precipitates remain largely unaltered, their 

grain pinning effect is maintained, and undesirable grain growth is avoided. 

Therefore, an updated preliminary forging window can be established as 1000 – 

1100°C. In addition, a trend is identified whereby higher heat treatment 

temperature dissolves a larger fraction of γ′s precipitates up until ∼ 1110°C, and 

of γ′p thereafter. Upon rapid cooling, greater amounts of γ′ forming elements in 

the matrix precipitate as a fine distribution of γ′t. 
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5  Ful l - s ca le  f o rg ing :  

FEM s imu la t i ons  

The forgeability of metallic materials depends on the interplay between 

processing parameters and microstructural evolution. Following the 

microstructural analyses of Chapter 4, in this chapter finite element modelling 

(FEM) is used to study the full-scale hot die forging of Udimet 720. This serves 

two purposes. First, it allows understanding for this and similar superalloys how 

the relevant thermo-mechanical variables evolve during processing. In this 

context, relevant variables refer to those which affect forgeability and surface 

cracking either directly or inducing microstructural changes. The most crucial of 

these are the stress, strain, strain rate, temperature, and cooling rate fields across 

the workpiece. Secondly, the results of this analysis are used to design the thermo-

mechanical experiments that follow in Chapter 6. These experiments aim to 

simulate hot die forging through laboratory-scale tests. Therefore, obtaining data 

on the evolution of the said variables in the workpiece during full-scale hot die 

forging is essential to build accurate simulated tests. The chapter starts with a 

description of the physical model simulated through FEM. Then, results are 

presented and discussed for each of the five variables of interest. A summary of 

the most significant findings of the chapter is presented last.  
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5.1 Model description 

The model used to study the hot die forging of a turbine disc is depicted 

in Figure 5.1. It consists of a two-step closed-die forging process. The first step is 

termed ‘pre-forging’ and involves deforming a Udimet 720 pancake into an 

intermediate shape. In the second operation or ‘forging’, the resulting workpiece 

is deformed into its final shape. Subsequently, a 3,600 s cooling time exists where 

no load is applied and the workpiece is allowed to cool naturally. Heat transfer 

happens between the workpiece, the dies, and the surrounding atmosphere; 

friction acts between the dies and the workpiece. The heat transfer and friction 

coefficients are detailed in Section 3.4. 

In both pre-forging and forging, the material is initially at a homogenous 

forging temperature T0, which represents the temperature of the workpiece in the 

furnace prior to forging. Based on the findings of Chapter 4, three temperatures 

 

Figure 5.1. Schematic of the physical model used to simulate the hot die 

forging of a Udimet 720 turbine disc. 
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were selected: 1030°C, 1060°C, and 1100°C. The latter sits below Tγ′s solvus, and the 

remaining two are spaced within the updated preliminary hot die forging window. 

The transfer of the workpiece from the furnace to the dies is simulated adding a 

15 second lag time where heat transfer occurs without deformation. The ram 

speed is constant of 15 mm/s.  

The physical model was built into an FEM simulation by Otto Fuchs KG 

with the commercial package FORGE® and using proprietary information. The 

constitutive data for Udimet 720 were obtained through isothermal tests. To save 

computational costs, only the 2D section highlighted in Figure 5.1 and shown in 

Figure 5.2 is simulated. This is possible as the workpiece is axisymmetric and is 

assumed to be almost symmetric about the radial axis. Data are collected at 11 

tracer points shown in Figure 5.2. Three sets of 3 tracer points each are placed at 

sections by the surface with different curvatures – these are designated as (1 – 3), 

(5 – 7), and (8 – 10). In addition, 2 tracer points (4, 11) are located at inner 

sections of the workpiece. Data are collected on temperature, strain, strain rate, 

and stress against time. For tensor and vector variables, the reference frame is 

shown in Figure 5.2; the coordinate functions (r, θ, z) correspond to the radial, 

tangential, and axial directions respectively. The FEA raw data provided by Otto 

 

Figure 5.2. Schematic of the section of turbine disc analysed via FEM 

simulations. Points (1 – 11) designate the tracer points where data were 

extracted. The system of reference (r, θ, z) is shown at the bottom left of the 

figure. 
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Fuchs were subsequently curated and visualised with MATLAB R2018a and 

Microsoft Excel to produce the analyses that follow. 

5.2 Temperature and cooling rate evolution 

Figure 5.3 shows temperature versus time during pre-forging and forging 

for a forging temperature (T0) of 1100°C. In the analyses that follow, this forging 

temperature is taken as the benchmark against which results for T0 = 1030°C and 

T0 = 1060°C are compared. Similarly, various figures plot only data of the 

outermost sensors 1, 5, and 8 as illustrative of phenomena at the surface, and of 

sensor 4 to reflect the behaviour of the inner sections of the workpiece. 

 

Figure 5.3. Temperature versus time at sensors 1 – 11 (A,C) and sensors 1, 4, 

5, and 8 only (B,D) during pre-forging (A,B) and forging (C,D) for a forging 

temperature T0 = 1100°C. The dots represent the numerical (simulated) 

solution at each time step.  
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 In both pre-forging and forging, a distinct region is observed at  

0 < t < 15 s where the temperature decreases linearly. This corresponds to the 

transfer time between the furnace and the dies. Here, the cooling rate differs 

greatly across tracer points. During pre-forging, the temperature stays constant 

at the innermost tracer points (4, 11) and decreases slightly (< 25°C) at two of 

the three surface locations (sensors 5 – 7 and 8 – 10). By contrast, the 

temperature drops substantially at sensors 1 – 3. Sensor 1 undergoes cooling at a 

rate of 9.6°C/s and reaches ∼ 956°C by the time deformation starts. In forging, 

the innermost sensors behave in the same way, but all three surface sensors (1,5, 

and 8) see cooling rates of ∼ 1.5°C/s and reach ∼ 1075°C prior to deformation. 

An analysis of the deformation path for sensor 1 (not displayed) revealed that the 

∼ 400% difference in cooling rate is due to the displacement of the sensors during 

deformation. In pre-forging, sensor 1 is close to the surface where intense die 

chilling is acting, whereas in forging it has moved inwards and undergoes milder 

cooling. Overall, these results indicate that the surfaces of the workpiece can be 

cooled at rapid rates of up to ∼ – 10°C/s during transfer operations. 

 

Figure 5.4.  Temperature versus time at sensors 1 – 11 (left) and sensors 1, 4, 

5, and 8 only (right) during forging for t > 15 s and T0 = 1100°C. On the right, 

a linear regression model is used to obtain cooling rates.  
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Figure 5.4 shows a close-up view of the subplots of Figure 5.3C,D for 

t > 15 s. This region corresponds to the deformation period, and both heat 

transfer and adiabatic heating occur. Similarly to the transfer operation, there are 

substantial differences across tracer points. The temperature drop is most 

significant at the outermost sensors 1, 5, and 8, and it diminishes with distance 

from the surface. Interestingly, the three innermost of the surface sensors (3, 7, 

and 10) effectively see no cooling. This suggests that die chilling only affects a 

narrow band of material (< 6 mm) in contact with the dies. Furthermore, it is 

observed that the temperature increases at the core of the workpiece (sensors 4 

and 11) due to adiabatic heating outweighing heat transfer. A linear temperature 

drop is observed at the outermost surface sensors 1, 5, and 8 starting at ∼ 16 s, 

∼ 17 s, and ∼ 18 s. Their respective cooling rates obtained through linear 

regression are – 18°C/s, – 11.6°C/s and – 10.3°C/s. The largest temperature drop 

of ∼ 60°C happens at sensor 1. This linear regime is understood to begin when 

the workpiece and the die come into contact locally. The temperature stays nearly 

constant prior to the linear regime, further supporting the idea that noticeable 

workpiece cooling requires close proximity to the die.  

 

Figure 5.5.  Temperature versus time at sensors 1, 4, 5, and 8 during forging 

for t > 15 s and T0 = 1030°C, 1060°C, and 1100°C. Linear regression models 

are fitted to obtain cooling rates. 
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A comparison of temperature evolution for forging temperatures of 1030°C, 

1060°C, and 1110°C is shown in Figure 5.5. No difference is noted in the 

temperature profiles as the forging temperature decreases, except for the initial 

temperature (T0) shift. The cooling rates decrease slightly at lower forging 

temperatures, but not enough to change the overall decrease in temperature. For 

example, the temperature drop seen by sensor 1 consistently remains ∼ 60°C. 

Temperature versus time data corresponding to the 3,600 s cooling period 

subsequent to forging are shown in Figure 5.6. In this case, the temperature drops 

more uniformly across tracer points. In addition, cooling is slower than during 

transfer or forging, with a fastest cooling rate of ∼ 1°C/s. Since no rapid 

temperature drops or significant stresses or strains happen upon cooling, this step 

is unlikely to affect forgeability or surface cracking. Hence, it is not considered in 

subsequent analyses.  

 

Figure 5.6.  Temperature versus time at sensors 1 – 11 (left) and sensors 1, 4, 

5, and 8 only (right) during cooling following forging for T0 = 1100°C. Also 

plotted is a linear model of cooling at a rate of 1°C/s. 
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In summary, hot die forging operations induce cooling rates from ∼ 1°C/s 

to ∼ 20°C/s at the surface of the workpiece, resulting in temperature drops of up 

to ∼ 150°C. Conversely, the temperature at the inner regions of the workpiece 

remains constant or increases slightly.  

5.3 Strain evolution 

The radial (εr), tangential (εθ), axial (εz), and shear (εrz) strain components 

corresponding to forging at T0 = 1100°C are shown in Figure 5.7. The shear strain 

components εrθ and εθz are not shown since they are null for the entire domain. 

All strain components are bounded above by ∼ 0.75 and below by ∼ – 0.8. As 

expected, the axial strain is greatest at most tracer points, although large radial 

and shear strains are also recorded at several locations. The tangential strain is 

generally lower and is bounded above by 0.4. Both tensile and compressive strains 

are seen across the workpiece for all except the tangential component, which stays 

consistently in tension. There appears to be a certain degree of symmetry of the 

radial and axial strains about the horizontal axis, whereby high tensile radial 

strains correlate with high compressive axial strains. The surface sensors (1 – 3, 

5 – 7, and 8 – 10) largely display tensile radial strains and compressive axial 

strains, while no clear pattern is detected for shear. Concerning the outermost 

sensors (1, 5, 8), sensor 5 shows the largest radial, axial, and shear strain; however, 

the tangential strain is highest at sensor 8. Remarkably, no clear tendency is 

identified for the innermost sensors: sensor 11 behaves similarly to the surface 

points, but sensor 4 shifts from tensile to compressive radial, axial, and shear 

strains. 

Although the geometry of the workpiece plays a major role in determining 

the deformation path during forging, certain differences across tracer points could 

be ascribed to thermal effects. In particular, there is a positive correlation between 

temperature and strain at sensors 4 (inner region) and 5 (surface). These sensors 
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Figure 5.7.  Strain components (radial, tangential, axial, and shear) versus 

time at sensors 1 – 11 (left column) and sensors 1, 4, 5, and 8 only (right 

column) during forging for t > 15 s and T0 = 1100°C.  
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Figure 5.8.  Strain components (radial, tangential, axial, and shear) versus 

time at sensors 1, 4, 5, and 8 during forging for t > 15 s and forging temperature  

T0 = 1030°C (left column) and T0 = 1060°C (right column). 
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maintain the highest temperatures during deformation (see Figure 5.4) and are 

subject to the highest strains. However, this trend does not hold for sensors 1 and 

8; this is discussed further in Section 5.5. 

The strain components for the remaining forging temperatures are shown 

in Figure 5.8. No variation in trends is observed, and therefore the analysis of  

T0 = 1100°C can be extended to T0 = 1060°C. Minor differences are seen in 

tangential strain for T0 = 1030°C: sensors 5 and 8 show higher tensile strains, and 

it is now sensor 5 that attains the highest tangential strain.  

Figure 5.9 presents the strain components corresponding to pre-forging at 

T0 = 1100°C. In this case, visible disparities exist with respect to forging. Sensor 

4 attains much greater radial, tangential, and axial strains; while sensors 1, 2, and 

3 see almost no strain. The remaining tracer points show generally lower radial 

 

Figure 5.9.  Strain components (radial, tangential, axial, and shear) versus 

time during pre-forging for t > 15 s and T0 = 1100°C. 
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strains and larger tangential and axial strains. In addition, no tension to 

compression transitions are observed: both the radial and tangential strains are 

consistently in tension, and the axial strain is always in compression. Despite 

these differences, some trends noted for the forging step remain valid in pre-

forging. Except for sensor 4, a similar upper boundary of ε ≲ 1 exists. Besides, in 

both forging and pre-forging the radial and tangential strains are largely tensile 

and the axial strain compressive. 

In summary, the greatest strain components across the workpiece are axial 

and radial – and indeed the maximum tensile strain is ∼ 0.75 (radial) and the 

maximum compressive strain is ∼ – 0.8 (axial). At the surface, the radial strain 

is largely in tension, the axial strain is in compression, and the tangential strain 

is consistently in tension with an upper limit of 0.4. 

5.4 Strain rate evolution 

The strain rates during pre-forging and forging at different forging 

temperatures are plotted in Figure 5.10. These strain rates are obtained from the 

equivalent (von Mises) strain. In pre-forging, sensors 4 – 11 show broadly 

constant strain rates of ∼ 0.1 s–1; sensors 1 – 3 display constant strain rates of 

∼ 0.001 s–1 – 0.01 s–1, in line with their low strain values (see Figure 5.9). In 

forging, strain rates fluctuate around 0.1 s–1 and are bounded below by ∼ 0.01 s–1 

and above by ∼ 1 s–1. No dependence with temperature is noticeable for either 

forging or pre-forging. It is concluded that ∼ 0.1 s–1 is a representative strain rate 

for a typical surface section of the workpiece. 

5.5 Stress evolution 

Figure 5.11 shows the radial (σr), tangential (σθ), axial (σz), and shear (τrz) 

stress components plotted against their corresponding strains during forging at  
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T0 = 1100°C. Figure 5.12 shows the same stress components versus time. The 

shear stress components τrθ and τθz are not presented since they are null for the 

entire domain – as their corresponding strains. It is found that high normal 

stresses of up to ∼ 1800 MPa exist across the workpiece. The shear stress attains 

more moderate values and is bounded below by – 100 MPa and above by 

300 MPa. Plotted against time (Figure 5.12), the normal stresses evolve similarly 

at all tracer points: a first quasi-steady regime in tension or low-stress compression  

 

Figure 5.10. Strain rate versus time for pre-forging and forging during 

deformation (t > 15 s) and forging temperatures (T0) of 1030°C, 1060°C, and 

1100°C. 
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Figure 5.11. Stress components (radial, tangential, axial, and shear) versus 

corresponding strains at sensors 1 – 11 (left column) and sensors 1, 4, 5, and 8 

only (right column) during forging for T0 = 1100°C. 
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Figure 5.12.   Stress components (radial, tangential, axial, and shear) versus 

time at sensors 1 – 11 (left column) and sensors 1, 4, 5, and 8 only (right 

column) during forging at 1100°C. 
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Figure 5.13.  Stress components (radial, tangential, axial, and shear) versus 

corresponding strains at sensors 1, 4, 5, and 8 for forging temperatures of 1030°C 

and 1060°C. 
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is followed by a steep descent into compression. For the radial stress, surface 

sensors 1 – 3 show tensile stresses of ∼ 100 – 150 MPa before shifting to 

compression. Sensors 5 – 11 see low tensile stresses until ∼ 18.5 s, when they start 

exhibiting compression stresses of up to – 750 MPa.  The tangential stress follows 

a similar pattern, although here sensors 5 – 11 display several peaks of tensile 

stress in the initial regime. By contrast, axial stresses stay consistently in 

compression or show negligible tension stresses in the quasi-steady region. For 

their part, the innermost sensors 4 and 11 show low stresses until ∼ 18.5 s prior 

to displaying higher compression stress. Concerning shear stress, no clear pattern 

can be discerned.  

Considered together with the strain data analysis (see Figure 5.11), a 

clearer picture emerges of the thermal effects discussed in Section 5.3. Among the 

outermost tracer points, sensor 1 sees the highest stress and sensor 8 the lowest 

stress. Sensor 1 displays high stress and high strain in the normal directions, 

whereas sensor 5 shows comparatively low stress and even higher strains. 

Moreover, the temperature at sensor 1 is ∼ 40°C lower than at sensor 5 (see 

Figure 5.4). Hence, it is thought that thermal effects are significant in determining 

the material’s response, and even relatively modest temperature drops can cause 

notable hardening. Sensor 8 shows both low strain and low stress, which is 

attributed to the geometry of the workpiece.  

Figure 5.13 presents the stress components versus their respective strains 

for T0 = 1030°C and T0 = 1060°C. No qualitative difference is found between the 

three forging temperatures, although minor changes in stress amplitude occur, 

most likely due to higher or lower flow stresses at the given temperature. In 

particular, tensile radial and tangential stresses increase slightly at the surface 

sensors 1 and 8, but these stresses remain bounded above by ∼ 200 MPa and 

∼ 350 MPa respectively. Importantly, the observation that neither the stresses 

nor the strains change substantially with the forging temperature could suggest 

that the thermal effects discussed in in Section 5.3 are caused by local and not 
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global drops in temperature. In other words, as the temperature decreases locally, 

the flow stress increases, and deformation concentrates in sections of the 

workpiece where the temperature is higher. 

The stress components corresponding to pre-forging at a temperature of 

1100°C are plotted in Figure 5.14. Here, the trends outlined for forging stay 

largely valid. The innermost sensor shows consistent compressive stresses. At 

surface sensors 1, 5, and 8, a transition from tensile to compressive tangential 

stresses is clearly observed. As in forging, only sensor 1 shows tensile radial stress 

although with low values below ∼ 150 MPa.  

 

Figure 5.14. Stress components (radial, tangential, axial, and shear) versus 

time during pre-forging for t > 15 s and T0 = 1100°C. 

σ
r 
[M

P
a
]

σ
z 
[M

P
a
]

σ
θ

[M
P
a
]

εθ
τ

xz
 [
M

P
a
]

εr

εxzεz

Pre-forging – 1100°C

Tension

Compression

-300

-200

-100

0

100

200

-0.5 0 0.5 1

Sensor 1
Sensor 4
Sensor 5
Sensor 8

-400

-200

0

200

400

0 0.25 0.5 0.75 1

Sensor 1
Sensor 4
Sensor 5
Sensor 8

-500

-400

-300

-200

-100

0

100

-1 -0.75 -0.5 -0.25 0

Sensor 1
Sensor 4
Sensor 5
Sensor 8

-50

0

50

100

150

200

250

-0.4 -0.2 0 0.2 0.4

Sensor 1
Sensor 4
Sensor 5
Sensor 8



5 
 

5.6 Conclusions and discussion 

The results of the FEM simulations presented and discussed in this chapter 

provide valuable insights into the response of Udimet 720 to hot die forging at 

different temperatures. Several key conclusions can be drawn: 

▪ The surface of the workpiece undergoes rapid cooling at rates from ∼ 1°C/s 

to ∼ 10°C/s  during the transfer from the furnace to the dies. For a forging 

temperature of 1100°C, the surface temperature can drop as much as 150°C 

before deformation starts. Conversely, the inner regions of the workpiece 

see almost no thermal losses. 

▪ Thermal losses at the surface increase during deformation, with cooling 

rates from ∼ 10°C/s to ∼ 20°C/s. This results in temperature drops of up 

to 60°C. The temperature in the innermost regions of the workpiece can 

increase due to adiabatic heating outweighing heat transfer.  

▪ Die chilling effects are confined to a narrow (∼ 5 mm) band of material 

surrounding the surface of the workpiece. 

▪ In forging, all true strain components are bounded above by 0.75 and below 

by – 0.8. The greatest strain components across the workpiece are axial 

and radial. At the surface, the radial strain is largely in tension, whereas 

the axial strain is in compression. The tangential strain has an upper limit 

of 0.4 and is consistently in tension. 

▪ No significant variation in strain values is found between forging 

temperatures of 1030°C, 1060°C, and 1100°C. 

▪ The strain rates for pre-forging and forging fluctuate between 10–3 s–1 and 

1 s–1 with an average of 0.1 s–1. No strong dependence is observed between 

strain rate and forging temperature.  
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▪ High stresses values of up to ∼ 1800 MPa occur across the workpiece during 

forging. The three normal stress components show relatively similar values, 

whereas shear stress is lower. In like manner to strain, tensile radial and 

tangential stress are observed, although a transition to compression takes 

place as deformation develops. Axial stresses are consistently compressive.  

▪ The presence of secondary radial and tangential tensile stresses is 

particularly relevant to this investigation since forging cracks are a 

manifestation of localised tensile stresses. 

▪ Representative hot die forging temperatures, cooling rates (1°C/s – 

20°C/s), maximum strains (εz ∼ 0.8), and strain rates (∼ 0.1 s–1) were 

obtained and are used in the chapter that follows to design the forging 

simulation experiments; this is developed in Section 6.4. 

▪ The existence of a region of material surrounding the surface where intense 

die chilling occurs is highly relevant to surface cracking. Indeed, it is shown 

that relatively modest local temperature drops can increase the stress or 

reduce the strain seen by the material locally. And crucially, these FEM 

simulations use constitutive data obtained empirically through isothermal 

tests. Thus, they do not capture the effect of die chilling on the 

microstructure and through it on the thermo-mechanical response of the 

material.  

▪ There is very likely an error linked to the FEM model not accounting for 

microstructural phenomena. This error is unlikely to compromise 

substantially the accuracy of the temperature results presented above, since 

the thermal properties of the material will not change significantly. The 

strain results can be affected; yet since the process is fundamentally strain 

controlled (the geometry of the dies and the ram speed are fixed), the 

largest inaccuracy is likely to come from the stresses.  
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▪ These results are hence approximative, but they show the trends of the 

relevant thermo-mechanical variables and provide order of magnitude 

values for the experimental design section that follows. 
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6  Laboratory - s ca l e  f o rg ing :  

exper imenta l  de s ign  

 

This chapter proposes a hypothesis and an experimental methodology to 

identify and understand the optimal forging route for highly γ′ reinforced cast-

and-wrought superalloys. The results presented in Chapter 4 and 5 provide a basic 

understanding of how Udimet 720 behaves during hot die forging. Based on 

limited literature results and microstructural analyses, a preliminary hot die 

forging window of 1000°C – 1100°C was established. Then, FEM simulations were 

used to understand the thermo-mechanical response of the material during forging 

and obtain estimates of the relevant variables to design representative 

experiments. This chapter builds on these results to further narrow down the 

forging window of Udimet 720. This requires unravelling the unexpected 

phenomenon described in Section 2.4.3 whereby ductility decreases at higher 

forging temperatures in the preliminary forging window. Thus, the chapter starts 

by presenting a hypothesis to explain this behaviour. Then, a novel thermo-

mechanical testing method is proposed to mimic hot die forging through 

laboratory-scale experiments. FEM modelling is used to find an appropriate 

specimen geometry for these experiments. This new method serves two purposes. 

First, it allows assessing how the material responds locally to different forging 

parameters without resorting to expensive and time-consuming full scale trials. 
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Furthermore, it is used to validate the said hypothesis on forgeability and surface 

cracking. Finally, an experimental matrix is presented for the thermo-mechanical 

tests. 

6.1 Hypothesis: secondary-γ' controlled surface cracking 

In conventional industrial practice, the forging of nickel-based superalloys 

is performed at temperatures at or closely below the γ′ solvus [9,150,256]. This 

promotes annealing phenomena, reduces the volume fraction of reinforcing γ′ 

precipitates, and precludes grain growth. Yet to date it is not known if this 

paradigm applies to high γ' cast-and-wrought alloys. Indeed, the results reported 

by Fahrmann and Suzuki [134] and Sczerzenie and Maurer [31] for Udimet 720 

and Bond et al. [54] for René 65 seem to disprove it. For both alloys, ductility 

increases as the forging temperature decreases in the ∼ 1000°C – 1100°C 

temperature range. Recently, Otto Fuchs KG reported similar findings concerning 

surface cracking during the hot die forging of these alloys. The hypothesis that 

follows aims to explain the physical mechanism behind this anomalous hardening 

and increased surface cracking. 

In hot die forging, forging stock is heated to high temperature in a furnace. 

Once the workpiece is in equilibrium – or at least in a thermal and microstructural 

steady state – it is removed from the furnace and deformed using pre-heated dies. 

As the temperature of the dies is lower than that of the workpiece, deformation 

is accompanied by thermal transfer from the workpiece to the dies, and the surface 

temperature of the workpiece decreases. This process is illustrated in Figure 6.1.  

The microstructure of typical forging stock material is studied in 

Section 4.2 and is found to consist of a bimodal distribution of intergranular γ′p 

and fine intragranular γ′s. The heat treatments of Section 4.3 show that as the 

temperature increases up to Tγ′s solvus (∼ 1110°C), γ′s increasingly dissolves into the 

matrix and fγ′s declines, whereas fγ′p is broadly unaffected. Thus, insets A and B 
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of Figure 6.1 depict a typical microstructure of an industrial workpiece after 

leaving the furnace and prior to hot die forging.  

It is hypothesised that greater γ′s dissolution increases the amount of γ′ 

forming elements in the matrix, which upon cooling reprecipitate as a fine 

distribution of γ′t (Figure 6.1C). Such γ′t precipitates are observed in Udimet 720 

specimens heat treated for 4 hours at 1100°C (Figure 4.5R) or 1150°C 

(Figure 4.7C,D). These fine precipitates impede dislocation motion, reduce 

ductility, and increase the susceptibility to surface cracking. This follows from the 

discussion in Section 2.1.4II that maximum hardening lies at the transition 

between weak and strong pair coupling (see Figure 2.12). For Udimet 720Li, 

Jackson and Reed [122] found that the maximum theoretical critical resolved 

  

Figure 6.1. Proposed mechanism to explain hardening and increased surface 

cracking at higher forging temperatures in hot die forging. High forging 

temperatures induce great dissolution of relatively coarse γ′s (A, B). Upon 

surface cooling, γ′ reprecipitates as very fine, highly reinforcing γ′t (C). These 

γ′t substantially strengthen the alloy and lead to surface cracking. 
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shear occurred for particle diameters ∼ 40 nm. It is noteworthy that the proposed 

hypothesis satisfactorily explains the results of Sczerzenie and Maurer [31] and is 

consistent with Fahrmann and Suzuki [134]. The continuing decline of ductility – 

measured as reduction of area – at temperatures higher than the Tγ′s solvus reported 

in these studies is attributed to the start of γ′p dissolution, which provides 

additional γ′ forming elements for nucleation and growth of γ′t. 

The hypothesis introduced above refers exclusively to the forging 

temperature, yet the results of Fahrmann and Suzuki [134] suggest that the 

cooling rate could be as crucial as the nominal forging temperature. The 

hypothesis can be extended to account for this variable. At high cooling rates, the 

rapid drop in temperature provides a strong driving force for nucleation and not 

enough time for precipitate coarsening. Thus, copious amounts of fine γ′t result 

at the surface. But as the cooling rate decreases, coarsening increasingly 

dominates over nucleation, and a distribution of coarser γ′t particles ensues. 

Therefore, the unexpected hardening and increased surface cracking arise as the 

cooling rate increases. 

6.2 Forging simulation: experimental design 

A robust experimental method is required to test the hypothesis. The most 

obvious method involves the hot die forging of full-scale workpieces. However, 

testing full-scale forgings is costly, time-consuming, and environmentally 

damaging. Therefore, a more efficient testing method is proposed that replicates 

hot die forging on small-scale specimens. The complexity of ensuring that 

laboratory-scale tests are representative of larger forgings has been recently 

acknowledged by Hardy et al. [29] in their comprehensive review of the challenges 

for novel cast-and-wrought superalloys. Laboratory-scale tests must be designed 

so that the microstructures, the thermal variables (temperatures, heating rates, 

and cooling rates), and the mechanical variables (stresses, strains, strain rates) 

mimic the (non-uniform) conditions of full-scale forging. 
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The method uses a Gleeble 3800-GTC thermal-mechanical simulation 

system to replicate hot die forging through compression tests on cylindrical and 

double cone specimens. It allows exploring hot die forgeability in a broad sense – 

microstructure, flow stress, and defects – but it is unique in that it is designed to 

target specifically the occurrence of surface cracking. Therefore, a metric of 

success for the method is whether it can reproduce on small scale specimens the 

surface cracking observed for Udimet 720 workpieces under certain forging 

parameters. The mechanical dimension to these tests and the rationale behind the 

chosen specimen geometries are presented in Section 6.3. In particular, the section 

demonstrates that for these tests the relevant mechanical variables are 

comparable to full scale forging. The discussion that follows pertains exclusively 

to the microstructural and thermal dimension of the experiments.  

Figure 6.2 proposes an experiment where samples of Udimet 720 are heated 

up to three temperatures (1), (2), or (3), where (3) corresponds to Tγ′s solvus. Then, 

samples are cooled down at a fixed rate (ϴ) to a final (or deformation) 

temperature Tf and compressed. This thermal cycle is characteristic of hot die 

forging: temperatures (1), (2), and (3) are denoted by T0 and correspond to the 

forging (furnace) temperature, while the cooling segment simulates die chilling 

effects. The initial state of the material is depicted at the bottom left corner of 

the figure: a bimodal distribution of intergranular γ′p and fine intragranular γ′s. 

Insets (1), (2), and (3). represent schematically the pattern observed through heat 

treatment investigations: as the temperature increases up to Tγ′s solvus, γ′s 

increasingly dissolves into the matrix and fγ′s declines, whereas fγ′p is unaffected. 

According to the hypothesis, greater γ′s dissolution increases the amount of γ′ 

forming elements in the matrix, which upon cooling precipitate as a fine 

distribution of γ′t. In turn, these fine γ′t reduce ductility and increase the 

susceptibility to surface cracking. Hence, if the hypothesis is correct, samples 

forged at higher temperatures (T0) should show increasing amounts of surface 

cracking (insets A – C). 
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The experiment proposed above and the mechanism depicted in Figure 6.2 

serve to study the effect of the forging temperature, yet the hypothesis proposes 

that the cooling rate (ϴ) is also a key processing variable. Figure 6.3 proposes a 

second experiment to study the influence of the cooling rate on the microstructure 

and mechanical behaviour of the material. In this case, Udimet 720 material in 

the same initial state is heated up to a certain T0 where a substantial amount of 

γ′s is dissolved. Then, it is cooled down at one of three cooling rates ϴ3 < ϴ2 < ϴ1 

to a temperature Tf prior to compression. The expected microstructures are 

schematised in insets (1), (2), and (3). At the highest cooling rate (ϴ1), the rapid 

drop in temperature provides a strong driving force for nucleation and not enough 

time for precipitate coarsening. Thus, copious amounts of fine γ′t result. But as 

the cooling rate decreases (ϴ2 and ϴ1), coarsening increasingly dominates over 

nucleation, and a distribution of coarser γ′t particles ensues. Therefore, hardening 

and increased surface cracking arise as the cooling rate increases.  

 

Figure 6.2. Thermo-mechanical experiment to investigate the effect of forging 

temperature on hot die forgeability and surface cracking. According to the 

hypothesis, higher forging temperatures increase the dissolution of the initial 

relatively coarse γ′s precipitates (1 – 3). Upon cooling, γ′ reprecipitates as very 

fine, highly reinforcing γ′t (A – C) that assist surface cracking. 
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The experiments proposed in Figure 6.2 and Figure 6.3 can be merged into 

a single testing method. This unified thermo-mechanical cycle is shown in 

Figure 6.4. Starting at room temperature, samples are heated up at a rate of 

30°C/s to a forging temperature T0 and held at that temperature for 15 minutes. 

Then, they are cooled down at a cooling rate ϴ to a deformation or final 

temperature Tf, held at that temperature for 10 s – 20, deformed to a strain ε at 

a strain rate ε̇, and air quenched to room temperature. The 15 minutes dwelling 

time is discussed in the next paragraph; the stabilisation dwelling serves to attain 

a homogenous temperature across the sample after cooling. The forging 

temperature, the cooling rate, the strain, the strain rate, and the deformation 

temperature are independent variables, while the heating rate, dwelling time, and 

stabilisation dwelling time are fixed parameters.  

 

Figure 6.3.  Thermo-mechanical experiment to investigate the effect of the 

cooling rate on hot die forgeability and surface cracking. If the hypothesis holds, 

rapid cooling (ϴ1) results in fine dispersions of γ′t, reducing ductility and 

increasing the susceptibility to surface cracking (III). Slow cooling (ϴ 3) allows 

particle coarsening, thereby precluding hardening and surface cracking. 
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In order to attain representative microstructures, specimens are heat 

treated prior to thermo-mechanical testing. The heat treatments explored in 

Section 4.3 reveal that Udimet 720 billet material does not attain equilibrium 

after 20 minutes at high temperature, but a steady state is achieved after 4 hours. 

This has important implications for the experimental design. In full-scale hot die 

forging, workpieces are heated up in a furnace for hours to achieve temperature 

and microstructural homogeneity. However, holding samples at high temperature 

for hours is not feasible on a Gleeble 3800-GTC system: it is not technically sound 

for the apparatus and can introduce undesired deformation before the start of the 

tests. Heat treatments allow reducing the dwelling time on the Gleeble to 15 

minutes, which suffices to attain temperature homogeneity across the sample. The 

heat treatments consist of holding the samples for 4 hours at their forging 

temperature (T0) followed by swift water quenching. So, microstructures are 

achieved where γ′p and γ′p are equivalent to full-scale forging and any 

reprecipitating γ′ exists as fine tertiaries. The presence of fine tertiaries is not 

considered problematic, since they readily dissolve during the 15 minutes dwelling 

step.  

 

Figure 6.4.  Thermo-mechanical testing cycle used to mimic hot die forging. 
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6.3 Sample design for laboratory-scale tests 

The standard bulk workability test involves upsetting cylindrical 

specimens into flat pancakes. Cylindrical samples are easy to prepare, require 

simple grips, and when compressed produce similar stress and strain fields to those 

seen in a workpiece during forming. Compression testing also saves the hurdles 

that occur in tension testing of premature fracture when cracks form and necking 

instabilities. However, the method does not provide a full picture of the 

forgeability of an alloy. In particular, it fails to capture the effect of large 

secondary tensile stresses, which can lead to free surface fracture or cavitation. 

Such stresses are not significant in the upsetting of cylinders but can be large in 

industrial forgings. Several methods have been employed to overcome this issue: 

among others, the notched-bar and double cone tests [184]. Double cones offer the 

advantage of inducing in the sample a strain gradient and a non–uniform stress 

state [185], and indeed some variations of this test have been used in recent studies 

to study the forgeability of nickel-based superalloys [177,185,257]. Finite element 

analysis is normally combined with double cone compression tests to correlate the 

mechanical response of the material with microstructural and fracture 

observations [184].  

In this section, finite element modelling is used to study the hot die forging 

of Udimet 720 laboratory-scale testing specimens in order to obtain optimal 

specimen geometries. The physical model implemented in FEM is shown in 

Figure 6.5. This model does not reproduce the bespoke testing method to mimic 

hot die forging introduced in Section 6.2.  Rather, it models the forging of small 

samples in the same manner that the forging of full-scale turbine discs is simulated 

in Chapter 5. This ensures the validity of the analysis irrespective of the forging 

simulation method, since it was initially not known whether the said bespoke 

method would be successful. Three geometries are studied: a cylinder, a truncated 

double cone (‘double cone’), and a truncated double cone with a central cylindrical 

section (‘cylindrical double cone’). The three geometries are selected to produce 
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different stress and strain conditions at the equator, where cracks are expected, 

and thus controlled cracking. They are compressed to a test (global) axial strain 

of 0.8, at a test axial strain rate of 0.1, and at temperatures of 1030°C, 1060°C, 

or 1100°C. Friction, adiabatic heating, and die chilling effects are included. The 

tungsten carbide anvils initially are at a temperature of 550°C. Tracer points 

where data series are recorded are located at the edge and the core of the 

specimens.  

Figure 6.6 shows the temperature versus time for the three geometries and 

three forging temperatures (A – C) and a comparison of the three geometries at 

a forging temperature of 1100°C (D). The temperature decreases monotonically 

with time for all forging temperatures, geometries, and locations, indicating that 

heat transfer outweighs adiabatic heating. Cooling at the surface (edge) starts 

when the specimen comes into contact with the die (t = 0 s), whereas a slight 

time lag is observed for the inner (core) tracer points. This produces a 

temperature gradient between the core and the edge that peaks at ∼ t = 2 s and 

dissipates by t = 8 s. Other than the expected shift along the vertical axis, no 

significant difference is observed among specimens forged at 1030°C, 1060°C, or 

 

Figure 6.5.  Schematic of the physical model of laboratory-scale hot die forging 

tests. FEM simulations of the model were used to study the three geometries 

displayed.  
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1100°C. The biggest temperature drop corresponds to the cylindrical specimen, 

with a cooling rate of 20°C/s. The variation in temperature between the double 

cone and the cylindrical double cone is negligible, with cooling rates of 14.8°C/s 

and 14.4°C/s respectively. The difference between the cylinders and the double 

cones is relatively modest; for a forging temperature of 1100°C, it peaks by the 

end of the deformation at ∼ 30°C. Overall, the temperature drop at the edge 

corresponding to a forging temperature of 1100°C is 150°C for a cylinder, 127°C 

for a double cone, and 123°C for a cylindrical double cone. 

 

Figure 6.6. (A – C) Temperature versus time during the forging of cylindrical 

(A), double cone (B), and cylindrical double cone (C) samples. Data recorded 

at the core and the edge of samples forged at 1030°C, 1060°C, or 1100°C. (D) 

Temperature versus time for cylindrical, double cone, and cylindrical double 

cone samples forged at 1100°C. 
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Figure 6.7.  Strain components (radial, tangential, axial, and shear) versus 

time for cylindrical, double cone, and cylindrical double cone samples forged at 

1030°C (left column) or 1100°C (right column). Data recorded at the core and 

the edge of the samples. 
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Figure 6.7 shows the radial, tangential, axial, and shear strain against time 

corresponding to the three specimen geometries forged at 1030°C or 1100°C. The 

shear strain shows negligible values throughout deformation and lacks a clear 

pattern, so the analysis below pertains exclusively to the remaining components. 

The behaviour of the central and the peripheral regions diverges significantly, 

with substantially greater deformation at the core of the samples. Conversely, the 

forging temperature does not seem to significantly affect the strain evolution or 

distribution. In particular, certain variation is observed in the radial and axial 

strains at the edges, but this deviation is below ∼ 0.2 for a total radial deformation 

of ∼ 1.2 and ∼ 0.3 for a total axial deformation of ∼ 2.5. Concerning the geometry, 

the strain at the core regions is highly comparable for all three specimens. The 

strain at the edge is greater (in absolute value) for the cylinder, while the double 

cone specimens display almost identical values. The greatest strain absolute value 

corresponds to the axial strain, followed by the radial and tangential strains. For 

all conditions and tracer point locations, the axial strain is consistently in 

compression and the tangential strain in tension. In addition, the radial strain is 

consistently in tension at the core, whereas for the edge it is largely in 

compression, but a transition is noted for cylinders from tension to compression. 

The strain rate versus time for different geometries and forging 

temperatures is shown in Figure 6.8. The 0.1 s–1 overall axial strain rate of the 

test (imposed by the dies) was selected to match the strain rates of full-scale 

forging (see Section 5.4). It is observed that strain rates are bounded below by 

0.03 s–1 and above by 0.5 s–1. Strain rates are one order of magnitude greater in 

the inner than in the peripheral regions. The strain rate at the core increases as 

deformation progresses for all geometries, whereas at the edge it decreases for the 

cylinder and remains largely constant for both double cone specimens. The 

variation between the double cones and the cylindrical double cones is marginal. 

Figure 6.8B reveals that temperature does not significantly affect the strain rate, 

besides producing slightly higher values at the core as the temperature decreases. 
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It is concluded that the global axial strain rate of 0.1 s–1 results in good agreement 

with full-scale forging conditions for every geometry and condition considered 

Figure 6.9 displays maps of the normal stresses corresponding to a 

cylindrical and a double cone specimen at the end of deformation. The shear stress 

is negligible and thus not shown (see Figure 6.10 and Figure 6.11). A transition 

from tensile to compression stress is observed for all three normal stresses. 

Specifically, the radial component is compressive in the central regions of the 

sample and tensile in the peripheral regions. The maximum tensile stress of 

∼ 180 MPa appears at the top and bottom surfaces, which are in contact with the 

dies. The tangential stress exhibits a pattern characteristic of upset cylindrical 

specimens: a cross-shaped region of high compressive stress that peaks at the core, 

a region of low stress (dead-metal zone) around it, and moderate tensile stress at 

the top and bottom surfaces. In addition, a gradient of increasing tensile stress 

towards the lateral surfaces is observed that peaks at ∼ 500 MPa. This is similar 

to the axial stress, which increases radially from ∼ – 1100 MPa in compression at  

 

Figure 6.8. (A) Strain rate versus time for cylindrical, double cone, and 

cylindrical double cone samples forged at 1100°C. (B) Strain rate versus time for 

double cone samples forged at 1030°C, 1060°C, or 1100°C.  Data recorded at the 

core and the edge of the samples. 
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the core to ∼ 180 MPa in tension at the edge. Interestingly, the stress gradient is 

less steep for the double cones, indicating that cracking could be less sensitive to 

deformation inhomogeneities and shape changes; in other words, cracking is likely 

  

 

Figure 6.9. Normal stress (radial, tangential, axial) maps corresponding to the 

forging of cylindrical and double cone specimens at a temperature of 1100°C. 

The tracer points shown at the middle section indicate where the core (left) and 

edge (right) data are extracted. 
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to be more localised at the edge of the sample, whereas crack initiation regions in 

the cylinder could be less consistent and more sensitive to the final shape that 

barrelling induces on the sample. 

Figure 6.10 shows the radial, tangential, axial, and shear stresses against 

strains at the edge and the core of double cone specimens forged at 1100°C. It is 

observed that the stress and strain distributions in the inner and peripheral 

regions are markedly different, whereas the divergence between different 

geometries is less significant. The radial stress is negligible at the edge and large 

(in compression) at the core, where it reaches ∼ – 550 MPa for both double cones 

and ∼ – 700 MPa for the cylinder. The tangential stress at the core behaves in 

the same manner. But at the edge, tangential tensile stresses of ∼ 400 MPa exist. 

The axial stress behaves similarly, although there is a vertical shift downwards 

that causes a compression to tension transition at the edge. Both the shear stress 

and strain are negligible. Comparing the three geometries, the largest stress 

divergence between the cylinder and the double cones corresponds to radial stress 

at the core. At the edges, although they attain generally similar stress values, the 

cylinder does so at higher strain values. Interestingly, the double cone displays 

significantly lower axial stress at the edge than the cylindrical double cone; for 

all variables considered, this is the only major difference between these two 

geometries.  

The normal and shear stress components versus their corresponding strains 

for double cone samples forged at 1030°C, 1060°C, and 1100°C are shown in 

Figure 6.11. The shear stress is negligible and has no clear pattern, so the analysis 

that follows pertains exclusively to the normal stresses. The trends noted in 

Figure 6.10 remain valid for the three forging temperatures. It is seen that lower 

forging temperatures translate into higher (in magnitude) stresses, both at the 

edge and at the core. These changes are significant: the maximum radial stress 

shifts in compression from ∼ – 570 MPa to ∼ – 940 MPa. The tangential stress  
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Figure 6.10. Stress components (radial, tangential, axial, and shear) versus 

corresponding strains for cylindrical, double cone, and cylindrical double cone 

samples forged at 1100°C. Data recorded at the core and the edge of the 

samples. 

 

Figure 6.11. Stress components (radial, tangential, axial, and shear) versus 

corresponding strains for double cone samples forged at 1030°C, 1060°C, or 

1100°C. Data recorded at the core and the edge of the samples. 
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shifts in compression from ∼ – 560 MPa to ∼ – 940 MPa at the core and in 

tension from ∼ 370 MPa to ∼ 700 MPa at the edge. The axial stress at the core 

varies in compression from ∼ – 250 MPa to ∼ – 380 MPa. By contrast, the axial 

stress at the edge does not seem to depend substantially on the forging 

temperature. 

6.3.1 Highlights of sample design and FEM simulations 

Several key conclusions can be extracted from the results presented above: 

▪ The temperature evolution for the hot die forging of laboratory-scale 

specimens is comparable to full-scale (industrial) workpieces. Specifically, 

heat transfer outweighs adiabatic heating, and cooling rates of up to 

∼ 15°C/s – 20°C/s occur at both the interior and peripheral regions of the 

specimens. This is true for the three geometries and forging temperatures 

considered, bringing the results in line with those of Section 5.2. 

▪ Normal strain components at the edge of the specimens are similar in order 

of magnitude to full-scale forging, but they are significantly higher at the 

core. The strain is not markedly affected by temperature. The three 

geometries behave similarly, although strains at the periphery are slightly 

higher for cylindrical samples. 

▪ A test axial strain rate of 0.1 s–1 delivers strain rates of the same order of 

magnitude as full-scale forging (see Figure 5.10) for all conditions. 

▪ The distribution of stresses across the specimens is comparable to full-scale 

forging. In particular, Figure 6.9 and Figure 6.10 reveal that significant 

secondary tensile stresses (stresses caused by the deformation resulting 

from the applied compressive force) exist. Broadly speaking, a transition 

occurs from compression stresses at the interior of the specimens to tension 

stresses in their peripheral regions. As expected, these secondary tensile 

stresses arise more readily (at lower strains) for double cones than for 



6 
 

cylindrical specimens. Contrary to the other variables, stresses are 

noticeably temperature dependent and increase as the forging temperature 

decreases. 

▪ Overall, the difference in the thermo-mechanical variables between the 

double cone and the cylindrical double cone geometry is minimal. 

Conversely, some variation is noted between the cylinders and the double 

cones.  

▪ The stress distribution discussed above – and in particular the secondary 

tensile stresses – suggests that cracking is more likely to occur on the double 

cones. Thus, double cones may provide better cracking control as cracking 

should be less sensitive to deformation inhomogeneities.  

It must be noted that these FEM simulations (just as those of Chapter 5) 

use constitutive material data from isothermal tests and thus, they do not 

appropriately capture the thermo-mechanical effects caused by die chilling. In 

particular, assuming that the hypothesis of Section 6.1 holds, the simulations do 

not reflect the hardening caused by the precipitation of fine γ′t – particularly at 

higher forging temperatures. 

Following these results, it was decided that thermo-mechanical tests were 

to be conducted using cylinders and double cones but not cylindrical double cones. 

Cylinders are the standard sample of the Gleeble thermal-mechanical simulation 

system, and preliminary trials indicated that they deliver slightly more accurate 

thermal control. In addition, the interpretation of stress versus strain data for 

cylindrical samples is more straightforward. Double cones deliver a gradient of 

stresses and strains across the surface and higher secondary tensile stresses. Both 

these features are beneficial to study surface cracking. Since no substantial 

difference was found between the double cones and the cylindrical double cones, 

the former were selected on the basis of ease of manufacturing. 
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6.4 Experimental matrix  

After designing a thermo-mechanical cycle to simulate hot die forging and 

selecting suitable specimen geometries, the last step of the experimental design 

process consists of determining the variables for testing Udimet 720 specimens. 

The experimental matrix for the tests is shown in Table 6.1. Specimens are forged 

at temperatures of 1030°C, 1060°C, or 1100°C, and cooled at rates of 1°C/s, 

10°C/s, or 30°C/s. The strain and the strain rates are kept constant at 0.8 and 

0.1 s–1, respectively; the deformation temperature (Tf) is also kept constant at 

880°C. The rationale for these values is detailed below.  

▪ The forging temperatures (T0) of 1030°C, 1060°C, and 1100°C are selected 

following the findings of Chapter 4, where a potential forging window 

1000 – 1100°C is established. The temperature of 1100°C lies just below the 

secondary gamma prime solvus (Tγ′s solvus), while the 1030°C and 1060°C 

temperatures are spaced within the hot die forging window.  

▪ The cooling rates of 1°C/s, 10°C/s, or 30°C/s are chosen based on the FEM 

simulations of full-scale workpieces. In these, cooling rates of 1°C/s are 

recorded in the inner regions of the forging and ∼ 10°C/s by the surface. 

Table 6.1. Experimental matrix containing the forging temperatures (T0), 

cooling rates (ϴ) used to study the forgeability of Udimet 720. Other variables 

which were fixed are shown at the bottom of the matrix. 

θ 
T0 

1030°C 1060°C 1100°C 

1°C/s X X X 

10°C/s X X X 

30°C/s X X X 

Udimet 720; ε = 0.8;  ε̇ = 0.1 s–1; Tf = 880°C 
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The cooling rate of 30°C/s is selected based on preliminary trials with the 

Gleeble; this is the maximum cooling rate that can be achieved with the 

instrument. 

▪ The final (or deformation) temperature (Tf) of 880°C is selected through a 

‘reasonable worst-case scenario’ methodology. The largest temperature 

drop recorded through FEM simulations for full-scale workpieces is ∼ 150°C 

corresponding to sensor 1 in pre-forging (see Figure 5.3). When this 

temperature drop is considered together with a forging temperature of 

1030°C, Tf = 880°C results. The final temperature is set at 880°C for all 

three forging temperatures rather than subtracting 150°C to each T0. This 

allows decoupling the effect of T0 (furnace temperature) and Tf 

(deformation temperature) on cracking – although these are linked in full-

scale hot die forging. In this set of experiments, Tf is fixed because the 

hypothesis being tested relates primarily to the dissolution of greater 

amounts of γ′s. Yet in general, nothing precludes varying Tf to explore the 

latter mechanism. 

▪ The strain of 0.8 derives from the FEM simulation of a full-scale disc 

turbine, for which the maximum compressive strain (εz) is ∼ 0.8 (see 

Figure 5.7 and Figure 5.8). 

▪ Similarly, the strain rate of 0.1 s–1 is selected based on Figure 5.10, as this 

the value around which strain rates fluctuate. 

It must be noted that the strain, strain rate, and final temperature could 

have been varied. In particular, it is expected that for any combination of 

variables there exists a critical strain above which surface cracks appear. However, 

preliminary trials with the Gleeble indicated that the deformation path and 

thermal evolution of the specimens are critically dependent on the initial 

conditions. For example, minor misalignments result in highly inhomogeneous 

deformation, and cooling at the highest rate (30°C/s) not always yields the 
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expected temperature control. Hence, a decision was made to prioritise the two 

variables necessary to test the hypothesis: the forging temperature and the cooling 

rate. This allowed obtaining a sufficient number of valid experiments despite the 

said hurdle. In general, these variables could be varied to get a more 

comprehensive picture of the forging map of an alloy.  

6.5 Summary 

This chapter introduces a new conceptual framework and a novel testing 

methodology to deliver on the general aim of studying the hot die forgeability and 

the specific objective of exploring surface cracking for Udimet 720. The main 

findings of the chapter can be summarised as follows: 

▪ The conventional hot die forging window of Udimet 720 corresponds to the 

temperature range 1000°C – 1100°C. 

▪ In this temperature range, an unusual phenomenon is reported whereby 

ductility decreases and more intense surface cracking arises at higher 

forging temperatures below the γ′ solvus. This suggests that the accepted 

knowledge in industrial practice that nickel-based superalloys ought to be 

forged at temperatures below but close to the γ′ solvus does not hold for 

the highly reinforced cast-and-wrought grades. 

▪ A hypothesis is presented to explain this phenomenon: the decreased 

ductility and more extensive surface cracking follow the dissolution of 

increasing amounts of γ′s at higher forging temperatures and its 

reprecipitation as a fine dispersion of reinforcing γ′t precipitates due to die 

chilling. 

▪ A novel testing methodology is presented to simulate hot die forging that 

uses a Gleeble thermo-mechanical simulator and a bespoke thermo-
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mechanical cycle to mimic die chilling and microstructural changes at the 

surface. 

▪ Through extensive FEM modelling cylindrical and double cone specimens 

are found to be appropriate for these experiments. 

▪ An experiments matrix is selected for Udimet 720 based on FEM 

simulations and previous results. 

In the chapter that follows, the method devised here will be used in to test 

the validity of the hypothesis.
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7  Thermo-mechan i ca l  t e s t ing   

 

This chapter presents the results of the thermo-mechanical testing of 

Udimet 720 material. The methodology introduced in Chapter 6 is employed on 

laboratory-scale specimens to explore the forgeability of the alloy and its 

susceptibility to surface cracking. These tests can be considered as a middle step 

of the experimental suite developed to tackle the research questions of this project. 

In simple terms, Chapters 4 – 6 lay the foundation for the macroscopic results 

presented here, while Chapter 8 validates and delves deeper into the 

microstructural origin of these results. This methodological reflection is relevant 

and is discussed in further depth in Section 7.4. In the first part of this chapter, 

the test results are shown, classified qualitatively according to the extent of 

surface cracks, and discussed. Secondly, stress versus strain curves are presented 

and analysed. Then, a novel approach is employed to quantify surface cracking 

employing panoramic imaging and image analysis on sectioned samples. The said 

quantitative data are fed into a multiple linear regression model to predict surface 

cracking in the forging design space. The last section summarises the key findings 

of the chapter and discusses their implications in relation to the objectives of this 

thesis.    
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7.1 Gleeble compression-testing results 

Figure 7.1 shows 9 representative double cones samples following thermo-

mechanical testing at the cooling rates and forging temperatures defined in the 

experimental matrix of Section 6.4. Successful outcomes were achieved for all nine 

conditions of the experimental matrix. A total of 26 double cone specimens were 

tested of which 18 are considered valid. Tests are considered valid if both the 

thermal cycle and the deformation characteristics are acceptably accurate. There 

exists moderate deformation inhomogeneity across the samples; this is most 

clearly observed in the (T0, ϴ) = (1030°C, 30°C/s) condition, where the axial 

strain is slightly larger on one side of the sample.  

 

Figure 7.1. Representative double cone samples tested at different forging 

temperatures (T0) and cooling rates (ϴ). The forging temperature for each 

sample is indicated at the top of its column; the cooling rate is indicated at the 

left of its row. The background colour denotes the degree of cracking as per the 

gradient legend below.  
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A clear pattern exists whereby the severity of cracking increases with both 

the forging temperature and the cooling rate; here severity of cracking refers to 

both the number of surface cracks and their depth. Thus, these results provide 

solid support for the hypothesis. In addition, it is observed that the nine specimens 

display varying degrees of surface cracking, ranging from no cracks for the 

(1030°C, 1°C/s) sample to full cracking for the (1100°C, 30°C/s) condition. This 

demonstrates the soundness of the novel experimental method. Interestingly, 

surface cracking seems to be more sensitive to the cooling rate than to the forging 

temperature. Cracking is minimal for the slowest cooling rate of 1°C/s irrespective 

of the forging temperature, whereas at the medium cooling rate of 10°C/s it is 

only significant for a forging temperature of 1100°C. Conversely, all three samples 

cooled at 30°C/s show substantial cracking. In particular, the (1030°C, 30°C/s) 

sample shows one large crack and the (1060°C, 30°C/s) sample an even 

distribution of large cracks. The (1100°C, 30°C/s) sample displays fracture with 

notable loss of material, and in the context of forging it can be considered to have 

failed catastrophically.  

The full data corresponding to the double cone specimens are shown in 

tabular form in Table 7.1. This includes the specimens shown in Figure 7.1 and 

the remaining 9 valid samples. Samples are designated by their true axial strain 

after deformation – obtained through calliper measurements and direct 

calculations. Although a fixed (nominal) strain of 0.8 was set on the Gleeble 

thermo-mechanical simulator, the actual results varied. Only samples with strains 

between 0.6 and 0.9 are considered valid. By definition, the full set of data 

displays the same patterns described for the representative samples of Figure 7.1: 

higher forging temperature and especially higher cooling rates cause greater 

surface cracking. In addition, there is a positive correlation between strain and 

surface cracking that is clearly seen in the (1060°C, 30°C/s) and (1100°C, 10°C/s) 

conditions. This behaviour is expected, but it is noteworthy that the axial strain 

appears to be a weaker indicator of surface cracking than the forging temperature 

or the cooling rate. For example, the thermo-mechanical testing of both 
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(1100°C, 30°C/s) samples resulted in complete failure despite attaining relatively 

low strain values. 

Figure 7.2 shows representative thermo-mechanically tested cylindrical 

specimens. Successful results are attained for 8 out the 9 intended conditions. The 

samples show varying degrees of surface cracking and behave equivalently to the 

double cones concerning forging temperatures, cooling rates, and surface cracking. 

Consequently, these results provide additional backing for the validity of the 

hypothesis and the effectiveness of the forging simulation methodology. Surface 

cracking is negligible or marginal for the slowest cooling rate. For a cooling rate 

of 10°C/s, samples forged at 1060°C display limited cracking, but when the forging 

temperature increases to 1100°C surface cracking appears. Severe cracking occurs 

for all three samples cooled at a rate of 30°C/s. As in the double cones, 

Table 7.1. For all double cone samples tested at different forging temperatures 

(T0) and cooling rates (ϴ): global axial strain (ε) and degree of cracking. The 

degree of cracking is indicated by the background colour as per the gradient 

legend below. 

 
                                                                         

 
T0

1030 C 1060 C 1100 C

1 C/s                      

10 C/s

              
       

       

              

       

       

       

30 C/s         

              

       
       

       

Udimet 720;    0.8;    0.1 s  1; Tf   880 C
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catastrophic failure occurs for the (1100°C, 30°C/s) condition. Here again, the 

cooling rate seems to affect cracking more than the forging temperature. This is 

evidenced by the shift for a forging temperature of 1100°C from no cracking at 

1°C/s to catastrophic failure at 30°C/s. However, it is clear that the forging 

temperature also plays a significant role; for example, for a cooling rate of 30°C 

cracking is much more limited at 1030°C and 1060°C than at 1100°C. 

Overall, 12 specimens from a total of 15 completed tests are considered 

valid. Nevertheless, it is apparent from Figure 7.2 that deformation is more 

inhomogeneous than for the double cone specimens. Deformation inhomogeneities 

alter the local strain and stress states in the samples, thereby reducing accuracy. 

 

Figure 7.2.  Representative cylindrical samples tested at different forging 

temperatures (T0) and cooling rates (ϴ). The forging temperature for each 

sample is indicated at the top of its column; the cooling rate is indicated at the 

left of its row. The background colour denotes the degree of cracking as per the 

gradient legend below. 
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Besides, the cylindrical specimens show generally less surface cracking, which 

makes identifying patterns more difficult. This is due to the shortcoming 

identified in Section 6.3 that the compression of cylinders cannot capture the 

effect of large secondary tensile stresses, which are frequently behind surface 

cracking or cavitation. For these reasons, double cone specimens are prioritised 

in this research work, and only 15 cylindrical specimens are tested. 

The full set of data corresponding to the cylindrical samples is shown in 

Table 7.2. In addition to the observations noted for Figure 7.2, there is additional 

evidence that for each condition there exists a critical strain above which surface 

cracking is significant. This can be inferred from conditions (1060°C, 10°C/s) and 

(1100°C, 10°C/s), despite the limited number of samples. The critical strain can 

be thought of as a link between the macroscopic deformation variables (ε and σ) 

and the microstructural phenomena controlled by T0 and ϴ. In effect, the critical 

strain correlates positively with the forging temperature and the cooling rate. For 

example, a strain of ε ∼ 0.8 for the (1060°C, 1°C/s) condition results in no 

cracking, for (1100°C, 10°C/s) limited cracking occurs, and for (1100°C, 30°C/s) 

Table 7.2.  For all cylindrical samples tested at different forging temperatures 

(T0) and cooling rates (ϴ): global axial strain (ε) and degree of cracking. The 

degree of cracking is indicated by the background colour as per the gradient 

legend below. 

                                                                          

 
T0

1030 C 1060 C 1100 C

1 C/s               
       

       

10 C/s    
              

              

30 C/s                 
       

       

Udimet 720;    0.8;    0.1 s  1; Tf   880 C
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it results in catastrophic failure. Naturally, the global axial strain and the critical 

strain for each condition are correlated to the local strain at the equator of the 

samples where surface cracks emerge; this correlation can be established via the 

FEA simulations of Section 6.3. 

7.2 Stress-strain curves 

Figure 7.3 shows the stress versus strain data corresponding to the 

representative cylindrical samples of Figure 7.2. The subplots (A – C) display 

data for different cooling rates at each forging temperature; the subplots (D – F) 

display data for different forging temperatures at the same cooling rate. Despite 

the shortcomings noted in Section 7.1, there is value in using cylindrical samples 

along with double cones, because cylinders provide stress versus strain data that 

 

Figure 7.3. Stress versus strain curves for selected cylindrical specimens 

deformed at different forging temperatures and cooling rates. (A – C) Each 

subplot presents curves corresponding to different cooling rates at the same 

forging temperature. (D – F) Subplots for different forging temperatures at the 

same cooling rate. 
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can be interpreted in a more straightforward manner. This is discussed in further 

depth at the end of the section. 

The flow stress increases with the cooling rate at all forging temperatures. 

The difference in peak flow stress at 1030°C between specimens cooled at a rate 

of 1°C or 30°C/s is 5.5%, while at 1060°C it increases to 11.5%. Conversely, the 

gap is narrower (∼ 1%) at 1100°C. Equally, the flow stress increases with the 

forging temperature for constant cooling rates. For a cooling rate of 1°C/s, the 

peak flow stress increases by 13% when the forging temperature rises from 1030°C 

to 1100°C. For a cooling rate of 10°C/s the peak flow stress increases by 9%, and 

for 30°C/s by ∼ 12%.  

The stress versus strain results are broadly in line with the hypothesis and 

the results presented thus far. In particular, higher T0 (greater γ′s dissolution) 

and higher ϴ (finer γ′t) raise the flow stress. Yet some inconsistencies are noted. 

For example, it is unexpected that the difference in flow stress is minimal for 

specimens forged at 1100°C when the cooling rate changes (subplot C). Indeed, 

in Figure 7.2 and Table 7.2 it is seen that the largest transition in surface cracking 

occurs for these three conditions. In addition, the flow stress for the 

(1030°C, 30°C/s) condition is lower than for the (1100°C, 1°C/s) sample, but 

surface cracking is observed on the former and not the latter. These 

inconsistencies can be attributed to inhomogeneities in deformation. This is most 

clearly seen in subplot B, where the inconsistent intersections between curves are 

likely due to the non-ideal deformation observed in the (1060°C, 10°C/s) and 

(1060°C, 30°C/s) samples in Figure 7.2. Besides, all samples show a degree of 

barrelling, meaning that they are not following the deformation path assumption 

on which the stress versus strain curves rely. In summary, stress versus strain 

curves are useful indicators of how the processing conditions relate to surface 

cracking, but they should be accompanied by additional assessments before 

conclusions can be extracted with confidence. Such examinations can be either a 

macroscopic qualitative analysis as that presented in Section 7.1 or a systematic 
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quantitative approach as the one introduced in the following section. It is 

noteworthy that FEM simulations can be fed with geometric data from the 

deformed specimens to ‘backtrack’ the deformation path and thereby obtain 

actual stress and strain fields in the specimens. This could improve the accuracy 

and insight provided by the stress versus strain data and will be listed as future 

work in Chapter 10. 

7.3 Quantification of cracking behaviour  

Figure 7.4 shows two panoramic images and close-ups in the peripheral 

and inner regions for two double cone specimens: one for which no surface cracks 

are observed (1060°C, 1°C/s), and another one which shows catastrophic failure 

(1100°C, 30°C/s). The macroscopic examinations and the qualitative classification 

set out in Section 7.1 are a straightforward but effective approach to study 

forgeability and surface cracking. However, the method is limited in two aspects: 

first, macroscopic examinations do not show the depth of surface cracking, which 

is of the utmost importance in industrial practice; secondly, quantitative 

measurements are required to develop predictive statistical models. To the 

knowledge of the author, no previous study has produced a robust procedure to 

quantify surface cracking, so a bespoke method is designed and employed. In brief, 

specimens were cut along their ‘equator’ and imaged via SEM. Then, the SEM 

micrographs were assembled into panoramic images, and image analysis was 

performed to measure the cracked surface area. Finally, the data were fed into a 

multiple linear regression model. The experimental procedure is described in detail 

in Sections 3.8.3 and 3.8.4. 

The panoramic images reveal the full extent of surface cracking. Image 

analysis confirms that for the samples classified as ‘non-cracked’ in Section 7.1, 

the crack surface area is negligible, whereas for the (1100°C, 30°C/s) condition it 

reaches ∼ 16% – indicating a large loss of material. Surprisingly, low values (<1%) 

were obtained for the (1030°C, 30°C/s) and (1100°C, 10°C/s) conditions; this is 
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Figure 7.4. Representative panoramic images showing close-ups of the inner 

and peripheral (edge) regions. The top sample was forged at 1060°C and cooled 

down at 1°C/s; it displays minimal surface cracking and no internal defects. 

The bottom sample was forged at 1100°C and cooled at 30°C/s; it shows 

significant loss of material and internal voids. Void density is not quantified. 
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not in agreement with the observations of Figure 7.1 and could indicate that 

cracks are highly superficial despite their seemingly large extension. Nevertheless, 

more measurements are needed before this can be affirmed with confidence. The 

close-up images reveal that large surface cracking is accompanied by cavitation. 

A gradient of voids exists from the peripheral region, where the density of voids 

is maximum, to the inner region, where voids are sparser. Conversely, on the non-

cracked samples voids are observed solely in the immediate surroundings of the 

edge.  

 

Figure 7.5. Multiple linear regression model for cracked area (%) versus 

forging temperature and cooling rate for Udimet 720 in the 1030°C – 1100°C 

temperature range and 0°C/s – 30°C/s cooling rate range. (A) Surface plot and 

experimental data points; (B) Contour plot. 
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A multiple linear regression model was built using the surface crack area 

measurements. The predictive model is given by Eq.7.1 and 7.2, where the input 

variables are the forging temperature (T0) in [°C] and the cooling rate (ϴ) in 

[°C s–1], and the response variable is the cracked area (κ). Figure 7.5 shows a 

surface plot of the model. The model reflects the tendencies mentioned in this 

chapter regarding the relationship between cooling rate, temperature, and surface 

cracking. It also shows graphically the observation made above that the 

(1100°C, 10°C/s) data point could be an outlier. An appraisal of this method 

follows in the next section. 

 It must be noted that this model has a number of limitations. Firstly, it 

is a basic linear model that uses limited data; naturally, increasing the number of 

data points fed into it would increase its accuracy. Secondly, a linear model is 

employed to model a phenomenon which is non-linear in nature, and thus non-

linear regression would be more appropriate with additional data. This is clear 

as, for example, the model predicts that the cracked area continues to increase 

with forging temperature and cooling rates outside the dominion shown in 

Figure 7.5. This is not obvious from a metallurgical perspective, and unlikely to 

be accurate in mechanical terms, since there is an upper limit to the cracked 

surface area before catastrophic failure occurs. Finally, this model is exclusively 

observational and does not account for the physics of the problem.  

7.4 Summary and discussion 

Establishing an optimal forging window for Udimet 720 is a key milestone 

of this research project. From an industrial point of view, it paves the way for 

κ = β0 + β1 T0 + β2 ϴ + β3 T0 ϴ 7.1 

κ ∼ 41.45 – 0.04 [°C –1] T0 – 8.95 [s °C –1] ϴ + 0.00865 [s °C –2] T0 ϴ 7.2 
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reduced material waste and increased environmental and cost efficiency. 

Scientifically, learning how the optimal microstructure looks like provides insight 

into the relationship between processing parameters, microstructural evolution, 

and thermo-mechanical behaviour for this class of alloys. Therefore, this chapter 

contains the arguably most crucial results of this thesis. First, strong evidence is 

presented to sustain the validity of the hypothesis. Secondly, it is demonstrated 

that the novel forging simulation methodology is effective and accurate.  

The thermo-mechanical testing results robustly contest the notion that the 

optimal forging window for high γ′-reinforced cast-and-wrought lies below but 

close to the γ′ solvus. Instead, they suggest that lower forging temperatures 

improve ductility and reduce surface cracking. Based on the analysis of 30 valid 

double cones and cylindrical samples tested at different forging temperatures and 

cooling rates, it can be affirmed with confidence that Udimet 720 behaves in line 

with the hypothesis. For a constant deformation temperature (Tf), the severity of 

surface cracking increases with both the forging temperature and the cooling rate. 

Among these, cracking appears to be most sensitive to the cooling rate. Moreover, 

the experimental data indicate the existence of a critical strain above which 

surface cracks appear that is dependent on T0 and ϴ. Stress versus strain data 

align with the hypothesis and the qualitative results, although some 

inconsistencies are noted. Quantitative data obtained via panoramic imaging and 

image analysis validate the findings outlined above, as does the multiple linear 

regression model built with these data. Minor disagreements were observed 

between the qualitative analysis and the quantitative analysis whereby samples 

forged at intermediate T0 and ϴ appeared to show qualitatively significant 

cracking but that panoramic imaging showed to be highly superficial, resulting in 

low cracking surface. Extensive surface cracking is associated with the presence 

of a gradient of voids that is maximum in the peripheral regions and minimum at 

the core of the specimens. 
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An important corollary of the results is the validation of the forging 

simulation method. This is worthy of attention: 41 tests of laboratory-scale 

specimens provided 30 valid samples covering 9 combinations of forging 

temperatures and cooling rates. It is a significantly more efficient and economical 

method of appraising hot die forgeability than conventional full-scale trials. 

Acquiring comparable data through full-scale trials would require testing different 

forging temperatures, performing several tests at each condition for repeatability, 

and – if at all possible – employing complex temperature measurement apparatus 

to determine cooling rates. The novel method delivers a wide range of surface 

cracking states for Udimet 720. Importantly, these results show good accordance 

with those reported by Otto Fuchs KG for full-scale forgings; this matter is 

explored in further depth in Section 9.1. Double cone specimens are shown to be 

particularly robust for assessing susceptibility to surface cracking, confirming the 

importance of large secondary tensile stresses in cracking (see Section 6.3). 

Nevertheless, cylindrical samples also result in satisfactory outcomes and have the 

advantage of providing readily understandable stress versus strain curves. Despite 

the limited number of points due to the time constraints of this research project, 

the results show that panoramic imaging, image analysis, and statistical 

quantification are an effective supplement to the novel hot die forging simulation 

method. It can thus be considered a successful proof of concept. A reliable model 

can be used to find states of minimum cracking in the forging design space, for 

both industrial and scientific applications. 

If the thermo-mechanical tests are the arguably most insightful results of 

this research project, the reader could pose the question: why not starting with 

these, followed by EM, thermal analysis, and FEM simulations to understand the 

subjacent physical mechanisms? Such a view is reasonable but misses one 

fundamental point: the results shown here rely on the extensive preliminary work 

presented previously. In other words: without DSC, heat treatments, finite 

element analysis, and a fitting conceptual framework, it is unlikely that the same 

results had been obtained. For example, it would not be known that 4 hours heat 
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treatments are required to obtain representative microstructures, and which 

thermo-mechanical testing parameters are best to replicate hot die forging. In this 

sense, this work demonstrates the value of planned, structured explorations to 

target certain research problems. However, it is undoubtful that EM examinations 

of the Udimet 720 specimens after thermo-mechanical testing are a necessary 

check to further validate the hypothesis; this content is covered in the next 

chapter. 
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8  Micros t ructura l  ana lys i s  o f  

f o rged  spec imens   

 

Following the thermo-mechanical tests of Chapter 7, this chapter presents 

and discusses the EM analyses of the resulting specimens. The thermo-mechanical 

tests prove that for Udimet 720, surface cracking increases and ductility decreases 

as the temperature increases below its γ′ solvus. Together with the DSC analysis, 

heat treatments, EM examinations of heat-treated specimens, and FEM forging 

simulations, a clear picture emerges that surface cracking is controlled by the 

dissolution and reprecipitation of γ′s. However, validating with confidence the 

hypothesis requires one additional step: examining the specimens after thermo-

mechanical testing. This provides direct evidence of previously unobserved 

mechanisms, such as the reprecipitation of fine γ′t in the severely cracked, high 

forging temperature, high cooling rate samples. Crucially, it also ensures that 

other microstructural phenomena caused by the combination of both deformation 

and heat – and hence not captured through the heat treatments of Section 3.3 – 

are not at play in surface cracking. Such phenomena could include shear bands, 

abnormal grain growth (AGG), or others. Therefore, the ultimate validation for 

the hypothesis and the testing methodology is that the microstructures after 

thermo-mechanical testing resemble those observed through heat treatments.  
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The chapter starts with a fractographic analysis of the specimens that show 

significant surface cracking. Then, the microstructures of selected specimens 

corresponding to every combination of forging temperature and cooling rate of 

the experimental matrix are studied via BSE and SE imaging – including a 

comparison between the inner and outer regions of the samples. The PSD of the 

γ′ phase for these samples is quantified via image analysis on the BSE or SE 

images and discussed. Next, additional BSE imaging, EDX analysis, and EBSD 

analyses are used to infer the dominant deformation and fracture mechanisms for 

different forging conditions. The final section outlines the conclusions of the 

chapter.  

8.1 Fractography 

Figure 8.1 shows SE SEM fractographic images corresponding to the 

thermo-mechanical testing conditions which resulted in substantial surface 

cracking. It is noteworthy that the difference in resolution between images is due 

to the exposure and extension of the surface cracks. For example, the 

(1060°C, 10°C/s) specimens show minimal cracking (see Figure 7.1), which makes 

surface cracks difficult to image. Conversely, the (1100°C, 30°C/s) samples 

contain large surface cracks that can be readily imaged with good resolution (see 

Figure 8.1E,J). To avoid inducing additional cracking or other preparation 

artifacts, the specimens were ultrasonically only cleaned before being imaged. 

A pattern is observed whereby specimens thermo-mechanically tested at 

lower cooling rates and temperatures show elongated grains and dimpled fracture 

surfaces, whereas higher cooling rates and temperatures result in more equiaxed 

and faceted surfaces. The (1060°C, 10°C/s) sample (Figure 8.1A,F) shows highly 

elongated grains, substantial dimpling, and secondary cracking. The 

(1100°C, 10°C/s) sample (Figure 8.1B,G) resembles the (1060°C, 10°C/s) 

condition, although grains appear to be slightly less deformed. Intergranular γ′p 

precipitates are visible, and the exposed grains show no signs of transgranular 
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fracture – e.g. river patterns, terraces, smooth areas – suggesting that fracture 

occurs intergranularly. The same pattern is observed for the (1030°C, 30°C/s) 

sample (Figure 8.1C,H). 

For the (1060°C, 30°C/s) sample (Figure 8.1D,I), significant differences are 

noted. The grains are more equiaxed than in the previous condition, and the 

surface is more faceted – i.e. less dimpled. This indicates a shift from ductile to 

brittle fracture. Although the faceted surface is indicative of intergranular 

 

Figure 8.1. Fractographic SE SEM images of the surface cracks on double cone 

specimens thermo-mechanically tested at forging temperatures of 1030°C, 

1060°C, or 1100°C and cooling rates of 10°C/s or 30°C/s. The (1030°C, 10°C/s) 

condition is not shown as it did not display significant surface cracks. 
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fracture, the grains also show river patterns characteristic of transgranular 

fracture, suggesting a possible mixed mode of fracture [258]. The trend toward 

brittle fracture continues for the most cracked condition, specimen 

(1100°C, 30°C/s), as seen in Figure 8.1E,J; this sample displays more equiaxed 

grains and a faceted ‘rock candy’ cracking surface [259]. 

In conclusion, fractography reveals that surface cracks for Udimet 720 are 

primarily intergranular, with a ductile to brittle transition at higher cooling rates 

and forging temperatures. This is aligned with the hypothesis: it is expected that 

the material accommodates deformation and releases larger amounts of energy via 

more extensive surface cracking as greater amounts of fine γ′t harden the 

microstructure. 

8.2 Backscattered and secondary electron analyses. 

Figure 8.2 shows low (∼ 100 µm) and medium-low magnification 

(∼ 10 µm) BSE micrographs of the outer regions of the thermo-mechanically 

tested specimens for all conditions of the experimental matrix. At low 

magnification (Figure 8.2A–I), no relevant microstructural differences are noted 

between specimens: all conditions show several surface cracks, voids, and a 

dispersion of intergranular γ′p particles. In line with the heat treatments of 

Section 4.3, γ′p is not noticeably affected by either the forging temperature or the 

cooling rate. At medium magnification (Figure 8.2J–R), additional features 

become visible. All samples but the (1060°C, 10°C/s) condition contain voids, 

which are located primarily at γ′p particles. Moreover, Figure 8.2O shows a surface 

crack growing by void coalescence in the (1060°C, 10°C/s) sample. γ′s precipitates 

are seen in all 1030°C and 1060°C conditions but are absent in the samples forged 

at a T0 of 1100°C. For a T0 of 1030°C, γ′s precipitates are finer and more 

numerous, whereas the samples forged at 1060°C contain fewer and coarser γ′s 

precipitates. This is also in accordance with the observations of Section 4.3: as the  
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Figure 8.2. BSE SEM micrographs of the outer regions of specimens thermo-

mechanically tested at various forging temperatures (columns) and cooling rates 

(rows). Low magnification (A – I) and low-medium magnification images (J – 

R). Primary, secondary, and tertiary γ′ precipitates are labelled γ′p, γ′s, and γ′t; 

cracks are labelled ‘CR’ and voids ‘VD’. 
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Figure 8.3. Medium-high magnification (A – I) and high magnification (J – R) 

BSE SEM micrographs of the outer regions of Udimet 720 specimens thermo-

mechanically tested at various forging temperatures (columns) and cooling rates 

(rows). Secondary and tertiary γ′ precipitates are labelled γ′s and γ′t; voids are 

labelled ‘VD’. 
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temperature increases, coarsening occurs via Ostwald ripening. At 1100°C, no γ′s 

precipitates are observed as this temperature lies just below Tγ′s solvus (∼ 1110°C). 

Fine γ′ precipitates are noted for the (1100°C, 1°C/s) condition in Figure 8.2L. 

These, however, are not γ′s but γ′t particles, as seen in greater resolution in 

Figure 8.3.  

Figure 8.3 presents medium-high and high magnification (∼ 1 µm) BSE 

micrographs for the same thermo-mechanical testing conditions and sample areas 

of Figure 8.2. Very high magnification (∼ 100 nm) micrographs corresponding to 

the highest temperatures (1060°C and 1100°C) and cooling rates (10°C/s and 

30°C/s) are shown in Figure 8.4. The evolution of γ′s with the forging temperature 

described above is also observed in Figure 8.3A–I. Furthermore, lower cooling 

rates also result in γ′s coarsening – see Figure 8.3A,D,G and Figure 8.3B,E,H. 

This phenomenon is particularly evident as the cooling rate drops from 10°C/s to 

1°C/s and is due to the dissolution of γ′-forming elements into the matrix and 

their reprecipitation upon cooling. As the cooling rate decreases, more time is 

available for γ′-forming elements to deposit onto γ′s precipitates and for ripening 

of the newly formed γ′t.  

In Figure 8.3C, it is clear that the aforementioned γ′ precipitates for the 

(1100°C, 1°C/s) condition belong to a different population to the γ′s of 

Figure 8.3A,B,D,E,G,H. Specifically, these are γ′t particles that have 

reprecipitated upon cooling and which can also be seen in Figure 8.3F for the 

(1100°C, 10°C/s) condition. At higher magnification, γ′t precipitates are detected 

for all samples forged at 1060°C and 1100°C (Figure 8.3K,L,N,O,Q,R). 

Equivalently to γ′s, γ′t precipitates are found to coarsen as the cooling rate 

decreases. However, the effect for γ′t is more intense than for γ′s; indeed, 

Figure 8.3K,N,Q and Figure 8.3L,O,R show an order of magnitude difference in 

the PSD (size and density) of γ′t precipitates as the cooling rate changes. No γ′t 

precipitates are seen in samples thermo-mechanically tested at 1030°C. The 

samples thermo-mechanically tested at a forging temperature of 1100°C contain 
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greater amounts of γ′t than the 1060°C samples – this is most clearly seen in 

Figure 8.3K,L and Figure 8.3N,O. As per the hypothesis, this is due to the greater 

dissolution of γ′s as the forging temperature increases and the concomitant rise in 

γ′-forming elements that reprecipitate upon cooling. Interestingly, γ′t precipitates 

seem to have a comparable size or be finer for T0 = 1060°C than for T0 = 1100°C 

(see Figure 8.3K,L and Figure 8.4A-D). Since finer γ′t precipitates tend to 

diminish ductility, this seems to be at odds with the fact that surface cracking 

increases with the forging temperature. However, this can be explained in terms 

of the overall lower γ′t volume fraction at 1060°C, or the finer γ′t lying below the 

peak strength (see Figure 2.12) and blocking dislocation glide less effectively than 

the slightly coarser ones. 

 

Figure 8.4.  Very high magnification BSE SEM micrographs of the outer 

regions of Udimet 720 specimens thermo-mechanically tested at forging 

temperatures of 1060°C or 1100°C and cooling rates of 10°C/s or 30°C/s. 

Secondary and tertiary γ′ precipitates are labelled γ′s and γ′t.  
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Following their characterisation by BSE imaging, the thermo-mechanically 

tested and EM-prepared samples were γ-etched electrolytically using a 10% 

phosphoric acid solution. SE SEM micrographs of these materials are shown in 

Figure 8.5. The micrographs at low magnification (Figure 8.5A–I) and high 

magnification (Figure 8.5J–R) provide additional evidence for the phenomena 

described above, namely: 

▪ γ′p precipitates are largely unaffected by either the forging temperature or 

the cooling rate; this is attributed to their different chemical composition 

together with their smaller interface area. 

▪ Greater amounts of γ′s precipitates dissolve as the forging temperature 

increases. γ′s precipitates coarsen as the cooling rate decreases. 

▪ For all samples thermo-mechanically tested at forging temperatures of 

1060°C or 1100°C, reprecipitated γ′t particles are detected. These are 

particularly fine (∼ 50 nm) for cooling rates of 10°C/s and 30°C/s. 

A small number of γ′s precipitates are seen for the (1100°C, 10°C/s) 

condition (Figure 8.5F), which are not seen in the BSE micrographs; this is 

consistent with the Tγ′s solvus (∼ 1110°C) obtained via DSC. Moreover, no γ′t are 

observed for the (1030°C, 30°C/s) condition in either Figure 8.3P or Figure 8.5P. 

This is despite this condition resulting in significant surface cracking (see 

Figure 7.1). It is hypothesised that – in line with the observation that γ′t are finer 

at 1060°C than at 1100°C for the same cooling rate – γ′t precipitates in 

Figure 8.3P or Figure 8.5P are too fine to be resolved via SEM. This could be 

confirmed via TEM but was left outside of this research project due to time 

constraints. 

Figure 8.6 presents BSE SEM micrographs corresponding to the outer and 

inner regions of the thermo-mechanically tested specimens. Specifically, BSE 
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Figure 8.5. SE SEM micrographs of the outer regions of Udimet 720 specimens 

thermo-mechanically tested at various forging temperatures (columns) and 

cooling rates (rows). Low-medium magnification (A – I) and high magnification 

images (J – R). Primary, secondary, and tertiary γ′ precipitates are labelled γ′p, 

γ′s, and γ′t; voids are labelled ‘VD’. 
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micrographs are shown corresponding to the upper and lower bounds of the 

experimental matrix for cooling rate (1°C/s and 30°C/s) and forging temperature 

(1030°C and 1100°C). This analysis explores whether microstructural 

inhomogeneities exist across the specimen that could affect the thermo-mechanical 

behaviour of the material – and hence the accuracy of the tests. It is noteworthy 

 

Figure 8.6.  BSE SEM images of the outer (‘edge’) and inner (‘core’) regions 

of specimens thermo-mechanically tested at forging temperatures of 1030°C or 

1100°C and cooling rates of 1°C/s or 30°C/s. Low magnification (A – H), 

medium magnification (I – P), and high magnification images (Q – X). 
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that the FEM simulations (see Figure 6.6) indicate that the temperature gradient 

between the inner and the outer regions is modest and short-lived.   

No significant differences are noted between the inner and the outer regions 

of the specimens for any forging temperature or cooling rate. In the low 

magnification micrographs (Figure 8.6A–H) it is seen that – equivalently to the 

outer regions – intergranular γ′p particles in the inner regions remain unaffected 

by thermo-mechanical processing. In the medium magnification images 

(Figure 8.6I–P), γ′s particles are present in the inner regions at 1030°C and 

1060°C; these are of comparable size to those present in the outer regions. 

Interestingly, the high dislocation density in Figure 8.6N,P suggests that the core 

of the samples undergoes greater deformation that the edges – in agreement with 

the FEM results of Figure 6.7. Finally, γ′t precipitates are observed in the high 

magnification micrographs (Figure 8.6Q–X) for which only minor differences are 

found. In particular, several γ′t precipitates are present in the core for the 

(1030°C, 30°C/s) condition – adding evidence to the idea proposed above that for 

a forging temperature of 1030°C γ′t precipitates are too small to be resolved via 

SEM. Since cooling at the core is slightly slower, γ′t coarsens to a size where it 

can be resolved. Likewise, for the (1100°C, 30°C/s) condition, γ′t precipitates in 

the outer regions (Figure 8.6W) seem to be marginally finer than in the inner 

regions (Figure 8.6X).  

8.3 Image analysis and quantification 

Figure 8.7 plots the volume fraction of γ′p (Figure 8.7A) and γ′s 

(Figure 8.7B) as a function of the forging temperature and cooling rate; these 

data correspond to image analysis measurements. Consistent with the 4-hour heat 

treatments of Section 3.3, f γ′p is bounded above by ∼ 15% and below by ∼ 10%. 

For the 1°C/s and 10°C/s conditions, fγ′p increases by ∼ 5% at a forging 

temperature of 1060°C. This could indicate that for sufficiently slow cooling rates, 

γ′ forming elements deposit onto γ′p particles upon cooling, or that γ′p coarsens 
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at the expense of smaller precipitates. However, further measurements are 

required to validate this finding.  

fγ′s decreases monotonically with the forging temperature and is negligible 

at 1100°C. As observed qualitatively, fγ′s increases as the cooling rate decreases, 

particularly between 1°C/s and 10°C/s. Importantly, the divergence in fγ′s 

between specimens cooled at different rates is maximum at 1060°C. Since surface 

cracking is found to be controlled by the dissolution of γ′s, this result suggests 

that surface cracking for Udimet 720 is most sensitive to the cooling rate when 

hot die forged at a temperature of 1060°C, whereas for 1030°C the difference is 

marginal once the cooling rate surpasses 10°C/s. 

The fγ′s data corresponding to cooling rates of 10°C/s and 30°C/s are in 

good agreement with the 4-hour heat treatments data; conversely, it is 

significantly higher for a cooling rate of 1°C/s. This is to be expected, noting that 

the heat treated specimens were water quenched – i.e. cooled very swiftly; hence, 

 

Figure 8.7. For thermo-mechanically tested Udimet 720 specimens: measured 

volume fraction of γ′p (A) and γ′s precipitates (B) as a function of heat 

treatment temperature (x-axis) and cooling rate (1°C/s, 10°C/s, or 30°C/s). 
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as the cooling rate increases, the fγ′s vs temperature curves tend to the 4-hour 

heat treatment curve of Figure 4.6. It is noteworthy that the difference in fγ′s 

between curves can be used as a proxy to quantify Ostwald ripening of γ′t 

precipitates for different cooling rates – i.e. it can be assumed that any increase 

in fγ′s comes from an equivalent decrease in fγ′t. This is useful, since fγ′t could not 

be accurately quantified via SEM.  

 

Figure 8.8. For thermo-mechanically tested Udimet 720 specimens: measured 

mean size of γ′p (A – C), γ′s (D – F), and γ′t precipitates (G – I) as a function 

of heat treatment temperature (x-axis) and cooling rate (1°C/s, 10°C/s, or 

30°C/s). The error bars represent the standard deviation of the sample. 
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The mean size of γ′p (A – C), γ′s (D – F), and γ′t (G – I) precipitates as a 

function of the forging temperature and the cooling rate are shown in Figure 8.8. 

The average size of γ′p particles is found to be ∼ 5 µm and not correlated with 

either the temperature or the cooling rate. Accounting for the dispersion of 

particle sizes, this result is consistent with the heat treatment data.  

Also in accordance with the results of the 4-hour heat treatments, γ′s 

particles grow in size with the forging temperature. Contrarily, the size of γ′s does 

not strongly correlate with the cooling rate – the exception being that for a forging 

temperature of 1060°C, γ′s precipitates are substantially larger for a cooling rate 

of 1°C/s than for 10°C/s or 30°C/s. The size of γ′s for (1030°C; 1°C/s) is not 

quantified as not enough γ′s precipitates were observed.  

γ′t precipitates behave in the opposite manner: their size correlates strongly 

with the cooling rate. Specifically, it decreases substantially as the cooling rate 

increases, particularly in the 1°C/s to 10°C/s range. As for the effect of the forging 

temperature on γ′t, the results show that for cooling rates of 1°C/s, 10°C/s, or 

30°C/s the average size of γ′t stays approximately constant. The size of γ′t for T0 

= 1030°C is not quantified as precipitates cannot be resolved via SEM. 

For additional insight, it is interesting to utilise the data above to estimate 

how each population of γ′ strengthens the alloy. The strengthening contributions 

can be calculated using the formulae presented in Section 2.1.3 for weak or strong 

coupling. For simplicity, since the observed γ′s and γ′t particles are in all cases 

close to or above the peak strength for Udimet 720 (∼ 40 nm [122]), the strong 

coupling Eq. 2.3 is used. The model requires the (temperature-dependent) 

antiphase boundary energy (γAPB) of the γ′ precipitates and the shear modulus 

(µ). These are calculated using Eq. 8.1 and 8.2 from Galindo-Nava et al. [91] for 

Udimet 720’s low interstitial grade, where T is the temperature (in K); a Burger’s 

vector value b = 0.248 nm is used. Since the fraction of γ′t could not be measured 

experimentally, it was estimated for each condition by subtracting from the total 
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fraction of γ′ in the initial (as-received) state the fractions of γ′p and γ′s – i.e. 

assuming that the fraction of γ′ remains approximately constant. The results of 

these calculations are presented in Table 8.1. 

The results of Table 8.1 align with previous observations. For lower forging 

temperatures and cooling rates, γ′s precipitates strengthen the alloy by ∼ 70 MPa; 

however, for T0 = 1060°C and ϴ = 30°C/s, the strengthening effect has 

diminished significantly to ∼ 40 MPa. For a forging temperature of 1100°C, the 

residual fraction of γ′s precipitates results in a negligible strengthening. The 

strengthening effect of γ′t precipitates is more significant, with τγ′t ∼ 100 MPa for 

γAPB = 0.3 – 0.000007 T – 0.00000003 T2 [J/m2] 8.1 

µ = 87.32 – 0.0009 T – 0.0000019 T2 [GPa] 8.2 

Table 8.1. Strength contribution of secondary γ′ precipitates (τγ′s) and tertiary 

γ′ precipitates (τγ′t) in Udimet 720 samples heated up to different forging 

temperatures (T0) and cooled down to 880°C under different cooling rates (ϴ). 

τγ′s T0 

θ 1030°C 1060°C 1100°C 

1°C/s 70 MPa 60 MPa 0 MPa 

10°C/s 70 MPa 50 MPa 0 MPa 

30°C/s 50 MPa 40 MPa 0 MPa 

τγ′t T0 

θ 1030°C 1060°C 1100°C 

1°C/s N/A 100 MPa 100 MPa 

10°C/s N/A 200 MPa 200 MPa 

30°C/s N/A 300 MPa 300 MPa 

Udimet 720; Tf = 880°C 
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low cooling rates, and up to ∼ 300 MPa for high cooling rates. The strengthening 

effect of γ′t for T0 = 1030°C could not be estimated, as the size of the precipitates 

could not be resolved with SEM. Hence, these figures further support the 

hypothesis that the observed strengthening is due principally to the precipitation 

of significant amounts of fine γ′t at high cooling rates. In the absence of data for 

T0 = 1030°C, the effect of the forging temperature is not clear; higher resolution 

imaging (via TEM) could provide additional insight. 

8.4 Deformation and fracture mechanisms 

The results of the previous section demonstrate robustly that the 

microstructures of the thermo-mechanically tested specimens agree with the 

predictions of the hypothesis (see Figure 6.2 and Figure 6.3) and the heat 

treatments of Section 4.3. However, two questions remain open. Firstly, it is yet 

to be established if other microstructural phenomena besides changes in the 

γ′- PSD, such as abnormal grain growth, could contribute to surface cracking. 

Secondly, it has not been determined how deformation and fracture occur, and if 

they are affected by differences in the γ′-PSD. This section sheds light on these 

questions. 

8.4.1  Backscattered electron imaging 

Figure 8.9 shows BSE images of the outer regions (Figure 8.9A–D) and SE 

images of the inner regions (Figure 8.9E–G) of thermo-mechanically tested 

specimens corresponding to the main diagonal of the experimental matrix. In the 

outer regions, voids are detected for all conditions. No differences are noted in the 

voids between any of the three conditions: they are located at γ′p particles and 

are not accompanied by particle cracking. Moreover, the (1100°C, 30°C/s) 

condition (Figure 8.9C,D) shows a surface crack growing by coalescence of the 

said voids.  
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Figure 8.9.  Voids at γ′p particles (A – G) and surface crack growth via void 

coalescence (C – D) on BSE/SE SEM images of the outer (‘edge’) and inner 

(‘core’) regions of specimens thermo-mechanically tested at various forging 

temperatures and cooling rates. Voids are labelled ‘VD’; surface cracks are 

labelled ‘SC’. 
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For the inner regions, a gradient of void density exists between the lower 

cooling rate and lower forging temperature condition – which shows no voids 

(Figure 8.9E) – and the high cooling rate, high forging temperature condition, 

which shows a significant number of voids (Figure 8.9G). The last result is 

interesting in itself: it suggests that for Udimet 720, the presence of surface 

cracking is associated with the occurrence of voids deep inside the forging. In that 

sense, surface cracks are not only a defect that ought to be removed, but an 

 

Figure 8.10.  Deformation structures on BSE SEM images of the outer regions 

of specimens thermo-mechanically tested at various forging temperatures and 

cooling rates. ‘DG’ refers to deformation glide, ‘DT’ to deformation twins, and 

‘DC’ to dislocation cells.  
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indicator of the presence of highly undesirable internal voids. Internal voids may 

force that a forging be discarded altogether, so this result adds to the evidence 

that high cooling rates and forging temperatures are to be avoided.  

Overall, the results suggest that the fracture mechanism behind surface 

cracking is common across all forging temperatures and cooling rates. Voids 

nucleate due to plastic flow concentration at non-deforming inclusions [186] and 

grow by decohesion at the particle-matrix interface; when sufficiently large surface 

cracks appear, they advance via coalescence of the said voids. Although the 

formation of these voids is not the focus of this study, it is hypothesised that void 

nucleation may happen by crack formation at the particle-matrix interface (e.g. 

by clustering of vacancies), followed by dislocation emission from the crack tip. 

According to Noell et al.’s [260] review of the microstructural aspects of void 

nucleation, FCC metals at high loading rates or  stresses (above 1GPa) exhibit 

this behaviour; interestingly, the same review notes that there is increasing 

evidence that particle debonding is associated with dislocation boundaries and 

deformation twins [260]. Once nucleated, voids grow at a higher rate than the 

matrix; elongate and become ellipsoidal (see Figure 8.9); and ultimately coalesce 

causing or facilitating fracture [186]. Hence, the lesser severity of cracking at lower 

forging temperatures and cooling rates can then be ascribed to the lower void 

density and flow stress (see Figure 7.3), both of which hinder crack growth. 

Conversely, for the harder microstructures linked to high cooling rates and forging 

temperatures, dislocation glide is impeded by fine γ′t; this favours the emergence 

of voids and increases the flow stress, paving the way for surface crack growth. 

Figure 8.10 displays additional BSE micrographs of the outer regions of 

thermo-mechanically tested specimens corresponding to the main diagonal of the 

experimental matrix. They show that – contrary to fracture – the dominant 

deformation mechanism changes with the forging temperatures and the cooling 

rate. For the (1030°C, 1°C/s) condition (Figure 8.10A,B), particle shearing by 

strongly coupled dislocation pairs is observed in several γ′s precipitates, and the 
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material appears to show a lower dislocation density than for the other two 

conditions. This suggests that for this forging temperature and cooling rate, 

dislocation glide and particle shear are the main deformation mechanisms.  

The (1060°C, 10°C/s) condition (Figure 8.10C,D) shows no direct evidence 

of dislocation glide or γ′ shearing. However, dislocation cells are observed, 

indicating that dislocation density is higher and dislocation mobility is lower than 

in the previous case. Moreover, several line structures of thickness ∼ 10 nm are 

observed in Figure 8.10D; these are believed to be microtwins, pointing at the 

activation of twinning as an alternative deformation mode less inhibited by 

dislocation density. The trend is maintained for the (1100°C, 30°C/s) condition 

(Figure 8.10E,F), which shows more extensive dislocation cells and higher 

dislocation density. Line structures alike to the presumed twins of Figure 8.10D 

are seen in Figure 8.10F, but with significantly larger thicknesses of ∼ 1 µm. 

Based on the observations described above, it is hypothesised that 

dislocation glide and particle shear are the dominant deformation mechanisms at 

lower forging temperatures and cooling rates. Yet for higher cooling rates and 

forging temperatures, dislocation motion is increasingly impeded by fine γ′t, and 

at sufficiently high strains another deformation mechanism is triggered: twinning. 

Twinning requires dislocation activity as a precursor, so it is believed that this 

deformation regime entails dislocation and twinning operating concurrently. 

These observations are in agreement with the reports of Fahrmann and Suzuki 

[134] for Udimet 720 and Kienl et al. [94] for ATI 718Plus®. Based on this, the 

question arises of whether the activation of twinning as a significant deformation 

mechanism precipitates failure. Indeed, deformation twins are known to impede 

dislocation motion and increase strength [261,262], and profuse twinning has been 

linked to reduced ductility due to twinning impingement – which causes local 

stress concentrations and triggers cracking [263]. Although this merits further 

investigations, it is not believed that twinning directly triggers failure, since 

cracking is systematically observed to start at γ′p particles rather than in highly 
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twinned areas for every cooling rate and forging temperature considered. It cannot 

be discarded, however, that the emergence of deformation twins causes notable 

strengthening and indirectly contributes to the ultimate failure of the material. 

8.4.2  Energy-dispersive X-ray spectroscopy  

Figure 8.11 shows an electron (SE) image and energy-dispersive X-ray 

spectroscopy (EDX) maps corresponding to the outer region of a sample thermo-

mechanically tested at a forging temperature of 1060°C and a cooling rate of 

10°C/s. The EDX analysis has a twofold purpose. Firstly, it seeks to confirm that 

the regions that have so far been presumed to be voids are indeed so – and not 

an unknown phase. Secondly, it serves to investigate the occurrence of 

 

Figure 8.11. EDX maps of the outer region of a Udimet 720 sample thermo-

mechanically tested at a forging temperature of 1060°C and a cooling rate of 

10°C/s. The dashed yellow squares enclose the oxygen rich voids and cracks. 
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compositional effects – or lack thereof – in the surroundings of surface cracks or 

voids, which could be causing or assisting cracking. 

The SE image shows several γ′p particles as well as a number of γ′s 

precipitates. It also displays one surface crack (right side of the image) and two 

voids (left side of the image), which are marked with yellow dashed frames. A 

distinctive compositional contrast is noted between the γ matrix and the γ′p 

particles; γ′p are rich in Ti, Al, and Ni; and depleted in Cr, Co, and Mo. The γ′s 

precipitates are not resolved in the EDX maps. The presumed voids and the 

surface crack are rich in O and depleted of Mo, Al, and Zr. This indicates that 

oxygen permeation has occurred and supports that the dark contrast areas are 

voids. Similarly, the surface crack is rich in C; this is an artifact of the 

metallographic preparation method, and it is due to the surface crack being filled 

by the phenolic mounting resin. Considered together with the edge effect seen 

around the black regions, it is proved that they are indeed voids. No other 

compositional effects are detected.  

8.4.3 Electron backscatter diffraction analysis 

Figure 8.12 displays electron backscatter diffraction (EBSD) maps of the 

outer regions of specimens thermo-mechanically tested corresponding to each 

condition of the experimental matrix. In the sample-plane-normal inverse pole 

figures (IPF-Z) maps of Figure 8.12A–I, grains appear equiaxed and do not show 

signs of strong crystallographic texture. Similarly, no evident grain growth is 

observed for any condition. Voids at the intergranular γ′p particles are detected 

for several conditions: (1030°C, 1°C/s), (1030°C, 10°C/s), (1030°C, 30°C/s), 

(1060°C, 1°C/s), and (1060°C, 10°C/s), as shown in Figure 8.12A–E,G,H. 

Furthermore, surface cracks are observed for the (1060°C, 10°C/s), (1060°C, 

30°C/s), (1100°C, 1°C/s), (1100°C, 10°C/s), and (1100°C, 30°C/s) conditions. 

The surface cracks grow into the specimens intergranularly, as seen most clearly  
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Figure 8.12. (A – I) EBSD inverse pole figure (IPF) maps of the outer regions 

of specimens thermo-mechanically tested at various forging temperatures and 

cooling rates. The colours indicate which crystal direction of the stereographic 

triangle is normal to the sampling plane. (J – R) High angle grain boundaries 

(α > 15°; black) and twin boundaries (red) for the same regions. 
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for the (1100°C, 10°C/s) condition (Figure 8.12H), in agreement with the 

fractographic and BSE examinations.  

For the same specimens and regions, maps displaying the high angle grain 

boundaries (α > 15°) and twin boundaries are shown in Figure 8.12J–R. Twins 

are observed for all conditions, but no noticeable difference is noted in either their 

morphology or density as the forging temperature or cooling rate changes. 

Moreover, the twin boundaries are flat rather than lenticular, suggesting that 

these are annealing twins and not deformation twins. These data could be 

 

Figure 8.13.  For the maps shown in Figure 8.12: {100}, {110}, and {111} 

pole figures in the sample plane and grain size distribution functions. 
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considered to conflict with the evidence presented in Section 8.4.1 that twinning 

is a significant deformation mechanism at high forging temperatures and cooling 

rates. Yet it must be noted that the EBSD maps are collected at a lower 

magnification than the BSE images of Figure 8.10. Therefore, it can only be 

concluded that no mechanical twins occur at this scale, but additional EBSD 

examinations are required to further validate the hypothesis proposed in Section 

8.4.1 concerning the deformation mechanisms. 

Figure 8.13 displays the grain size distribution functions and the {100}, 

{110}, and {111} pole figures in the sample plane for the maps of Figure 8.12. In 

agreement with the findings for the IPF-Z maps, no crystallographic texture is 

observed on the pole figures. Likewise, no correlation is found between grain size, 

forging temperature, and cooling rate. Indeed, the average grain size is fairly 

consistent and varies between ∼ 3.5 µm and ∼ 6.5 µm, with standard deviations 

from ∼ ± 3 µm to ∼ ± 5 µm. These figures lie within the range of grain sizes 

measured in the as-received material (see Section 4.2), demonstrating that no 

grain growth occurs during either heat treatment or thermo-mechanical testing. 

Consequently, abnormal grain growth – or indeed grain growth – is discarded as 

a cause behind surface cracking at high forging temperatures and cooling rates. 

Moreover, these data further support the finding in Chapter 4 that γ′p particles 

are effective in pinning the γ grains for temperatures of up to 1100°C. 

8.5 Conclusions 

The fractographic and EM analyses presented and discussed in this chapter 

provide additional evidence that surface cracking is controlled by the dissolution 

of γ′s and its reprecipitation as fine γ′t; the observations also exclude alternative 

mechanisms that could be causing or assisting surface cracking; and they offer 

new insight into the deformation and fracture mechanisms that dominate at 

different forging temperatures and cooling rates. The main conclusions can be 

summarised as follows: 
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▪ The fractographic analysis shows that for the thermo-mechanical 

processing of Udimet 720, surface cracking is primarily intergranular, and 

a transition from ductile to brittle fracture occurs as the cooling rate and 

forging temperature increase.  

▪ The results of the EM examinations are in good agreement with both the 

heat treatment data and the assumptions made in Section 6.1 which 

underpin the hypothesis, namely: 

▪ γ′p does not change with either the forging temperature or the cooling rate.  

▪ EBSD analyses show that grain growth does not occur for any of the 

conditions considered. This proves that γ′p particles are effective in pinning 

the grains in the hot die forging window (1000°C to 1100°C). Moreover, no 

crystallographic texture is observed via EBSD for any forging temperature 

of cooling rate. 

▪ Since no grain growth or abnormal grain growth occur, these can be 

rejected as causes behind surface cracking at high forging temperatures and 

high cooling rates. 

▪ The previously noted behaviour whereby larger amounts of γ′s dissolve at 

higher forging temperatures is observed for the thermo-mechanically tested 

samples. Furthermore, evidence is presented that this causes the 

reprecipitation of larger amounts of γ′t upon cooling, which correlates with 

more extensive surface cracking. 

▪ Likewise, evidence is presented that higher cooling rates at the same forging 

temperature lead to finer γ′t precipitates and more extensive surface 

cracking – in line with the hypothesis and classical precipitation theories. 

Estimations of the strengthening contributions of the different populations 

of γ′ confirm that the main strengthening effect is due to the fine γ′t 

precipitates occurring at high cooling rates and forging temperatures. 
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▪ No substantial microstructural differences exist between the core and the 

outer regions of the thermo-mechanically tested specimens. This is 

consistent with the thermal data from FEM analysis. Experiments are 

designed so that each test explores the material’s response to different 

stresses and strains for one microstructural state (controlled by T0 and ϴ). 

Hence, microstructural homogeneity across the core and outer regions is 

desirable, and these results support the accuracy of the tests  

▪ Surface cracks are accompanied by internal voids. In particular, void 

density correlates positively with the severity of surface cracking. For 

samples which show substantial surface cracking, even the innermost 

regions of the samples show significant void density. 

▪ No compositional effects are observed through EDX at the voids or surface 

cracks. 

▪ BSE examinations suggest that the surface fracture mechanism is common 

for all forging temperatures and cooling rates: voids nucleate and grow by 

decohesion at the particle-matrix interface, and surface cracks grow by 

coalescence of the voids. 

▪ SEM data suggest that dislocation motion is the dominant deformation 

mechanism at lower forging temperatures and cooling rates, whereas for 

higher cooling rates and forging temperatures it is accompanied by 

twinning. 

Overall, this and previous chapters present substantive evidence to support 

the main hypothesis of this research project and refute alternative surface cracking 

mechanisms. Hence, it can be considered that for Udimet 720, the hypothesis is 

proved. Similarly, the consistency of the analyses presented leads to the conclusion 

that the bespoke thermo-mechanical testing method devised to assess hot die 

forgeability is a success, in that it effectively replicates full-scale forging 

conditions. And yet, a scientific hypothesis can arguably never be considered fully 
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proved; the metric for its explanatory power are the instances where it predicts 

the outcome of an experiment. In this vein, the chapter that follows aims to 

provide additional validation and expand the scope of the hypothesis. This is done 

by conducting a full-scale forging experiment for Udimet 720 and performing 

selected analyses on another high γ′ content cast-and-wrought alloys: René 65. 
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9  Further  va l idat i on   

 

The last chapter of this thesis provides additional validation to the findings 

of previous chapters. The objective is twofold. Firstly, validating and comparing 

the novel methodology against conventional testing methods. To this end, a full 

scale forging trial on Udimet 720 is performed, analysed, and compared with the 

relevant laboratory-scale results. The second objective is extending this 

investigation to a second material belonging to the same class of alloys: René 65. 

Thus, selected experiments are conducted on René 65 to establish whether 

parallels can be drawn with the behaviour of Udimet 720. 

The chapter starts by looking at the full-scale forging trial, including 

macroscopic examinations of the resulting workpiece and SEM examinations of 

several regions of interest. The second part of the chapter contains the analyses 

for René 65. Using a condensed version of the experimental suite, DSC is first 

used to track phase transformations and γ′ dissolution and to establish a potential 

hot die forging window for René 65. Then, heat treatments are used to study in 

detail its microstructural evolution in this forging window. Finally, thermo-

mechanical tests are used to explore the forgeability of the material and the 

occurrence of surface cracking in its forging window.  
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9.1 Full-scale forging trials 

A full-scale turbine disc forging trial was conducted by Otto Fuchs KG in 

Meinerzhagen, Germany. The trial involves heating up Udimet 720 material for 

4 hours at 1100°C in a furnace prior to being pre-forged, re-heated, and forged 

into a final shape. Due to material and time constraints, only one full-scale forging 

trial was performed and analysed in this research project. A forging temperature 

of 1100°C is employed, since the hypothesis and previous results indicate that this 

forging temperature triggers the precipitation of large fractions of fine γ′t and thus 

more extensive surface cracking. It is clear that validating the emergence of 

surface cracks and the presence of fine γ′t at 1100°C provides more solid proof for 

the hypothesis than the lack thereof at 1030°C or 1060°C. 

 

Figure 9.1. (A) Schematic of the full-scale Udimet 720 workpiece following hot 

die forging. The points (1 – 11) indicate the location of the tracer points on the 

FEM model of Chapter 5. (B) Section of the full-scale Udimet 720 forged 

workpiece showing surface cracks above tracer point 5 (tangential cracks) and 

tracer point 8 (radial cracks). 
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A schematic of the final shape of the workpiece following hot die forging is 

shown in Figure 9.1. Naturally, this is equivalent to the physical model of 

Chapter 5, where FEM analysis is used to simulate this forging process. The tracer 

points used in those analyses are shown in Figure 9.1. As expected, surface cracks 

are observed with the unaided eye at various surface points of the forging. A 

representative section displaying surface cracks is shown in Figure 9.1B, which 

extends from the surroundings of tracer point 5 to those of tracer point 8. In this 

section, two types of surface cracks are observed. Low depth (< 1 mm) cracks 

extending in the tangential (θ) direction are observed above tracer point 5, 

whereas deep (> 1 mm) cracks in the radial direction (r) exist above tracer point 

8. To determine whether the difference in cracking between these regions is due 

to mechanical (stress, strain) or metallurgical (microstructural) factors, samples 

from both areas are examined via SEM. Figure 9.2 shows BSE micrographs with 

increasing magnification corresponding to the tangential cracks above tracer point 

5; NB tracer point 5 lies 1 mm below the surface. The microstructures are highly 

similar to those observed in the laboratory-scale samples forged at 1100°C. Surface 

cracks advancing intergranularly by coalescence of voids are noted in Figure 9.2A. 

Moreover, voids at the interface between the matrix and the γ′p particles are 

observed up to ∼ 100 µm inside the material, far ahead of the crack tips 

(Figure 9.2A–C). Intergranular γ′p particles are seen that show no sign of 

coarsening or dissolution with respect to the initial (as received) state, suggesting 

effective pinning of the γ grains and no grain growth. 

As expected for a forging temperature of 1100°C, a very small number of 

intragranular γ′s precipitates are observed in Figure 9.2C,D. In line with the 

hypothesis, abundant γ′t precipitates are observed in Figure 9.2C–F. But 

interestingly, these precipitates are to some extent different to those observed in 

the laboratory-scale thermo-mechanical testing specimens. The laboratory-scale 

specimens contain unimodal γ′t precipitates that are finer as the cooling rate 
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Figure 9.2. BSE SEM micrographs with increasing magnification 

corresponding to the tangential cracks (above tracer point 5 in Figure 9.1) on 

the full-scale Udimet 720 forged workpiece. Primary, secondary, and tertiary γ′ 

precipitates are labelled γ′p, γ′s, and γ′t; cracks are labelled ‘CR’ and voids ‘VD’. 
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Figure 9.3. For the full-scale Udimet 720 forged workpiece: BSE SEM 

micrographs with increasing magnification corresponding to tracer point 5 in 

Figure 9.1. Tracer point 5 lies ∼ 1 mm below the surface where tangential cracks 

are found.  Primary, secondary, and tertiary γ′ precipitates are labelled γ′p, γ′s, 

and γ′t. 
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Figure 9.4. BSE SEM micrographs with increasing magnification 

corresponding to the radial cracks (above tracer point 8 in Figure 9.1) on the 

full-scale Udimet 720 forged workpiece.  Primary and tertiary γ′ precipitates are 

labelled γ′p and γ′t; cracks are labelled ‘CR’ and voids ‘VD’. 
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decreases. Conversely, γ′t precipitates in Figure 9.2 are bimodal, with a population 

of larger (∼ 100 nm) precipitates (Figure 9.2C–F) and another population of very 

fine (∼ 10 nm)  precipitates only resolved in  Figure 9.2F. This is believed to be 

caused by slow cooling to temperatures close to γ′s solvus prior to the start of the 

forging operation at the outermost surface region. Indeed, the coarser γ′t 

precipitates suggest a slow cooling rate and are similarly sized to the γ′t observed 

in the laboratory-scale samples forged at 1100°C and a cooling rate of 1°C/s (see 

Figure 8.3C,L). In Figure 9.3, the sub surface region (tracer point 5) contains a 

unimodal distribution of fine γ′t similar to those seen in the laboratory tests for 

cooling rates higher than 10°C/s. Although further investigations are required to 

confirm the mechanism behind the formation of the bimodal γ′t precipitates in 

Figure 9.2, it is noteworthy that these observations are aligned with the 

hypothesis. In particular, the microstructure shows what the hypothesis predicts: 

the near total dissolution of γ′s, the reprecipitation of large amounts of fine γ′t, 

and the concomitant presence of surface cracks. Furthermore, dislocation cells 

and deformation twins are observed in Figure 9.2C–F. This agrees with the results 

of Chapter 8 and suggests that γ′t hinders dislocation motion, increasing 

dislocation density and activating deformation by twinning. 

Figure 9.3 shows BSE micrographs of tracer point 5, i.e. 1 mm below the 

tangential cracks examined in Figure 9.2. No cracks or voids are observed in this 

region. Intergranular γ′p particles are present in the usual condition. Coarse γ′s 

precipitates are seen scattered inside the γ grains (Figure 9.3B–D); there is, 

however, a very limited number of them, indicating that almost total dissolution 

of γ′s occurs. At high magnification, a population of high density fine γ′t is 

observed. Correlating this with the results of thermomechanical testing 

(Figure 8.3 and Figure 8.4), it appears that locally the material undergoes cooling 

at rates higher than 10°C/s. This is in accordance with the FEM simulations, 

which predict a cooling rate of ∼ 10°C at tracer point 5 for a forging temperature 

of 1100°C. The line structure of Figure 9.3E is believed to be a deformation twin; 

despite this, the region has a lower dislocation density compared to the surface. 
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Overall, this microstructure is highly consistent with those observed in the 

laboratory-scale specimens. Since those experiments are designed to simulate this 

forging operation, it is clear that Figure 9.3 constitutes solid validation for the 

accuracy of the method and, by extension, for the hypothesis.  

BSE images of the section of the surface containing radial cracks (above 

point 8) are presented in Figure 9.4. The microstructure is broadly equivalent to 

the region containing tangential cracks. Figure 9.4A,B shows γ′p in the usual 

condition, surface cracks growing by coalescence of voids at the interface of γ′p, 

and a high density of voids extending at least ∼ 100 µm inside the workpiece. No 

γ′s precipitates are detected, indicating that locally all γ′s has dissolved. A bimodal 

distribution of γ′t is observed in Figure 9.4C–F; this is accompanied by a large 

number of twins, high dislocation density, and dislocation cells. 

Once established that the sections of the surface displaying low depth 

tangential cracks or deep radial cracks have equivalent microstructures, it is clear 

that the local mechanical states (stress and strain) drive cracking severity. The 

differences in cracking can be rationalised using a strain based approach, 

commonly employed on workability diagrams [184]. The FEM simulations 

presented in Figure 5.7 predict that at tracer point 5, the radial strain at the end 

of deformation is εr ∼ 0.53, the tangential strain is εθ ∼ 0.18, and the axial strain 

εz ∼ – 0.74. In turn, the strain components at the tracer point 8 are εr ∼ 0.05, 

εθ ∼ 0.19, and εz ∼ – 0.25. Surface cracks grow under tensile stress and are 

hampered by compression. Hence, it is believed that tangential cracks appear 

above tracer point 5 due to the significant radial strain but are absent at tracer 

point 8, where radial strain is lower. Conversely, radial cracks are driven by 

tangential strains. Tangential strains are equivalent at both tracer points, but at 

tracer point 5 their growth is hampered by the high compressive axial strain – 

and as a consequence they only emerge above tracer point 8. Although this matter 

is not explored in further depth in this section, determining the stress and strain 

conditions that lead to fracture (fracture loci) for each forging temperature and 
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cooling rate is a natural future step of this project; this will be discussed in 

Chapter 10. Overall, the results presented in this section are in good agreement 

with previous findings and provide further support to the hypothesis.  

9.2 Second alloy system: René 65 

The analyses that follow pertain to René 65. This is a cast-and-wrought 

alloy for turbine disc applications derived from the P/M alloy René 88DT. It has 

a fγ′ ∼ 40% and is forgeable via hot die forging and ring-rolling [54,216]. The 

composition of René 65 is provided in Section 3.1. 

9.2.1  Thermal analysis 

The DSC thermogram of René 65 from initial (as-forged) state is shown in 

Figure 9.5. The figure also shows the thermogram of Udimet 720 from as-forged 

state for comparison purposes. For René 65, an endothermic occurs between 

∼ 600°C and ∼ 900°C that is believed to correspond to the onset of γ′ dissolution, 

specifically the dissolution of γ′t. This event overlaps with another endothermic 

peak that starts at ∼ 880°C and lasts until ∼ 1080°C, and which is associated to 

the dissolution of γ′s. The maximum deviation from the baseline for this peak 

occurs at ∼ 1065°C, which is therefore the temperature where γ′s dissolution is 

maximum. A final endothermic peak occurs between ∼ 1080°C and ∼ 1200°C due 

to the dissolution of intergranular γ′p. No other phase transformations are 

identified. 

The DSC thermograms of René 65 and Udimet 720 are highly similar. Yet 

importantly, the event corresponding to the dissolution of γ′s for René 65 is shifted 

down by ∼ 30°C with respect to Udimet 720. Since it has been demonstrated that 

for Udimet 720 surface cracking is controlled by γ′s, a potential forging window 

can be established for René 65 by shifting down accordingly the forging window 
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of Udimet 720 (1030°C – 1100°C) by 30°C. Hence, the forging temperatures 

considered for René 65 in subsequent sections are 1000°C, 1030°C, and 1070°C. 

As it will be seen below, this assumption yields successful results, demonstrating 

that DSC together with the Udimet 720 benchmark can be used to establish the 

working window of this class of alloys in a straightforward manner.  

 

Figure 9.5.  DSC thermogram of René 65 and Udimet 720 material in the as-

received state. The bottom figure is a close-up version of the γ′s dissolution 

window shown at the top. The indicated temperature of maximum dissolution 

of γ′s and the γ′s solvus correspond to René 65. 
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9.2.2  Heat treatments 

Figure 9.6 displays SEM images of γ-etched René 65 in as-forged state, 

prior to heat treatment. The material highly resembles Udimet 720 in as-received 

condition (Figure 4.2). Firstly, intergranular γ′p particles are observed in 

Figure 9.6A,B with similar sizes (∼ 5 µm) and area fractions. Moreover, the γ 

grains are filled with moderately aged γ′s precipitates which are butterfly shaped 

and, in some cases, split. Although their size is also similar (∼ 100 nm) to those 

of Udimet 720, their area fraction is noticeably lower. This is consistent with the 

literature, where fγ′ is reported to be ∼ 4% lower for René 65, and the Thermo-

Calc results in Figure 4.8. Furthermore, a limited number of γ′t precipitates are 

seen in Figure 9.6C,D, particularly in the proximity of grain boundaries. 

 

Figure 9.6.  SE SEM images with increasing magnification of René 65 material 

in the initial (as-forged) state. The sample is γ-etched electrolytically using a 

10% phosphoric acid solution. 
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René 65 material was heat treated for 20 minutes or 4 hours at 

temperatures of 1000°C, 1030°C, or 1070°C followed by water quenching. SEM 

micrographs of the resulting samples are shown in Figure 9.7. At low 

magnification (Figure 9.7A– F), γ′p particles are visible for all conditions. These 

look equivalent to the as-received condition, confirming that below ∼ 1080°C no 

γ′p dissolution occurs. No grain growth is noticeable for any configuration, 

suggesting that γ′p is effective at pinning the γ grains up to 1070°C.  

In the medium magnification images (Figure 9.7G–L), intergranular γ′s 

precipitates are visible for all conditions except the sample heat treated at 1070°C 

for 4 hours. As expected, the fraction of γ′s decreases with temperature. The fact 

that the sample heat treated at 1070°C for 4 hours does not contain γ′s 

precipitates is broadly consistent with the γ′s solvus obtained via DSC (∼ 1080°C). 

Incomplete coarsening of the γ′s precipitates is observed in the samples heat 

treated for 20 minutes, indicating that this time does not suffice to achieve 

equilibrium. This is most clearly seen in the samples heat treated at 1030°C, where 

the 4 hours condition (Figure 9.7K) contains fewer and significantly coarser γ′s 

than the 20 minutes condition (Figure 9.7H). Furthermore, as noted above, for a 

temperature of 1070°C γ′s are only observed in the sample heat treated for 20 

minutes.  

At the highest magnification (Figure 9.7M–R), it is seen that the γ′s 

precipitates have changed in shape: from butterfly shaped before heat treatment 

to spherical after it. No γ′t are observed for any condition. It is noteworthy that 

for Udimet 720, the sample heat treated at the highest temperature (1100°C) for 

4 hours does show γ′t precipitation upon water quenching. The lack of visible γ′t 

precipitation for René 65 is likely due to its lower fγ′. It is expected that 

precipitation of very fine γ′t occurs but cannot be resolved through SE SEM on 

γ-etched specimens. This could be confirmed with BSE SEM or TEM. Despite 

this difference, it is clear that the microstructures of René 65 and 

 



9 
 

 

Figure 9.7.  SE SEM images of heat treated René 65 specimens at low 

magnification (A – F), medium magnification (G – L), and high magnification 

(M – R). Primary and secondary precipitates γ are labelled γ′p and γ′s. 
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Udimet 720 evolve similarly with temperature and heat treatment time in their 

hot die forging windows. In short, René 65 behaves largely like Udimet 720 but 

shifting down the relevant temperatures by – 30°C. This finding is employed in 

the mechanical tests that follow. 

9.2.3 

Once a potential forging window for René 65 is determined through DSC 

and heat treatments, the next step of the experimental suite consists of conducting 

thermo-mechanical Gleeble compression tests to appraise the occurrence of surface 

cracking under different forging conditions. Strictly speaking, heat treatments 

would be followed by FEM simulations to predict the range of relevant thermal 

and mechanical variables during hot die forging. However, this lengthy step can 

be bypassed on account of the similarities between Udimet 720 and René 65 by 

making the following assumptions: 

▪ This research project focuses on the hot die forging of Udimet 720 and 

René 65 into turbine discs. Despite certain differences in the constitutive 

behaviour of the two alloys (see Figure 9.8), the FEM analyses of Chapter 

5 are assumed to be a reasonable approximation to the deformation path 

of René 65 forging stock material into a turbine disc. Hence, thermo-

mechanical testing is conducted using the same nominal strain (ε = 0.8) 

and strain rates (ε̇  = 0.1) employed for Udimet 720. 

▪ René 65 and Udimet 720 have similar chemistries; thus, their thermal 

properties are assumed to be sufficiently similar so that the thermal 

evolution analyses of Chapter 5 remain valid. Because of this, thermo-

mechanical tests are conducted using the same cooling rates of 1°C/s, 

10°C/s, and 30°C/s. 

▪ The forging window for René 65 is shifted by – 30°C with respect to 

Udimet 720. Therefore, the forging temperatures (T0) employed are 
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1000°C, 1030°C, and 1070°C; likewise, the final temperature (Tf) is 850°C. 

The interested reader is referred to Figure 6.4. to review what these 

variables denote in the thermo-mechanical testing cycle. 

The stress versus strain curves for selected René 65 and Udimet 720 

specimens are shown in Figure 9.8. As noted above, significant differences are 

observed for the specimens deformed following cooling at slow rates of ϴ = 1°C/s 

(Figure 9.8A,B). These disparities warrant further investigation, yet the fact that 

the curves start to diverge at yield suggests that deformation inhomogeneities 

may be at play once plastic deformation starts. The curves corresponding to high 

 

Figure 9.8.  Stress versus strain curves for selected René 65 (blue) and 

Udimet 720 (red) cylindrical specimens deformed at different forging 

temperatures and cooling rates: A: (1030°C; 1°C/s); B: Udimet 720 (1060°C; 

1°C/s), René 65 (1070°C; 10°C/s); C: (1030°C; 30°C/s); D: Udimet 720 (1060°C; 

30°C/s), René 65  (1070°C, 30°C/s).  
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cooling rates (Figure 9.8C,D) are in close agreement, with René 65 showing a 

higher flow stress for a forging temperature T0 = 1030°C and Udimet 720 having 

a higher flow stress at T0 = 1060°C versus T0 = 1070°C. Although this may seem 

surprising on account of Udimet 720’s higher γ′ fraction, it is consistent with the 

hypothesis of this thesis. In particular, since the γ′s solvus of René 65 is ∼ 30°C 

lower than for Udimet 720, more dissolution of γ′s precipitates will have occurred, 

and the observed strengthening is due to its reprecipitation as γ′t. 

 

Figure 9.9. Representative René 65 cylindrical samples tested at different 

forging temperatures (T0) and cooling rates (ϴ). The forging temperature for 

each sample is indicated at the top of its column; the cooling rate is indicated 

at the left of its row. The background colour denotes the degree of cracking as 

per the gradient legend below. The (1030°C, 10°C/s) and the (1030°C, 30°C/s) 

samples show small cracks that are not resolved on the macroscopic 

photographs. 
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Figure 9.9 shows representative cylindrical samples tested using the 

parameters detailed above. Similarly, Figure 9.10 shows three representative 

double cone specimens tested at different cooling rates for a forging temperature 

of 1070°C. It ought to be noted that – due to time and material constraints – 

these results are partial and affected by two main limitations. Firstly, results for 

all forging temperatures and cooling rates are available for the cylindrical 

specimens (Figure 9.9) but not the double cones. Secondly, final axial strains of 

0.4 – 0.5 are achieved despite the nominal target being 0.8. This hinders one-to-

one comparisons with Udimet 720, but the partial results provide valuable insight 

into the thermo-mechanical behaviour and the occurrence of surface cracking for 

René 65. 

 

Figure 9.10.  Selected René 65 double-cone samples tested at different cooling 

rates (ϴ) for a forging temperature (T0) of 1070°C. The background colour 

denotes the degree of cracking as per the gradient legend below. 
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In Figure 9.9, a clear pattern is noted whereby surface cracking increases 

along the main diagonal. In other words, cracking increases with both the cooling 

rate and the forging temperature. In particular, no cracking is observed for any 

of the 1000°C samples. For a forging temperature of 1030°C, the sample cooled 

at 1°C/s shows no cracking, whereas the samples cooled at 10°C/s and 30°C/s 

show limited cracking. Conversely, for a forging temperature of 1070°C, cracking 

shifts from very limited at 1°C/s to significant at 10°C/s and complete cracking 

at 30°C/s. The same behaviour is noted for the double cone specimens  tested at 

1070°C (Figure 9.10): the low cooling rate conditions show no cracking, and 

surface cracking increases with the cooling rate. It appears that surface cracking 

for René 65 could be as sensitive to the forging temperature as to the cooling rate. 

For example, both a cooling rate of 1°C/s and a forging temperature of 1000°C 

result in no cracking irrespective of the other variable. This is unlike Udimet 720, 

where at the highest cooling rate, substantial cracking occurs for all forging 

temperatures, indicating greater sensitivity to the cooling rate. This, however, 

requires further exploration given that the results for René 65 correspond to lower 

final axial strains. 

The hot die forging window for René 65 is concluded to extend from 1000°C 

to 1030°C, both of which are suitable forging temperatures. Overall, the thermo-

mechanical testing results are highly aligned with those of Udimet 720 and the 

hypothesis. With the caveats discussed above, the data suggest that forging 

René 65 at or close below its γ′s solvus temperature (∼ 1080°C) results in extensive 

surface cracking, and that cracking is aggravated by high cooling rates. On the 

other hand, reducing the cooling rate or lowering the forging temperature into the 

1000°C to 1030°C range – where substantial fractions of γ′s remain undissolved – 

results in limited to no surface cracking. 
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9.3 Conclusions 

The results presented and discussed in this chapter provide additional 

validation and expand on the findings of previous chapters. The main conclusions 

can be summarised as follows: 

▪ The full-scale hot die forging of a Udimet 720 turbine disc at a forging 

temperature of 1100°C was successfully completed. As predicted by the 

hypothesis, for this temperature significant surface cracking is observed in 

several sections of the workpiece. 

▪ The SEM analyses of these sections show that surface cracking is associated 

with the complete or near complete dissolution of γ′s precipitates and their 

reprecipitation as very fine γ′t precipitates. This is a key result, as it not 

only further validates the hypothesis. It also proves that the laboratory-

scale thermo-mechanical tests are an accurate model of full-scale hot die 

forging. 

▪ A disparity is identified whereby the microstructures of regions directly on 

the surface contain coarser γ′t precipitates than in regions 1 mm below the 

surface. Further research is required to elucidate this phenomenon; 

importantly, this result does not contradict the hypothesis. 

▪ A condensed version of the experimental suite developed for Udimet 720 is 

employed for René 65. DSC and heat treatments show that the 

microstructure of René 65 evolves with temperature very similarly to 

Udimet 720, but the dissolution of γ′s precipitates is shifted down by 

– 30°C. 

▪ Thermo-mechanical compression tests are adapted accordingly by shifting 

the forging temperatures and final temperature by – 30°C. The results 

suggest that the γ′s mechanism that controls surface cracking for Udimet 
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720 also operates in René 65 and, presumably, other highly γ′-reinforced 

cast-and-wrought nickel-based superalloys.  

▪ This discovery and the successful application of the experimental suite to 

a second alloy paves the way for improved processing of these alloys. In 

particular, it is shown that DSC, targeted heat treatments, and selected 

thermo-mechanical tests can be used to determine the hot die forging 

window of an alloy in a straightforward manner.  

This chapter concludes the presentation, analysis, and discussion of the 

results obtained in this research project. The chapter that follows summarises the 

main conclusions of this work and discusses their scientific and industrial 

significance. It also outlines several proposals for further work. 
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1 0  Conc lu s i on s  and  fu tu r e  work  

 

This work substantially advances the current understanding of the forging 

of highly γ′-reinforced cast-and-wrought superalloys. Although forgeability is 

investigated holistically, the focus has been on the emergence of surface cracking 

– a phenomenon that has received virtually no attention despite its high relevance. 

Through a series of key findings, this work challenges established notions in 

industrial practice and provides evidence-based scientific insights to reduce 

environmental impacts and drive cost efficiencies. It does so by using experimental 

and conceptual tools to link the macroscopic thermo-mechanical behaviour of 

these alloys with the microstructural phenomena that govern cracking. To this 

end, a novel forging simulation methodology and a conceptual framework have 

been devised. The work is, thus, both scientifically and industrially relevant.  

The last chapter of this thesis starts with a summary of the main findings 

of the project. Then, several lines of further work are suggested to advance the 

knowledge on this subject leveraging these findings. 
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10.1 Conclusions 

10.1.1 Development of a forging simulation method to study surface 

cracking 

A novel experimental method was devised to investigate at laboratory-

scale surface cracking and chilling effects in hot die forging of high γ′ content 

cast-and-wrought alloys. The method uses a Gleeble 3800-GTC thermal-

mechanical simulation system to replicate hot die forging through compression 

tests on double cone and cylindrical specimens. A multi-step thermo-mechanical 

cycle is used to mimic the die chilling effects characteristic of hot die forging. 

Finite element analyses are used to estimate the evolution and distribution of the 

relevant variables (temperatures, strains, strain rates) in full-scale forgings and 

feed into the forging simulation. The method serves to investigate hot die 

forgeability in a broad sense – microstructure, flow stress, and defects – but it is 

unique in that it is designed to target specifically the occurrence of surface 

cracking.  

The complexity of researching hot die forging – and in particular surface 

cracking – through laboratory-scale tests lies in attaining for small scale specimens 

microstructural, thermal, and evolutions representative of full-scale forgings. To 

this end, FEA was employed to optimise the specimen geometry and demonstrate 

that the temperatures, cooling rates, stresses, strains, and strain rates seen by the 

specimens are equivalent to the forging of a turbine disc. In particular, that the 

secondary tensile stresses that drive surface cracking are comparable for the 

laboratory specimens and full-scale forgings. Out of the three geometries 

considered during specimen design, cylinders and double cones were selected 

following finite element analyses. Cylinders are the standard sample of the Gleeble 

thermal-mechanical simulation system and deliver slightly better thermal control. 

Double cones deliver a gradient of stresses and strains across the surface and 

higher secondary tensile stresses which are beneficial to study surface cracking. 
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Crucially, heat treatments and EM investigations showed that specimens need to 

be heat treated prior to thermo-mechanical testing to achieve microstructural 

equivalence.  

The methodology was shown to be effective and robust. For Udimet 720, 

it delivered a wide range of surface cracking states for different forging 

temperatures and cooling rates. Since the method is designed to study specifically 

the occurrence of surface cracking, the key evidence of its success is that it 

reproduces on small scale specimens the surface cracks that have been reported 

to occur on full-scale Udimet 720 workpieces for some forging parameters. Double 

cone specimens were shown to be particularly robust for assessing susceptibility 

to surface cracking, confirming the essential role of large secondary tensile stresses 

in cracking. Cylindrical samples also result in satisfactory outcomes, but surface 

cracking occurred in a less controlled fashion. Furthermore, the results showed 

that panoramic imaging, image analysis, and statistical analysis are an effective 

supplement to the method; through these, a reliable model can be built and used 

to find states of minimum cracking in the forging design space. A full-scale Udimet 

720 workpiece was hot die forged to validate the results; the laboratory- and full-

scale tests were found to be highly consistent, demonstrating the accuracy of the 

method.  

To the knowledge of the author, this is the first study where hot die forging 

simulation was successfully employed to produce laboratory-scale testing 

specimens showing varying degrees of cracking as a function of the forging 

parameters. Thus, the method paves the way for a better scientific understanding 

of the phenomenon as well as knowledge transfer to industrial practice, where 

surface cracking poses a major problem 
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10.1.2 Establishing the processing route for Udimet 720 

The novel methodology was used to study the forgeability of Udimet 720. 

DSC was successfully employed to study the dissolution of the multimodal γ′ 

phase. In particular, it was shown that DSC can be used to determine the solvi 

of γ′t (∼ 840°C) and γ′s (∼ 1110°C) that were previously unreported for 

Udimet 720. Heat treatment and EM analyses revealed that at 1150°C partial γ′p 

dissolution and significant grain growth occur. Thus, the potential hot die forging 

window was established as 1000°C – 1100°C. FEA simulations were used to 

estimate the evolution of key thermo-mechanical variables during the forging of 

a turbine disc – which were fed into the thermo-mechanical forging simulation 

method.  

Thermo-mechanical tests showed that for a constant deformation 

temperature (Tf), surface cracking correlates positively with the cooling rate and 

the forging temperature in the 1000°C – 1100°C temperature range. Severe 

cracking appears for high cooling rates and forging temperatures, while limited to 

no surface-cracking occurs for lower cooling rates and forging temperatures. 

Importantly, cracking appeared to be more sensitive to the cooling rate than to 

the forging temperature. Quantitative data obtained via panoramic imaging and 

image analysis supported these results, as did the multiple linear regression model 

built with these data. The forging of a full-scale workpiece at 1100°C validated 

the finding that substantial surface cracking occurs at this forging temperature. 

Stress versus strain data revealed that the ductility drop was associated to 

hardening (higher stress flows).  

Based on the regression model and the cooling rates obtained via FEA, the 

hot die forging window for Udimet 720 was concluded to be ∼ 1030°C – 1040°C. 

This is a relevant result that can improve the industrial processing of the alloy. 

Yet the most remarkable implication of the findings discussed above is that they 

contest the idea that the optimal forging window for high γ′-reinforced cast-and-
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wrought lies below but close to the γ′ solvus. Instead, they suggest that lower 

forging temperatures improve ductility and reduce surface cracking. These results 

are subject to certain limitations. Most notably, a limited number of specimens 

and conditions were tested, and the final strain attained was not fully consistent 

across specimens. Although the physical trends noted above are well 

substantiated, the limitations affect the accuracy of e.g. the regression model and 

the forging window. Several further work proposals to overcome these limitations 

are presented in Section 10.2 below. 

10.1.3 Microstructural origins of the constitutive behaviour  

A hypothesis was presented to explain this phenomenon. It postulates that 

decreased ductility and more extensive surface cracking follow the dissolution of 

increasing amounts of γ′s at higher forging temperatures and its reprecipitation 

as highly reinforcing γ′t precipitates owing to die chilling.  

The hypothesis was tested through extensive experimental explorations. 

Four-hour heat treatments revealed the dissolution of increasing amounts of γ′s 

in the 1000°C – 1100°C range, with negligible fractions of γ′s remaining 

undissolved at 1100°C (i.e. 10°C below γ′s solvus). They also showed that γ′p is 

almost unaffected in this range of temperatures, thereby precluding undesirable 

grain growth. In addition, the thermo-mechanically tested specimens were 

analysed via EM. The results were in agreement with the observations noted 

above for γ′s and γ′p. Crucially, larger amounts of γ′t were found in the severely 

cracked samples forged at higher temperatures. Similarly, evidence was presented 

that higher cooling rates at the same forging temperature lead to finer γ′t 

precipitates and more extensive surface cracking. These observations all align with 

the hypothesis. EBSD was employed to confirm that no significant grain growth 

or crystallographic texture occurs in the forging window, and EDX showed no 

compositional effects in the surroundings of the surface cracks. These results 

allowed rejecting other explanations for the unexpected drop of ductility – such 
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as abnormal grain growth. Considering the substantial evidence supporting the 

hypothesis and having rejected alternative mechanisms, the hypothesis was 

considered proved. 

Fractographic analysis showed that for all forging temperatures and 

cooling rates, surface cracking is primarily intergranular. Moreover, surface cracks 

were found to be accompanied by internal voids, with void density correlating 

positively with the severity of surface cracking. BSE examinations suggested a 

common surface fracture mechanism: void nucleation and growth by decohesion 

at the particle-matrix interface and surface crack growth by coalescence of the 

voids. In addition, EM data suggested that dislocation motion is the dominant 

deformation mechanism at lower forging temperatures and cooling rates, whereas 

for higher cooling rates and forging temperatures it is accompanied by twinning. 

10.1.4  Forgeability of new generation cast-and-wrought superalloys 

Considered together, the forging simulation and microstructural 

examinations lead to a clear conclusion: surface cracking and forgeability for 

Udimet 720 are controlled by the dissolution of γ′s. To determine whether this 

result applies to other highly γ′-reinforced cast-and-wrought superalloys, the 

forgeability of a second commercial alloy – René 65 – was investigated using a 

condensed version of the experimental suite developed for Udimet 720. 

DSC and heat treatments showed that the microstructural evolutions with 

temperature are highly similar for both alloys, but for René 65 the γ′s dissolution 

window is ∼ 30°C below that of Udimet 720; the γ′s solvus temperature for René 

65 was determined to be ∼ 1080°C. Forging simulation experiments were 

conducted employing the same cooling rates but decreasing the forging 

temperatures accordingly by 30°C. The same pattern was observed whereby 

higher forging temperatures and cooling rates correlate positively with surface 

cracking severity, validating the hypothesis.  
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Therefore, the optimal hot die forging window for highly γ′-reinforced cast-

and-wrought superalloys does not lie below but close to the γ′ solvus – but to the 

γ′s solvus. This is arguably the most significant result of this research project and 

holds dual relevance. From a technological standpoint, it provides a simple yet 

robust guideline for the industrial forging of these alloys. Scientifically, it expands 

the understanding of the relationship between composition, microstructural 

evolution, processing, and properties for nickel-based superalloys. This new 

knowledge is complemented by the investigations on how deformation and surface 

fracture occur at the micro-scale.  

As a final remark, the investigation for René 65 showed that a condensed 

version of the set of experiments employed for Udimet 720 suffices to establish 

the forging window. This set of experiments – DSC, heat treatments, and forging 

simulation on a Gleeble thermo-mechanical simulator – was proved to be an 

effective experimental suite to explore hot die forgeability. The experimental suite 

could include with panoramic imaging, crack quantification, and statistical 

analysis as described in Section 7.3, which could not be completed for René 65 

due to time constraints. 

10.2 Further work 

In the previous section, several limitations of this work have been 

discussed. And naturally, while this research project was bounded in time, 

research itself has no end, and new findings give rise to new research questions. 

This section presents several proposals for further work to expand on the results 

of this project and answer some of these questions. These proposals revolve around 

modelling the evolution of γ′ PSD leveraging the data produced in this project, 

developing a FEA cracking criterion and linking it to that microstructural 

evolution model, investigating the microstructural deformation and fracture 

mechanisms in further depth via advanced EM techniques, improving the forging 
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simulation technique, and using these to investigate other forging parameters and 

alloy systems. 

Modelling the kinetics of γ′ dissolution and reprecipitation 

In this research project, it has been established that for highly γ′-reinforced 

cast-and-wrought superalloys, surface cracking and hot die forgeability are 

controlled by the γ′ PSD. Substantial data were produced on the γ′ PSD of 

Udimet 720 during typical hot die forging operations – including particle size and 

volume fraction for the various populations of precipitates. Data were also 

obtained for René 65 in the form of SEM micrographs. These data allowed 

understanding the microstructural evolution during heat treatment and thermo-

mechanical testing, and in particular the relationship between forging 

temperature and cooling rate and γ′ PSD.  

However, the γ′ PSD is only known with accuracy for the discrete 

temperatures and cooling rates that were tested experimentally. Thermodynamic 

simulations were used to obtain fγ′ as a function of the temperature for both 

alloys, but these models are limited by the non-equilibrium (kinetic) nature of 

microstructural evolution during hot die forging. There is, therefore, significant 

value in developing analytical or numerical tools to predict the kinetics of PSD.  

Kinetic modelling could be used to predict the dissolution and coarsening 

of γ′ when the material is heated up prior to forging as well as the reprecipitation 

of γ′ driven by die chilling. The former phenomenon could be simulated using the 

Lifshitz, Slyozov, and Wagner (LSW) theory or semi-analytical models calibrated 

by experiments [264–266]. Combined with FEA heat transfer simulations, such a 

model would allow optimising the furnace time of workpieces. By determining the 

minimum time required at T0 before deformation to achieve the desired 

microstructure homogeneously across the workpiece, furnace time and hence 

energy waste could be minimised. Likewise, the reprecipitation of γ′ could be 
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modelled through semi-analytical models; for example, Masoumi et al. [78] 

employed a modified Johnson-Mehl-Avrami (JMA) model to study the 

precipitation of γ′ during cooling for alloy AD730TM. Coupled with the previous 

model, it would allow obtaining the evolution of γ′ PSD throughout the entire 

hot die forging operation, which is key to controlling surface cracking. 

Development of a surface crack criterion and FEA integration 

The investigations on laboratory-scale and full-scale workpieces 

demonstrated that surface cracking is the result of γ′-driven embrittlement 

combined with specific stress and strain states. In particular, it was shown that 

surface cracking requires substantial secondary (strain induced) tensile stresses 

and that cracking severity correlates positively with strain. Yet similarly to the 

microstructural case discussed in the previous section, forging simulation 

experiments only revealed the severity of surface cracking for the limited range of 

strains that were tested experimentally. Hence, a criterion to determine whether 

a local stress and strain state will result in surface cracking would be a highly 

valuable design tool. There are, however, significant challenges: any such criterion 

would be specific to a particular microstructure. Besides, it would need to account 

for the fact that the deformation path affects cracking; for example, compression 

stresses can close voids and cracks. 

 In addition, experimental investigations showed that a gradient of voids 

occurs ahead of the crack front. The surface cracking model could be developed 

to predict this deleterious phenomenon; for example, through a function that takes 

stresses and strains as arguments to produce the density of cracking as output. 

Ultimately, the ideal hot die forging modelling suite would couple microstructural 

evolution and macroscopic (FEA) thermo-mechanical and cracking predictions. 

This, however, would require an intermediate step: building a model capable of 

delivering a constitutive equation for each γ′ PSD configuration. 
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Enhancing strain control and streamlining the forging simulation 

method 

The main experimental limitation encountered in this research project 

concerned the control of axial strain during the forging simulation experiments. 

Due to the very high strength of these alloys, the Gleeble thermo-mechanical 

simulator did not provide consistent final strain outputs. Although a satisfactory 

range of strains was finally achieved, there is significant value in improving the 

strain control of the apparatus. This would allow more accurate and 

straightforward comparisons between samples and reduce the number of invalid 

samples, hence driving efficiencies. A straightforward means to accomplish it 

would be reducing the size of the samples. Alternatively, a different system could 

be employed, such as Instron’s Electro-Thermal Mechanical Testing System 

(ETMT). 

Moreover, there is scope for streamlining the forging simulation 

investigations. For example, in this research project, panoramic imaging was 

conducted using an SEM. This provided high resolution panoramic images that 

allowed resolving small-scale features – such as voids. However, it is worth 

investigating whether the cracked area of thermo-mechanically tested specimens 

can be measured with sufficient accuracy using an optical microscope. This could 

be significantly less time consuming than the SEM route employed here, and it 

would allow generating more data to feed the multiple linear regression model for 

improved accuracy.  

Additional EM microstructural investigations  

The deformation and fracture mechanisms driving surface crack growth 

were explored in this work. SEM investigations suggested that when large 

fractions of fine γ′t precipitates hamper dislocation glide, deformation twinning 

becomes a significant deformation mechanism. Deformation twinning is generally 

considered a relevant mechanism at low homologous temperatures or high strain 
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rates. Yet investigations by Fahrmann and Suzuki [134] for Udimet 720 and Kienl 

et al. [94] for ATI 718Plus® question that notion. The results of this project are 

highly aligned with those of Fahrmann and Suzuki, adding evidence to the need 

to revisit this idea. 

In this work, SEM and EBSD were employed to observe deformation 

twinning. While structures believed to be deformation twins were consistently 

observed through SEM, they could not be detected via EBSD – possibly due to 

lack of resolution. There is thus ample scope for using other techniques – such as 

electron channelling contrast imaging (ECCI), TEM, or t-EBSD – to explore the 

deformation mechanisms active for different thermo-mechanical processing 

parameters. This investigation has scientific relevance. For example, it could shed 

light on the mechanism whereby twins nucleate and grow; but it would also 

expand the overall understanding of deformation for these alloys, which is crucial 

to inform the solution to current and future applied challenges. Ultimately, a 

better understanding of these phenomena could serve as basis to develop a 

physics-based model to predict cracking. 

Investigating additional test parameters and alloy systems 

This investigation has focused on the die chilling effect characteristic of 

hot die forging and its impact on surface cracking. Accordingly, thermo-

mechanical experiments were conducted using different cooling rates and forging 

temperatures, and other relevant parameters – such as the strain or the strain 

rate – representative values were obtained via FEA simulations and were fixed 

for all experiments. However, in full-scale forging the strain and the strain rate 

can be controlled by adjusting the geometry of the dies and the deformation speed, 

respectively. Expanding the thermo-mechanical experiments to investigate how 

different strains and strain rates affect surface cracking would allow expanding 

the prediction power of the statistical model for industrial applications. Similarly, 

studying how deformation kinetics (via the strain rate) affects cracking and which 
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deformation and fracture mechanisms are at play is highly scientifically relevant 

and would be aligned with the additional EM microstructural investigations 

proposed above. Similarly, this work could leverage the proposal above concerning 

streamlining the forging investigations and improving strain control. 

Finally, Udimet 720 has been employed in this work, and the results 

obtained for this alloy were compared with a similarly composed alloy: René 65. 

There is clear value in expanding this investigation to account for the effect of 

chemical composition. This could include new generation highly γ′-reinforced cast-

and-wrought superalloys such as AD730TM or the niobium rich VDM Alloy 780, 

as well as bespoke compositions.  
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